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PREFACE 


Oxide  materials  are  emerging  as  potential  candidates  for  a  variety  of  existing  and  new  opto¬ 
electronic  and  microwave  applications.  Critical  to  enabling  this  development  is  the  need  to 
have  high-quality  materials  and  to  be  able  to  construct  viable  heterostructures.  Considerable 
progress  has  been  made  in  the  last  few  years  on  the  fabrication  and  processing  of  a  diverse 
variety  of  high-quality,  metal  oxide  films  for  application  as  active  components  in  a  new 
generation  of  electronic  devices.  The  existence  of  improved  films  has  subsequently  enabled  a 
deeper  understanding  of  both  the  oxides'  intrinsic  properties  and  their  potential  application  in 
real  world  electronics.  Because  of  their  special  properties  or  combinations  thereof,  oxide  films 
are  leading  to  new  classes  of  devices  as  well  as  potentially  replacing  some  common 
semiconductor  devices.  This  symposium  focused  on  the  materials  growth,  characterization, 
processing,  and  application  of  oxide  films  employed  as  the  active  elements  in  devices. 

The  symposium  "Materials  Science  of  Novel  Oxide-Based  Electronics"  was  held 
April  24-27,  2000  at  the  2000  MRS  Spring  Meeting  in  San  Francisco,  California.  There  was  a 
diverse  collection  of  just  over  100  papers,  which  dealt  with  a  broad  spectrum  from  new  device 
designs  and  theory  to  materials  deposition.  The  symposium  and  proceedings  volume  are 
organized  into  topical  areas: 

▼  Applications 

▼  New  Ideas  and  Magnetism 

▼  Ferroelectrics  and  Related  Materials 

▼  Transparent  Conductors 

T  Film  Deposition  Methods 

There  were  significant  new  developments  reported  in  each  of  these  areas.  This  has  lead  to  the 
repetition  of  this  general  symposium  topic  at  the  20001  MRS  Spring  Meeting.  It  is  an  exciting 
time  for  the  emerging  field  of  oxide-based  opto-electronics  and  microwaves.  A  new 
understanding  of  basic  materials  properties  is  being  combined  with  the  development  of  novel 
heterostructures  to  lead  to  whole  new  classes  of  devices  potentially  affecting  everything  from 
energy  conversion  to  computer  memory. 


David  S.  Ginley 
John  D.  Perkins 
Hiroshi  Kawazoe 
Dennis  M.  Newns 
Andrey  B.  Kozyrev 

August  2000 
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ABSTRACT 

A  room  temperature  oxide  channel  field  effect  transistor  with  the  channel  on  the  surface 
was  recently  demonstrated  at  IBM  which  showed  switching  characteristics  similar  to 
conventional  silicon  FETs.  In  this  paper  we  introduce  a  new  architecture  for  the  oxide  channel 
transistor  where  the  oxide  channel  material  is  buried  below  the  gate  oxide  layer.  This  buried 
channel  architecture  has  several  significant  advantages  over  the  surface  channel  design  in 
coupling  capacitance,  channel  mobility,  and  channel  stability.  W e  will  discuss  the  design  and 
fabrication  of  the  buried  channel  oxide  FET  and  we  will  present  results  from  these  devices  which 
demonstrate  a  higher  transconductance. 

INTRODUCTION 

The  drive  toward  higher  density  semiconductor  integrated  circuits  has  been  fueled  for 
decades  by  the  scalability  of  silicon  MOSFET  technology.  Unfortunately  there  are  fundamental 
physical  effects  which  might  limit  the  scaling  of  this  technology  beyond  30  nm.[l]  Driven  by  the 
search  for  a  potentially  scalable  technology,  a  novel  field  effect  transistor  (FET)  has  recently 
been  proposed  [2-5]  which  utilizes  a  material  capable  of  undergoing  the  Mott  metal-insulator 
transition  [6-8]  as  the  channel  material.  Such  an  FET  is  similar  to  a  conventional  silicon 
MOSFET  in  that  there  are  source  and  drain  electrodes  on  either  end  of  a  channel  and  a  gate  oxide 
and  gate  electrode  which  produce  a  field  terminating  in  the  channel.  The  channel,  however, 
consists  of  a  material  capable  of  undergoing  the  Mott  metal-insulator  transition  rather  than  a 
semiconductor.  A  Mott  insulator  is  a  material  in  which  the  electrons  are  localized  as  a  result  of 
the  Coulomb  interaction  between  electrons  rather  than  due  to  the  ionic  potential  as  in  most 
insulators.  In  our  devices  the  transition  between  insulating  and  metallic  states  of  the  channel  is 
induced  by  the  gate  field  leading  to  strong  switching  characteristics.  One  promising  class  of 
oxide  materials  for  the  channel  is  the  cuprate  family  of  perovskite  structure  materials  related  to 
high  temperature  superconductors.  Due  to  the  widespread  interest  in  high  temperature 
superconductivity  the  cuprates  have  been  extensively  characterized  and  a  substantial  materials 
knowledge  base  exists  for  these  materials.  One  of  the  challenges  of  such  devices  is  that  the 
surface  charge  density  the  gate  field  must  produce  is  estimated  [2,3]  to  be  -1014  carriers/cm2, 
requiring  the  use  of  gate  oxides  with  high  dielectric  constant  and  high  breakdown  field.  Again 
the  cuprates  are  attractive  since  they  offer  epitaxial  compatibility  with  gate  materials  such  as 
strontium  titatate  (STO)  and  barium  strontium  titanate  (BST)  which  have  been  demonstrated  to 
have  a  high  dielectric  constant  and  high  dielectric  breakdown  field  [9-11]  capable  of  producing 
the  required  surface  charge  density.  Despite  the  challenges,  a  buried  oxide-channel  field  effect 
transistor  (OxFET)  is  of  interest  because  of  the  potential  to  scale  such  a  device  beyond  the  silicon 
scaling  limits  due  to  the  absence  of  impurity  doping  in  these  materials  and  since  the  charge 
separation  layer  at  the  source  and  drain  contacts  is  expected  to  be  on  the  ~1  Angstrom  scale 
rather  than  -100  Angstrom.  [3] 

We  would  like  to  make  an  important  distinction.  At  first  glance,  the  structures  we 
fabricate  resemble  those  of  the  superconducting  FET  structures  proposed  and  built  by  several 
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groups  [12-15].  The  structures  are  almost  identical  in  most  cases,  however,  the  details  differ  as 
do  the  experimental  conditions  and  the  goals.  The  most  important  contrast  is  that  all  the  data 
shown  in  this  paper  and  in  references  [2,4,5]  are  obtained  in  room  temperature  operation.  In  the 
superconducting  FET  proposals,  the  goal  was  to  induce  (or  inhibit)  superconductivity  in  a 
channel  by  modulating  the  carrier  concentration  with  a  gate  potential.  Our  work  concentrates 
exclusively  on  the  normal  state  properties  of  the  cuprate  films. 

DEVICE  ARCHITECTURE 

An  OxFET  with  the  channel  material  on  the  surface  of  the  device  was  recently 
demonstrated  at  IBM  in  which  the  channel  material  was  Y,.xPrxBa2Cu307^  (YPBCO).[2]  The 
devices  which  were  demonstrated  had  a  simple  architecture  illustrated  in  figure  1  which  was 
chosen  for  ease  of  fabrication.  In  this  structure  all  the  materials  fabrication  is  done  via  pulsed 
laser  deposition  (PLD)  directly  on  an  unpattemed  substrate  and  the  source  and  drain  contacts  are 
directly  deposited  on  the  films  through  a  stencil  mask.  The  substrate  in  this  case  is  niobium 
doped  strontium  titanate  (Nb:STO)  which  is  a  conducting  material.  The  substrate  therefore  also 
acted  as  the  gate  electrode.  The  gate  dielectric  (STO)  is  deposited  on  the  substrate  first,  and  then 
the  channel  material  (YPBCO)  was  deposited.  The  surface  channel  FET  had  characteristic 
curves  similar  to  conventional  silicon  MOSFET  curves  with  a  transconductance  of  ~  2  //S  at  a 
drain  voltage  of  1  volt  and  a  gate  voltage  of  10  volts.  ON/OFF  ratios  of  up  to  104  were  observed. 
However,  despite  the  ease  of  fabrication  of  the  surface  channel  devices  there  are  several 
disadvantages  to  the  surface  channel  architecture. 


(b)  S  id  0  view 


Figure  1:  Surface  channel  architecture  (a)  top  view  (b)  side  view. 

In  the  surface  channel  devices,  the  substrate  also  serves  as  the  gate  electrode.  Therefore, 
there  is  a  very  large  capacitance  associated  with  the  gate  and  there  is  a  strong  coupling 
capacitance  to  other  devices.  This  makes  operation  at  high  frequencies  impossible.  Another 
significant  disadvantage  of  the  surface  channel  architecture  is  a  result  of  moisture  sensitivity  of 
the  cuprate  materials  as  a  class.  Since  the  cuprate  is  an  unshielded  top  layer,  it  slowly  deteriorates 
due  to  water  contamination,  making  necessary  the  deposition  of  thick  cuprate  films  to  protect  the 
switching  layer  near  the  gate  oxide/channel  interface.  However,  the  source  and  drain  electrodes 
are  only  in  direct  contact  with  the  upper  (unswitched)  part  of  the  cuprate  film.  Thus  the  surface 
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channel  architecture  has  two  limiting  problems:  First,  there  is  a  potential  resistance  (in  series 
with  the  channel)  which  could  limit  the  “ON”  state  performance  of  the  device  due  to  conduction 
through  unswitched  cuprate  layers  from  the  source  and  drain  electrodes  to  the  switched  part  of 
the  cuprate  channel  near  the  gate  oxide/channel  interface.  Second,  there  is  a  potential  resistance 
(in  parallel  with  the  channel)  which  could  limit  the  “OFF”  state  performance  of  the  device  due  to 
conduction  from  the  source  to  the  drain  through  the  unswitched  part  of  the  cuprate  channel.  Due 
to  the  short  electric  field  screening  length  in  cuprate  channels  in  the  conducting  state,  OxFET 
devices  are  strongly  dependent  upon  the  quality  of  the  cuprate  near  the  gate  oxide/channel 
interface.  This  is  because  only  the  cuprate  within  an  electric  field  screening  length  of  the  gate 
oxide/channel  interface  is  switched.  Of  course,  long-range  order  is  paramount  to  the  best 
transport  in  any  material.  This  is  particularly  true  in  our  devices  due  to  the  interface  nature  of  the 
switching.  Any  grain  boundaries  in  the  interfacial  film  will  degrade  the  mobility  of  the  devices. 
Therefore  it  is  important  to  make  the  highest  quality  interface.  Although  the  substrates  we  start 
with  are  atomically  smooth,  in  the  surface  channel  devices,  the  cuprate  is  deposited  only  after 
the  gate  oxide  is  deposited.  After  depositing  a  -1000  Angstrom  gate  oxide  film  on  the  atomically 
smooth  substrate,  the  cuprate  interface  might  not  be  as  smooth  as  would  be  the  case  if  the  cuprate 
were  deposited  first. 


(b)  S  Id «  view 


Figure  2  :  Buried  channel  device  architecture  (a)  top  view  (b)  side  view. 

The  buried  channel  OxFET  architecture  provides  a  solution  to  several  of  these  limitations 
although  the  fabrication  is  now  more  complicated.  The  buried  channel  OxFET  architecture  is 
shown  in  Fig.  2a  (top  view)  and  2b  (side  view).  The  substrate  is  nonconducting  undoped 
strontium  titanate  (STO)  and  the  gates  are  now  independent  for  each  device  since  they  are 
deposited  on  the  top  of  the  structure  through  a  lithographic  process.  The  cuprate  channel  is  now 
directly  on  the  atomically  smooth  substrate  ensuring  the  highest  quality  interface.  The  cuprate 
channel  is  also  protected  from  moisture  by  the  gate  oxide  layer.  The  source  and  drain  electrodes 
make  direct  contact  with  the  cuprate  material  at  the  gate  oxide/channel  interface  eliminating  the 
potential  series  resistance.  Since  the  cuprate  is  protected  from  moisture  by  the  gate  oxide  layer, 
the  cuprate  channel  layer  can  eventually  be  made  thinner  thereby  reducing  the  potential  parallel 
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resistance.  Also,  since  the  substrate  is  insulating  the  large  gate  capacitance  and  coupling 
capacitance  to  other  devices  is  eliminated. 

FABRICATION 

Fabrication  of  the  devices  starts  by  putting  the  first  metallization  layer  (Ml)  on  the 
undoped  STO  substrate.  This  is  accomplished  using  standard  lithographic  techniques.  The  Ml 
metallization  is  critical  since  it  defines  the  channel  geometry.  Since  the  Ml  process  involves  a 
lithographic  step  and  a  liftoff  step,  we  were  concerned  about  the  quality  of  the  STO  surface  after 
Ml  processing.  AFM  measurements  showed  that  the  STO  surface  in  the  channel  between  the 
source  and  drain  Ml  electrodes  remained  atomically  flat.  Further,  ion  scattering  studies  [16]  have 
shown  that  the  initially  Ti  terminated  Kawasaki  [17]  processed  STO  substrate  is  left  with  a  Sr 
rich  surface  after  liftoff,  oxygen  ashing,  and  cleaning.  This  is  fortuitous  since  a  Sr  terminated 
surface  is  better  in  preventing  copper  oxide  precipitation  [18]  during  the  pulsed  laser  deposition 
of  the  cuprate  channel.  After  Ml  metallization,  liftoff,  oxygen  ashing,  and  cleaning,  the  substrate 
with  Ml  is  placed  in  a  PLD  chamber  for  thin  film  deposition.  The  cuprate  film  used  for  these 
experiments  was  La2Cu04  (LCO).  The  LCO  was  grown  at  a  temperature  of  700  C  in  an  oxygen 
background  pressure  of  10  mTorr.  The  LCO  film  thickness  was  approximately  100  Angstrom. 
Immediately  after  the  LCO  growth,  a  1000  Angstrom  film  of  STO  was  grown  on  top  the  cuprate. 
The  oxygen  pressure  was  250  mTorr  and  the  temperature  was  760  C  for  the  STO  film  growth. 
After  deposition,  the  films  were  slowly  cooled  to  room  temperature  in  1  atm  of  oxygen.  After 
film  deposition,  processing  continued  with  lithographic  definition  of  M2  vias  to  make  contact 
with  the  buried  Ml  metallization.  A  combination  of  chemical  etching  and  ion  milling  was  used 
to  make  vias  down  to  the  Ml  metallization.  The  vias  were  then  metallized  and  M2  was  defined 
in  the  liftoff.  Next,  the  M3  metallization,  which  defines  the  gate  electrodes,  was  accomplished 
with  another  lithographic  step,  metallization,  and  liftoff.  Finally,  the  devices  were  isolated  from 
each  other  by  making  a  trench  around  each  device  down  to  the  STO  substrate.  This  was  done 
using  lithographic  techniques  to  define  the  trenches  and  ion  milling  and  chemical  etching  to 
make  the  trenches. 

RESULTS 

The  completed  devices  were  tested  using  a  Hewlett-Packard  4145  semiconductor 
parameter  analyzer  with  a  grounded  source  electrode.  In  Fig.  3  we  plot  the  drain  current  (L) 
versus  gate  voltage  (Vg)  for  a  constant  drain  voltage  of  1  volt.  In  Fig.  4  we  plot  the 
transconductance  (dId/dVg)  versus  gate  voltage.  The  devices  show  a  transconductance  of  up  to 
45  /zS  at  1  volt  drain  voltage  and  a  gate  voltage  of  2  volts  for  a  channel  length  of  1  /zm  and  width 
=  150/zm.  This  is  an  improvement  over  the  transconductances  seen  in  the  surface  channel 
devices.  We  expect  that  the  better  interface  quality  of  the  buried  channel  devices  leads  to  a  higher 
mobility  and  therefore  a  higher  transconductance.  One  limitation  of  the  buried  channel  devices  is 
that  the  “OFF”  state  conductance  is  still  high  in  these  devices.  The  maximum  AR/R  we  observed 
was  240%.  However,  we  have  not  yet  optimized  the  process  for  “OFF”  state  conductance.  This 
is  most  likely  the  result  of  a  parallel  conduction  channel  associated  with  the  unswitched  layers  in 
the  films  that  we  have  made  so  far. 
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Figure  3:  Drain  current  versus  gate  voltage  for  a  buried  channel  architecture  device. 

An  interesting  observation  is  the  gate  field  dependent  mobility.  This  is  illustrated  in 
Fig.  4.  Since  transconductance  is  proportional  to  mobility,  this  curve  suggests  a  linear  increase  in 
mobility  with  gate  field  above  threshold.  This  is  consistent  with  a  picture  of  a  mobility  transition 
in  these  materials  in  going  from  the  insulating  state  to  the  metallic  state. 


Gate  Voltage  (V) 


Figure  4:  Transconductance  versus  gate  voltage  for  a  buried  channel  architecture  device. 

The  Mott  metal-insulator  transition  induced  by  electric  field  is  expected  to  occur  at  a 
surface  charge  density  of  1014  carriers/cm2  [3].  In  order  to  determine  whether  the  present  gate 
oxide  films  are  achieving  the  theoretical  transition  charge  density  we  have  measured  the 
capacitance  of  our  devices  as  a  function  of  voltage.  The  surface  charge  density  is  limited  by  two 
factors,  the  dielectric  constant  for  the  film  and  the  breakdown  potential  for  the  film.  Although  the 
bulk  dielectric  constant  for  STO  is  ~300  [17],  the  value  usually  decreases  in  thin  films.  The 
dielectric  constant  we  determine  for  our  film  (thickness  =  1000  Angstrom)  is  180.  Further,  the 


7 


dielectric  constant  decreases  with  voltage.  The  breakdown  potential  for  the  tested  film  was  8 
volts.  Thus  we  find  that  the  maximum  surface  charge  density  we  attain  in  the  present  films  is  < 
0.5  x  l O'4  carriers/cm2.  This  indicates  that  more  work  needs  to  be  done  with  the  gate  dielectric  to 
optimize  the  surface  charge  density.  Processing  improvements  might  be  made  to  improve  the 
quality  of  films  of  the  current  thickness.  For  example,  in  RF  sputtered  STO  thin  films  it  was 
found  that  a  dielectric  constant  higher  than  the  bulk  value  can  be  attained  under  proper 
conditions  [19].  In  addition,  detailed  studies  of  the  dielectric  constant  and  the  breakdown 
potential  versus  film  thickness  are  necessary  to  find  the  optimal  film  thickness. 


SUMMARY 

We  have  demonstrated  devices  of  a  buried  channel  architecture  for  room  temperature 
oxide  field  effect  transistors  with  a  channel  capable  of  undergoing  the  Mott  metal-insulator 
transition.  This  architecture  utilizes  a  buried  interface  for  the  gate  oxide/cuprate  channel  to 
improve  the  quality  of  the  interface,  protect  the  cuprate  from  moisture,  reduce  contact  resistance 
to  the  channel,  and  reduce  gate  capacitance  and  coupling  capacitance  to  other  devices.  An 
improvement  in  transconductance  of  these  devices  expected  from  the  better  mobility  of  a  higher 
quality  gate  oxide/channel  interface  was  observed. 
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Simulation  of  a  simplified  design  for  a  nanoscale  metal-oxide  field 

effect  transistor 

D.  M.  Newns,  W.  M.  Donath,  and  P.C.  Pattnaik 
IBM  T.  J.  Watson  Research  Center,  P.O.B.  218  Yorktown  Heights,  NY  10598 

Abstract 

We  describe  simulations  on  a  simplified  design  for  a  metal-oxide  nanoscale 
Field  Effect  Transistor  (FET).  The  device  features  an  oxide  channel  with 
a  high  dielectric  constant  ferroelectric  as  the  gate  insulator.  In  the  present 
model,  the  gate  and  source/drain  electrodes  are  unconventionally  placed  on 
opposite  sides  of  the  channel.  Simulations  are  quantum  mechanical  and  are 
based  on  a  simplified  transport  model.  Results  on  a  10  nm.  channel  device 
show  adequate  conductance  and  ON/OFF  ratio,  while  simulation  of  a  ring 
oscillator  yields  an  estimated  device  switching  time  of  300  fs.. 

I.  INTRODUCTION 

The  imminent  breakdown  of  scaling  of  device  size  (Moore’s  Law)  in  the  conventional  Si/Si02 
MOSFET  at  the  50-60  nm.  channel  length  scale  has  been  well  documented  in  technical 
publications  [1].  Hence  in  the  present  situation  there  is  a  need  for  intensive  study  of  new 
technology  pathways  leading  to  the  possibility  of  continuing  size  shrinkage  ,  especially  those 
offering  the  possibility  of  considerable  dynamic  range  of  scaling  and  leading  to  increased 
device  switching  speed. 

In  the  present  paper  we  shall  present  a  simplified  simulation  study  of  a  MOSFET  design 
quite  radically  modified  both  as  regards  materials  and  physical  design,  which  is  predicted 
to  operate  down  to  a  relatively  aggressive  scale  of  10  nm.  channel  length,  with  a  very  fast 
Switching  time  of  300  fs.  Key  points  in  the  design  distinguishing  it  from  the  conventional 
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MOSFET  enable  it  to  function  at  such  a  small  scale.  The  device  operates  via  an  oxide 
channel  material  with  only  majority  carriers,  enabling  the  bulky  pn  junctions  of  the  con¬ 
ventional  MOSFET  to  be  dispensed  with.  The  concept  of  high  dielectric  constant  gate  oxide 
is  extended  to  use  of  a  ferroelectric  material  with  a  very  high  dielectric  constant,  thus  en¬ 
abling  (i)  reduction  of  the  channel  length  into  the  nanoscopic  regime,  without  intervention 
of  unacceptable  short  channel  effects,  and  (ii)  a  thick  enough  gate  oxide  to  avoid  tunneling. 

Following  an  early  theoretical  suggestion  regarding  the  Mott  Transition  Field  Effect 
Transistor  (MTFET)  [2],  and  early  experimental  work  [3],  the  experimental  approach  to 
studying  all-oxide  transistors  with  ferroelectric  gate  oxide  and  cuprate  channel  materials  has 
already  made  considerable  progess  [4j.  Currents  of  700  fx A  have  been  switched,  ON/OFF 
ratios  of  104  observed,  and  progress  made  in  enhancing  mobility  [5]  [6],  though  bulk  mobilities 
have  not  yet  been  reached.  In  concert  with  the  first  pass  theoretical  analysis  derived  in  the 
present  paper,  the  outlook  for  an  all-oxide  FET  technology  seems  promising. 

II.  THE  MODEL 

A  sketch  of  the  2D  device  model  as  simulated  is  illustrated  in  Fig.  1.  The  device,  with 
a  nominal  10  nm.  channel  length,  has  several  features  which,  apart  from  scale,  are  quite 
different  from  a  conventional  FET.  First  of  all,  the  geometry  involves  a  back  gate  rather  than 
the  conventional  front  gate.  The  gate  oxide  is  assumed  to  consist  of  a  ferroelectric  dielectric 
material  with  a  dielectric  constant  (permittivity)  eox  of  several  hundred,  and  to  have  a 
thickness  d  —  15  nm..  Experimental  work  supports  operation  of  very  high  dielectric  constant 
films  at  this  thickness  [7].  The  aspect  ratio  of  the  gate  oxide  structure  is  quite  different  from 
a  conventional  Si02  one  in  having  a  thickness  of  the  same  order  as  its  length.  The  channel 
material  shares  a  planar  interface  with  the  gate  oxide  (this  will  from  the  fabrication  point  of 
view  be  an  epitaxial  interface).  The  total  length  of  channel  material  in  the  model  is  taken 
to  be  16  nm.,  and  the  height  to  be  5  atomic  layers  (2  nm.  assuming  a  perovskite  structure 
material).  The  channel  properties  are  assumed  to  be  isotropic  in  the  plane  of  the  figure;  if 
an  anisotropic  material  such  as  a  cuprate  is  used  for  the  channel  material,  the  orientation 
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FIG.  1.  Sketch  of  channel  region  (not  to  scale),  showing  atom  rods  (circles),  dielectric  constants 
(ech  for  channel,  eox  for  gate  oxide)  and  dimensions.  Shaded  atom  rods  denote  doping. 

needs  to  be  with  the  c-axis,  which  is  the  low-conductance  one,  normal  to  the  direction  of 
current  flow.  The  dielectric  constant  ech  of  the  channel  material  is  assumed  to  be  quite  large 
(it  is  taken  as  25).  A  thin  layer  of  channel  material  under  each  source  and  drain  electrode 
is  heavily  doped  to  reduce  contact  resistance  at  the  electrodes. 

As  regards  transport,  in  which  the  metal  atoms  of  the  channel  material  undoubtedly  play 
a  critical  role,  we  adopt  a  discrete  model  in  which  ’atoms’  are  modelled  as  thin  rods  transverse 
to  the  direction  of  current  flow.  Since  in  contrast  the  dielectric  properties  of  oxides  stem 
from  the  polarizabilities  of  both  of  anionic  and  cationic  species,  the  approximation  taken  for 
the  dielectric  constant  is  to  model  it  as  a  continuum. 

The  electrostatic  boundary  conditions  which  we  have  taken  are  that  the  gate  is  grounded, 
with  the  source  at  Vo  and  the  drain  at  V\ .  This  is  quite  general.  On  all  edges  where  there  is 
an  exposed  oxide  surface,  the  normal  derivative  of  the  electric  field  has  been  taken  as  zero, 
based  on  the  assumption  that  the  dielectric  constant  of  all  exterior  material  will  be  much 
lower  than  that  of  the  ferroelectric  gate  oxide  or  of  the  channel  material. 

We  use  a  Green’s  function  approach  to  the  electrostatic  calculation,  wherein  (Appendix 
A  and  Ref.  [8])  the  electrostatic  potential  on  atom  rod  i  is  written  as 
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(1) 


v(i)  =  fBsEG(ij)Q(j)  +  v0rs(i )  +  v,rD(«). 

i?j 

Here  i,j  are  2D  discrete  vectors  describing  an  atom  rod  in  the  Fig.  2  array.  Q(j)  is  the 
charge  per  unit  length  on  atom  rod  j,  which  can  be  related  to  the  expectation  value  q3  of 
charge  on  an  actual  atom  at  2D  coordinates  j  by  Qj  =  q3/a ,  where  a  is  Lattice  constant. 
The  definition  of  the  Green’s  function  G(i,j )  in  (1)  is  that  fEsG{iJ)  is  the  potential  at 
atom  rod  i  due  to  unit  charge  per  unit  length  on  rod  j ,  with  S,  D  and  G  grounded  and 
zero  normal  derivative  of  potential  on  the  other  device  faces.  The  Green’s  function  G  is 
symmetric,  G(i,j)  =  G(j,  i).  We  choose  to  work  in  atomic  units  e  =  h  —  1,  when  within  our 
definition  of  the  Green’s  functions  the  electrostatic  prefactor  fEs  is  /es  =  4tt /£ch,  where  ec/l 
is  the  permittivity  of  the  channel  material. 

In  (1)  the  Green’s  function  Vs{i)  is  the  potential  on  site  i  when  unit  potential  is  on  the 
Source,  other  electrodes  being  grounded,  and  with  zero  normal  derivative  of  potential  on 
the  exposed  oxide  surfaces.  The  Green’s  function  rD(i)  is  defined  in  an  anologous  manner. 
All  the  Green’s  functions,  G ,  Fs,  and  To,  are  calculated  numerically  once  and  for  all  at  the 
beginning  of  the  program,  for  details  see  Ref.  [8]  and  Appendix  A. 

Our  treatment  of  the  channel  electronic  properties  takes  into  account  two  key  require¬ 
ments:  (i)  the  model  must  be  fully  quantum,  since  oxide  materials  are  highly  degenrate 
carrier  (electron/hole)  gases  in  their  conducting  states  (ii)  it  must  be  possible  to  allow  for 
abrupt  changes  in  potential  over  distances  of  order  1-2  lattice  spacings,  such  as  are  seen  in 
Fig.  2. 

These  requirements  for  a  highly  inhomogeneous  quantum  model  are  nontrivial  to  fulfil. 
The  solution  adopted  in  the  present  first  pass  treatment  is  to  use  a  real  space  based  approach. 
Each  site  carries  a  fully  quantum  density  of  states  />(e),  expressing  the  oxide  band  width 
of  order  1  eV.  At  equilibrium,  the  system’s  fully  quantum  spatial  distribution  of  density  of 
states,  charge  etc.  will  be  correctly  reproduced  in  this  model.  Intersite  carrier  transfer  under 
dynamic  conditions,  which  has  a  typical  range  of  3-4  lattice  constants  in  cuprates  at  300K,  is 
truncated  to  one  lattice  constant  in  our  first  pass  treatment,  with  a  corresponding  adjustment 
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FIG.  2.  charge  Q  per  unit  rod  length  (RH  scale)  as  a  function  of  number  of  rods  along  channel 
in  pinch-off  regime.  Vo  =  0.7  V,  V\  =  —0.3V.  Channel  layer  1  lies  closest  to  the  gate  oxide. 
Notation  and  parameters  as  previous  figure 


of  the  intersite  tunneling  rate  to  reproduce  the  experimental  value  by  enhancement  of  the 
prefactor  Co  (see  below)  by  a  factor  of  3-4.  The  error  involved  in  this  approximation  to  the 
carrier  dynamics  lies  in  neglect  of  ballistic  effects  in  the  carrier  trajectory  over  distances  of 
order  1-1.5  nm.  -  effects  which  we  do  not  believe  will  significantly  impact  the  conclusions  of 
this  paper. 

It  is  assumed  that  conduction  is  p— type,  as  in  cuprates,  though  this  is  non-critical.  As 
in  semiconductor  modelling,  the  valence  band  position  in  energy  space  is  allowed  to  vary 
according  to  the  local  electrostatic  potential  V(i),  so  that  the  top  of  the  valence  band  is 
defined  to  lie  at  Ebq  —  V(i),  Ebq  being  a  reference  level  for  the  valence  band  relative  to  the 
source/drain  electrode  material  Fermi  level.  The  valence  band  chemical  potential  <j>p{i)  is 
also  varying  in  space. 

As  regards  equilibrium  properties,  the  charge  per  unit  length  on  the  atom  rod  i  is  given, 
assuming  Fermi  statistics,  by  (in  atomic  units) 


Q{  0  = 


a  g(^p(t)-<fc)/ArflT  _|_  1 


1  rEB0-V(i)  p[e)de 

a  J  eiMi)-*k)/kBT  +  l  ’ 
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where  p(e)  is  the  density  of  states  of  the  band  eigenstates  ek  per  Cu  atom.  A  constant  density 
of  states  may  be  a  reasonable  approximation  for  effectively  2D  electron  systems  such  as  the 
cuprates,  in  which  case  we  take  p(e)  =  pQ.  This  approximation  is  attractive  both  in  terms  of 
appropriateness  for  the  cuprates  and  in  terms  of  convenience  since  it  leads  to  analytic  results. 
Then  doing  the  integral  under  the  assumption  that  the  band  width  >>  kBT ,  as  is  entirely 
reasonable  since  band  widths  are  of  the  order  of  1  eV,  we  get  a  closed  form  expression  for 
the  charge 


Q{i)  =  pDkBT  log(l  +  e-(Mi)-EB0+V(i))/kBT^ 


(3) 


where  pD  —  p0/a  is  the  rod  DOS. 


The  current  flow  per  unit  rod  length  between  two  adjacent  sites  ij  is  written  as 

r  l  4-  e-(*>(j)-s«+v(i,i))/fc*T] 


Jii-j  —  CokBTlog 


1  +  c-(M0-**o+vM)/*bT 


(4) 


where  V(itj)  —  max(Vr(i),  and  Co  is  a  constant  to  be  obtained  from  experimental 

transport  data.  The  expression  (9),  like  (8),  is  based  on  Fermi  statistics.  In  the  classical 
limit,  and  for  low  chemical  potential  gradients  (ohmic  regime)  we  retrieve  the  conventional 
form  in  which  conductivity  is  proportional  to  carrier  concentration 


=  (5) 

The  constant  C0  is  seen  to  be  the  sheet  conductance  per  square  in  the  channel  material  in 
the  metallic  regime  (Fermi  function  =  1),  and  amounts  to  several  quanta  of  conductance. 
The  value  of  Co  we  use  is  that  of  crystalline  LSCO  at  doping  0.15  [9]. 

The  source  and  drain  are  treated  as  sites  linked  to  their  neighboring  atomic  sites,  and 
with 


<f>Ps  =  ~ VQ ,  (j>pD  =  -Vj.  (6) 

Doped  regions  are  defined  under  the  source  and  drain  electrodes  (see  Fig.  1),  for  the  top 
2  atomic  layers  only.  This  is  implemented  by  locating  a  background  charge  Q0  -  -0.15je|/a 
on  the  doped  atomic  layers. 
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III.  NUMERICAL  APPROACH 


The  first  step  in  the  numerical  approach  is  to  precompute  the  Green’s  Functions  G,  Ts,  To 
(Appendix  A). 

The  sequence  of  program  steps  to  update  from  time  step  n  to  time  step  n  + 1  is  as  follows. 

1.  Assuming  a  charge  distribution  Q(n)(i),  the  electrostatic  potentials  on  the  rods  are  calculated 
from  the  Green’s  functions  using  equation  (1). 

2.  Inverting  (3)  to  obtain 

4">(»)  =  Ebo  -  V(i)  -  fcsTlog  [eOw<0/«>**T  -  l] ,  (7) 

the  chemical  potential  on  all  sites  is  calculated. 

3.  We  now  have  the  electrostatic  and  chemical  potentials  on  all  sites,  enabling  the  calculation 
of  all  link  currents  from  (4). 

4.  We  then  update  the  charges  by  means  of  charge  continuity 

Q("+‘>(i)  =  (?<">(,)+  £  A tjQ,  (8) 

jCNNi 

where  the  sum  is  over  the  nearest  neighbor  atom  rods  (including  source  or  drain  if  applicable) 
to  atom  rod  i,  and  At  is  the  time  step  (taken  as  1  au  or  2.4®10-17  sec.). 

The  sequence  can  be  repeated  by  returning  to  step  1.  We  found  this  approach  at  all 
times  stable  and  problem-free.  The  initial  conditions  chosen  were  normally  that  the  channel 
be  empty  of  charge.  Computation  of  an  entire  set  of  current  characteristics  (Fig.  3)  typically 
took  20  minutes  on  a  single  604-chip  RS6000  machine. 
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FIG.  3.  Drain  current  for  device  of  channel  width  40  nra.  vs.  drain  to  source  voltage  for  various 
gate  to  source  voltages  (labels  on  curves).  Parameters  other  than  voltages  as  previous  figure. 

IV.  RESULTS 

Some  of  the  parameter  choices  have  been  mentioned  in  the  foregoing.  For  completeness: 
Source  region  overlies  atom  rods  0-7,  drain  region  overlies  rods  33-40.  Rods  are  spaced  0.4 
nm.  apart,  A  =  3.2  nm,  channel  length=  9.6  nm,  t  =  2.0  nm.  (5  layers  in  channel;  layers  4 
and  5  are  doped  to  q  =  0.15  under  source  and  drain  electrodes),  length  of  device  in  unit  cells 
Mx  =  40,  number  of  grid  points  (see  Appendix  A)  N  =  400,  p0  =  0.25  eV"1,  EB0  ~  -0.35 
eV,  €0x  =  500,  ech  =  25,  d  =  15  nm..  Time  step  At  is  1  au  or  2.4ail0-17  sec.. 

The  choice  po  =  0.25  eV-1  for  the  DOS  (we  use  a  spinless  model  since  the  nature  of 
the  carriers  in  materials  such  as  the  HiTc  cuprates  is  controversial)  implies  a  mass  of  %  0.4 
electron  masses. 

We  have  run  simulations  in  a  wide  range  of  parameter  regimes;  in  Fig.  2  we  illustrate  the 
behavior  in  the  ’pinch-off’  regime  where  the  gate  voltage  is  smaller  than  the  source-drain 
voltage  drop,  so  that  the  current  is  in  the  saturation  regime.  In  Fig.  2,  there  is  seen  to 
be  very  little  charge  in  the  undoped  layers  near  the  drain,  illstrating  the  pinch-off  effect. 
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There  is  also  found  to  be  a  pronounced  jump  in  both  potential  and  chemical  potential  at 
the  drain  end  of  the  channel;  the  potential  in  the  atomic  layer  closest  to  the  gate  (layer  1)  is 
nevertheless  close  to  an  equip otential,  due  to  the  high  dielectric  constant  of  the  gate  oxide, 
a  feature  consistent  with  short  channel  effects  being  under  control. 

In  Fig  3  we  display  the  current- volt  age  characteristics  for  the  device,  assuming  a  width 
to  channel  length  ratio  of  4:1.  Two  key  points  are  worth  noting.  First,  the  currents  switched 
by  the  device  are  large,  of  order  1  mA  in  its  ‘ON’  state;  the  current  is  somewhat  enhanced 
because  all  the  layers  1-5  in  the  channel  are  in  the  degenerate  quantum  state  or  close  to  it,  a 
result  which  might  not  hold  for  different  choices  of  carrier  mass.  Secondly,  the  characteristics 
are  similar  to  those  of  a  conventional  FET  except  that  the  saturation  in  the  pinch-off  regime 
is  not  absolute  (the  curves  retain  small  but  finite  slope). 

The  lack  of  total  drain  current  saturation  is  due  to  the  penetration  of  the  drain  field  into 
the  channel  (‘short  channel  effect’),  despite  precautions,  such  as  the  introduction  of  a  gap 
between  the  doped  region  and  the  gate  oxide  interface,  to  reduce  field  penetration  through 
the  ferroelectric. 

The  logarithm  of  the  drain  current  vs.  the  gate  voltage  for  several  sorce-drain  voltages 
is  plotted  in  Fig.  4.  Two  useful  measures  of  device  performance  can  be  read  off  from  this 


FIG.  4.  Logarithm  of  drain  current  (mA)  for  device  of  channel  width  40  nm.  vs.  gate  to  source 
voltage  for  various  source  to  drain  voltages  (labels  on  curves).  Parameters  other  than  voltages  as 
previous  figure. 
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type  of  plot.  The  ON/OFF  ratio  is  determined  as  in  the  range  4-8xl04  for  these  curves;  it 
is  adequate  if  the  criterion  is  avoidance  of  excessive  OFF-state  heating.  The  subthreshold 
slope,  the  gate  voltage  swing  to  produce  one  order  of  magnitude  change  in  drain  current,  is 
77  meV  per  decade,  of  similar  magnitude  to  that  in  conventional  FET  devices  operating  at 
low  voltages. 

The  static  characteristics  of  the  device  show  that  in  terms  of  (i)  ’ON’  current,  (ii)  gain 
(related  to  slope  of  the  saturated  characteristics)  (ii)  ON/OFF  ratio,  and  (iv)  subthreshold 
slope  its  performance  is  of  appropriate  type  for  computer  switching  applications. 

In  order  to  investigate  the  dynamic  behavior  of  the  device,  we  modelled  an  11-stage  ring 
oscillator,  consisting  of  11  CMOS  inverters  in  series.  Both  the  n-type  and  p-type  device 
characteristics  are  derived  from  the  data  in  Fig.  3.  The  static  gate-source  and  gate-drain 
capacitances,  which  are  more  nearly  voltage-independent  when  2  complementary  devices  are 
connected  together  as  in  a  ring  oscillator,  were  calculated  from  charge- volt  age  curves  and 
then  replaced  by  approximate  constant  capacitances.  The  wiring  capacitance  in  a  compact 
ring  oscillator,  estimated  from  the  ‘rule  of  thumb’  2  pF  per  centimeter,  is  much  less  than 
the  internal  device  capacitances  and  is  neglected.  The  circuit  is  then  solved  by  standard 
methods. 

The  ring  oscillator  results  show  that  (i)  the  nanoscale  FET  device  switches  adequately 
(n)  the  switching  time  per  transistor  is  approximately  300  fs,  a  very  fast  switching  time, 
which  is  in  some  measure  due  to  the  high  channel  conductance  arising  from  the  relatively 
low  DOS  assumed  in  the  calculation. 

V.  CONCLUSION 

The  performance  of  a  nanoscopic  switch  depends  not  only  on  the  properties  of  one  or 
more  materials,  but  on  the  overall  engineering  solution  to  exploit  the  material  properties. 
The  purpose  of  this  paper  is  to  provide  a  first-pass  study  of  a  simplified  engineering  solution 
to  the  problem  of  the  nanoscale,  all-oxide  FET.  We  find  that  from  the  point  of  view  of  both 
static  and  dynamic  characteristics  the  proposed  model  of  a  10  nm.  channel  device  performs 
quite  satisfactorily. 
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Table  I:  Characteristics  of  Metal  Oxide  nanoFET 


Device  feature 

Consequence 

Carrier  density  ~  1021 

High  ’ON’  conductance.  Carriers  confined  at  O/C  interface. 

High  permittivity  oxide 

Supports  high  carrier  density.  Reduces  short  channel  effect 

No  pn  junction 

Majority  carrier  device.  Compact  design 

Metal  oxide  channel 

Supports  high  carrier  density.  Supports  epitaxial  interface 

Finally,  we  present  a  summary  of  the  characteristics  of  the  device  in  the  accompanying 


table. 


VI.  APPENDIX  A 

A.  Calculation  of  G 


G(i,  j)  is  given  by  the  expression 

G(iJ)  =  Qfa  -  Vj)  ^  ~  V~  +  E  Tr(ek]yi~yj]  +  t>fce~*(w+w)) cos  K  cos  kxj  +  Xj?]  fl  + 

L  k> o kL  1 

(9) 

+  E  Xij)~{ek^  +  ufce^+0)cOS  kxit  (10) 

fc>  o 

where  is  the  solution  to  the  linear  equation  set 


=  Uc,(xhyj\  (11) 

k 

with  R  and  U  given  by 

Rak  =  (1  +  ^)4o  +  (1  +  vke~2kt)  cos  kxa(  1  -  4o);  aCS,D\  (12) 

Rak  ~  7^4o  +7fc(l  -  vfce_2fct)cosfca:a(l  -  4o)i  otCC,  (13) 

a 

and 
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Ua(x,  y)  =  -  -  Y1  7 V(efe(y  +  v^e  fc(y+t))  cos  kx  cos  kxa\  a  C  S,D]  (14) 

L  k> o  kL 

=  7  +  7  E  +  ufce~^y+t')  cos  ^  cos  ^al  ace.  (15) 

L  k>  0L 

Here  the  xa  constitute  a  supporting  grid  of  dimension  N  along  the  top  edge  of  the 
device  (see  Fig.  1),  with  overlap  in  the  Source  (S),  Drain  (D),  and  Channel  (C)  regions. 
vk  =  (1  —  r  coth(/cd))/(l  +  rcoth(fcd)),  where  r  =  £0x/^ch ■  are  the  coordinates  of 

charges  i,  k  =  mc/L,  n  integer,  and  7  is  a  nonzero  constant  upon  which  the  results  have  no 
dependence. 

This  expression  for  G  is  not  manifestly  symmetric,  but  the  numerical  results  were  sym¬ 
metric  to  a  high  order  of  accuracy,  which  supplies  a  valuable  check  on  the  overall  calculation. 

Ts  is  given  by 

r?  =  Xi  fl  +  +  E  Xl ^(«‘<“->  +  cos  kx{, 

1  d  k>0  kL 
where  analogously  to  the  G  calculation 

Y.R*xXsk=Ul  (16) 

k 

where  R  is  as  given,  while  Us  is  given  by 

t(f  =  1;  o  c  S;  !//  =  0;  a  c  C,D.  (17) 

The  expression  for  T q  is  obtained  by  a  straightforward  extension,  or  by  symmetry. 
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OPTIMIZING  FABRICATION  OF  BURIED  OXIDE  CHANNEL  FIELD  EFFECT 
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ABSTRACT 

In  this  paper  we  describe  improved  methods  of  fabrication  for  an  oxide  channel  field  effect 
transistor  (OxFET)  similar  in  architecture  to  a  conventional  FET.  We  demonstrate  that  a 
substrate  treatment  consisting  of  a  low  power  oxygen  ashing  followed  by  annealing  yields  a 
strontium  (A-site)  terminated  surface  in  single-crystal  strontium  titanate  (STO) .  This  surface 
termination  of  the  substrate  results  in  pulsed  laser  deposited  cuprate-channel  films  of  improved 
quality. 

INTRODUCTION 

The  second  generation  of  oxide  channel  field  effect  transistor  (OxFET)  architecture  with  a 
buried  oxide  channel,  recently  demonstrated  at  IBM  [1],  provides  a  solution  to  several  of  the 
limitations  present  in  the  first  generation  of  OxFets[2],  and  offers  the  potential  to  scale  beyond 
the  limits  of  silicon  technology.  The  second  generation  OxFET  architecture  is  shown 
schematically  in  Fig.  1 .  The  substrate  is  nonconducting  undoped  strontium  titanate  (STO),  and 
the  cuprate  channel  is  now  directly  on  the  atomically  smooth  substrate  ensuring  a  higher  quality 
channel  film.  The  latter  is  also  protected  from  moisture  by  the  gate  oxide  layer.  The  source  and 
drain  electrodes  make  contact  with  the  cuprate  material  at  the  gate  oxide/channel  interface 
reducing  the  potential  series  resistance.  Since  the  cuprate  is  protected  from  moisture  by  the  gate 
oxide  layer,  the  cuprate  channel  layer  can  eventually  be  made  thinner,  thereby  reducing  the 
potential  parallel  resistance.  Also,  since  the  substrate  is  insulating  the  large  gate  capacitance  and 
coupling  capacitance  to  other  devices  is  eliminated.  In  these  devices  the  gate  oxide/channel 
interface  quality  and  gate  oxide  dielectric  strength  are  critical  to  the  device  performance. 


Fig.  1 .  Schematic  representation  of  the  OxFET  structure  with  the  buried  channel  layer 

Kawasaki  and  coworkers  [3]  have  demonstrated  that  surface  termination  plays  a  substantial  role 
in  addition  to  atomic  smoothness  of  the  perovskite  substrates  in  obtaining  perfect  two 
dimensional  epitaxy  of  the  heterostructures  used  in  the  current  architecture.  It  is  well  known  that 
substrates  with  the  highest  degree  of  smoothness  are  obtained  through  an  etching  process  which 
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leaves  a  STO  substrate  terminated  in  Ti  [4],  Unfortunately,  titanium  termination  leads  to 
precipitates  in  the  epitaxially  grown  cuprates[3],  These  precipitates  are  very  detrimental  to  the 
performance  of  our  second  architecture  devices  because  they  could  lead  to  grain  boundaries  in 
the  channel  and  in  addition,  they  could  protrude  through  the  gate  oxide  film  and  become  the 
locus  for  short  circuits  between  the  source/drain  and  the  gate. 

In  this  paper  we  assess  the  role  of  the  STO  substrate  surface  termination  on  the  electronic 
conductivity  of  the  channel  films,  and  we  report  on  the  methods  utilized  in  order  to  Rroduce 
strontium  terminated  surfaces  for  fabrication  of  OxFET’s  with  high  quality  channels. 
Furthermore,  we  report  on  different  possible  paths  to  achieve  a  gate  oxide  with  high  dielectric 
constant  and  high  breakdown  voltage. 

EXPERIMENT  AND  RESULTS 

Processing  steps  and  measurements 

As  it  has  been  already  described  in  more  detail  in  Ref.  [1],  the  fabrication  of  our  OxFET 
devices  starts  with  the  first  metallization  layer  (Ml),  deposited  through  a  lithographic  mask  on 
a  STO  substrate  which  had  undergone  the  Kawasaki  process  [4]  by  the  vendor.  In  order  to 
produce  a  Sr  terminated  surface  for  the  subsequent  growth  of  the  channel  film,  we  used  to 
deposit  about  a  monolayer  of  SrO  [3]  by  ablating  from  a  Sr  peroxide  target.  However,  this 
method  was  not  convenient  for  our  La2Cu04  (LCO)  channel  because  it  produced  Sr  doping  at 
the  substrate/ channel  interface,  and  the  conductive  La2.xSrxCu04  interfacial  layer  was 
detrimental  to  the  switching  of  the  channel.  Serendipitously,  we  discovered  a  facile  and  benign 
method  of  preparing  Sr  terminated  surfaces  in  STO  by  a  mild  02  ash,  which  we  will  discuss  in 
the  next  section. 

Typically,  following  the  ultrasound  cleaning  after  the  Ml  lift-off,  the  sample  undergoes  a  mild 
reactive  ion  etching  (ashing)  in  02.  This  is  accomplished  in  a  parallel  plate,  reactive  ion  etching 
tool,  model  Jupiter  III  plasma  system.  Its  chamber  dimensions  are  25  cm  diameter  x  3.25  cm 
high.  We  use  flowing  O  2  at  500  mtorr,  and  50  watts  of  power  at  13.56  MHz.  The  substrate  is 
then  introduced  into  the  deposition  chamber  where  the  channel  layer  and  the  gate  insulator  are 
sequentially  deposited  by  pulsed  layer  deposition  (PLD),  following  the  interval  deposition 
method  [6],  and  with  the  substrate  held  at  750  0  C.  Prior  to  deposition,  the  sample  is  annealed 
at  700  °C  for  3  hr.  in  vacuum  followed  by  1  hr  in  1  atm.  of  O  2 .  The  vacuum  annealing  step 
plays  the  role  of  alloying  the  Ti  adhesion  layer  with  the  Pt  metallization  used  for  Ml .  However, 
this  step  reduces  the  near-surface  region  of  the  STO  substrate  making  it  conductive.  The  O  2 
annealing  restores  the  lost  oxygen  and  consequently  the  insulating  character  of  the  substrate. 

Since  it  defines  the  channel  geometry,  the  M 1  metallization  is  critical.  The  M 1  process 
involves  a  lithographic  step  and  a  lift-off  step,  which  could  impair  the  quality  of  the  STO  surface 
after  Ml  processing.  Atomic  force  microscope  (AFM  )  measurements  showed  that  the  STO 
surface  in  the  channel  between  the  source  and  drain  Ml  electrodes  remained  atomically  flat  after 
lift-off.  Furthermore,  the  STO  surface  becomes  even  flatter  after  ashing.  As  for  the  surface 
termination  of  the  substrate,  ion  scattering  experiments  show  only  a  slight  compositional  change 
with  respect  to  the  surface  obtained  by  the  Kawasaki  process,  see  Figs  2a  and  2b.  Figure  2  shows 
ion  scattering  spectra,  taken  with  an  incident  beam  of  200KeV  He  ions,  of  STO  substrates  after 
various  treatments.  Fig  2a  is  a  spectrum  of  a  ultrasonically  cleaned  STO  (Kawasaki  process) 
substrate.  For  comparison,  Fig.  2b  shows  the  spectrum  corresponding  to  a  sample  that  had 
photoresist  spun-on,  and  was  later  ultrasonically  stripped  with  solvents,  to  reproduce  the  process 
related  to  the  Ml  lift-off  step. 
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Channel  film  epitaxy 


Remarkably,  ashing  produces  distinct  changes  in  the  STO  surface.  Figure  2c  shows  the  ion 
scattering  spectrum  corresponding  to  a  substrate  after  it  was  ashed  in  O2  for  1  min.,  the  peaks 
corresponding  to  Sr  and  Ti  exhibit  a  noticeable  broadening  indicating  a  high  degree  of  disorder. 
In  addition,  this  spectrum  shows  that  the  signal  from  surface  Sr  (signal  closest  to  the  energy 
position  indicated  by  the  corresponding  arrow,  app.  193  KeV)  has  increased  with  respect  to  those 
of  Fig.  2  a,  b,  while  that  from  surface  Ti  (signal  closest  to  the  energy  position  indicated  by  the 
corresponding  arrow,  app.  187  KeV)  has  decreased,  indicating  a  more  strontium  rich  surface 
termination.  Furthermore,  the  spectrum  of  Fig  2d,  which  corresponds  to  the  sample  of  Fig.  2c 
after  undergoing  the  annealing  described  above,  shows  a  high  degree  of  order  (evidenced  by  the 
narrow  peaks),  as  well  as  an  inversion  of  the  surface  termination.  The  latter  is  evidenced  by  the 
peak  intensities  and  positions,  the  Sr  peak  increased  and  moved  to  a  higher  energy  position, 
whereas  the  Ti  peak  decreased  and  shifted  to  a  lower  energy,  compared  to  those  of  Fig.  2a, 
respectively.  Additional  experiments  indicate  that  a  3  min  ashing  step  leaves  an  almost  purely 
Sr  terminated  STO  surface.  This  is  fortunate  since  A-site  terminated  surfaces  are  very  difficult 
to  attain  in  perovskites  [5]. 


180  185  190  195 

Energy  (keV) 


Fig.  2  .  IonScattering  spectra  for  different  sample  treatments,  a  ( — ),  ultrasound  cleaning; 
b  (x_  x)„  after  photoresist  stripping;  c  (0—0 ),  after  ashing;  d  (a  — a  )  after  annealing  sample  in  c. 

In  order  to  establish  the  affects  of  ashing  on  the  subsequent  properties  of  the  channel  film,  we 
performed  the  following  experiment.  A  substrate  with  Ml  metallization  was  subjected  to 
different  ashing  times,  keeping  the  power  constant.  Since  the  design  of  Ml  defines  4  equivalent 
quadrants,  we  could  selectively  mask  each  quadrant  with  small  squares  of  STO  in  order  to 
determine  a  different  ashing  time  for  each  of  the  four  quadrants  of  a  substrate.  Therefore,  we 
could  compare  in  the  same  sample  the  impact  of  different  substrate  treatments  on  the 
smoothness  and  conductivity  of  the  channel  film.  After  deposition  of  the  channel  film,  the 
surface  topography  was  investigated  by  AFM,  and  the  frequency  dependent  film  conductivity 
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was  measured  using  a  HP  4275  LCR  meter.  The  contact  to  the  source  and  drain  electrodes  was 
achieved  by  pushing  the  tungsten  probes  through  the  film  onto  the  underlying  Ml  metallization. 

AFM  scans  were  performed  on  a  10  nm  thick  LCO  channel  film,  deposited  on  a  sample  that 
was  ashed  in  the  following  way.  Quadrant  1  (Ql),  no  ashing;  quadrant  2  (Q2),  25  sec.;  quadrant 
3  (Q3),  50  sec.;  quadrant  4  (Q4) ,  75  sec.  The  flatness  of  the  film  improves  with  the  STO 
ashing  in  going  from  quadrant  1  (control),  to  quadrant  4.  As  for  the  effect  of  Sr  termination  on 
the  PLD  growth  of  YBa2Cu307-s  (YBCO),  a  similar  experiment  was  carried  out  on  a  10  nm 
YBCO  film,  except  that  in  this  case,  the  ashing  times  were  0,  50, 100,  160  sec  for  Ql  through 
Q4,  respectively.  Table  1  shows  the  mean  roughness  and  root  mean  square  (RMS)  values  in  nm 
for  each  quadrant  of  both  the  LCO  and  YBCO  samples. 

Ql  Q2  Q3  Q4 

LCO  0.9  (1.2  )  0.95  (1.3  )  0.4  (0.64)  0.33  (0.46) 

YBCO  0.43  (0.59)  0.35  (0.45)  0.38(0.46)  0.16(0.22) 

Table  1 .  Mean  roughness  (RMS)  for  each  quadrant 

Figure  3  shows  the  drain  current  vs.  drain  voltage  (IV)  curves  for  the  LCO  sample.  There  is  a 
clear  correlation  between  better  conductivity  and  ashing  time.  Furthermore,  the  impedance  vs. 
frequency  (ZQ)  curves  for  Ql  and  Q4  shown  in  Fig.4  indicate  an  interesting  capacitive  trend. 
Both  the  impedance  and  the  phase  decrease  with  frequency.  In  general,  these  curves  are  typical 
of  granular  conduction,  and  from  Fig.4  we  infer  that  Q4  is  less  granular  than  Ql .  Thus,  our 
result  seem  to  indicate  that  Sr  surface  termination  in  STO  contributes  to  a  better  long  range 
order  in  the  channel  film.  The  formation  of  grains  may  be  partly  attributed  to  the  large  lattice 
mismatch  between  LCO  and  STO,  and  it  seems  that  the  Sr  surface  termination  tends  to  off-set 
that  effect  through  an  enhanced  chemical  interaction.  For  YBCO,  we  observed  a  similar  trend. 
However,  contact  problems  between  the  film  and  Ml  have  so  far  prevented  us  from  obtaining 
quantitative  conductivity  data.  We  are  currently  engaged  in  solving  this  problem  through  the 
development  of  improved  Ml  electrodes.  Nevertheless,  the  results  from  table  1  suggest  that  the 
enhanced  chemical  interaction  provided  by  the  Sr  termination  is  very  beneficial  for  the  growth  of 
YBCO  which  has  a  small  lattice  mismatch  and  exhibits  a  very  flat  surface  for  the  film  on  Q4. 
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Fig.  3.  IV  curves  for  each  quadrant 


Fig.  4.  ZQ  curves  for  Ql  and  Q4 
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Gate  oxide  quality 


Another  important  element  that  contributes  to  the  performance  of  the  device  is  the  gate  oxide. 
It  has  been  estimated  that  a  surface  charge  density  of  about  10 14  /cm2  would  fully  metallize  the 
channel  [7].  Several  factors  conspire  to  prevent  attaining  the  optimal  surface  charge  in  a 
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Fig.  5  .  Surface  charge  vs.  Voltage. 
Sample  with  a  160  nm  thick  STO  gate 
oxide. 


Fig.  6.  Surface  charge  vs.  Voltage 
120  nm  thick  BST  capacitors;  ( —  ), 
Ti/Pt  electrode;  ( — ) ,  Pt  electrode 


consistent  fashion;  stress  induced  defects,  dielectric  constant  and  dielectric  homogeneity. 

We  noticed  that  growing  the  gate  oxide  film  at  the  same  temperature  as  the  channel  film 
(700-750  °C)  usually  leads  to  film  stress,  which  probably  constitutes  the  source  of  the  electrical 
breakdown  that  often  occurs  at  the  boundaries  of  the  Ml  pads  in  enhancement  type  devices. 

In  order  to  improve  the  gate  oxide,  we  tried  different  approaches.  One  approach  consists  of 
depositing  first  a  thin  STO  film  at  lower  temperature  to  induce  a  polycrystalline  growth,  and 
subsequently  continue  the  growth  at  higher  temperature.  Figure  5  shows  a  plot  of  surface  charge 
density  vs.  voltage  for  a  device  with  a  160  nm  PLD  STO  film  grown  with  the  temperature 
scheme  just  described.  The  surface  charge  density  is  less  than  what  is  needed  for  full 
metallization  of  the  film,  and  smaller  than  what  is  obtained  by  growing  the  film  at  constant 
temperature,  indicating  that  this  growth  method  has  a  detrimental  effect  on  the  dielectric 
constant.  In  a  second  approach,  a  barium  strontium  titanate  (BST)  film,  prepared  by  chemical 
solution  deposition  (CSD),  is  deposited  over  a  thin  PLD  STO  film  grown  at  the  same 
temperature  as  the  channel.  This  approach  would  heal  stress  related  cracks  in  the  PLD  STO  film 
while  still  maintaining  a  high  dielectric  constant.  The  spin  solution  was  prepared  under  nitrogen 
with  stirring.  25.46  gm  (0.185  mole)  barium,  6.95  g  (0.0793  mole)  strontium,  and  150  ml 
butoxyethanol  were  refluxed  until  all  the  barium  and  strontium  metal  had  reacted.  In  a  separate 
flask  75.13  g  (0.264  mole)  titanium  isopropoxide  and  150  ml  butoxyethanol  was  refluxed  for  3h 
and  isopropanol  distilled  away.  Both  solutions  were  allowed  to  cool  to  room  temperature  before 
mixing.  The  combined  solution  was  filtered  in  vacuo  and  77. 1  g  (0.53  mol)  of  ethylhexanoic 
acid  was  added.  The  solution  volume  was  adjusted  with  additional  butoxyethanol  to  make  a  4.9 
weight  %  Ba,  1.45  weight  %  Sr  and  2.36  weight  %  Ti  to  prepare  the  Ba.70Sr.33Ti.97  stock  solution 
as  determined  by  ICP.  The  spin  solution  was  prepared  by  diluting  the  stock  solution  1 : 1  with  an 
equal  volume  of  butoxyethanol,  and  was  loaded  into  a  syringe  and  a  0.45  pm  and  0.1  pm  filter 
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was  attached.  The  solution  was  syringed  on  the  substrate  until  completely  wetted.  The  substrate 
was  then  spun  for  30-60  sec  at  2500  rpm.  for  1-2  min  in  an  AG-Associates  Model  610  rapid 
thermal  annealer.  Layer  thickness  was  ~  20  nm  /  layer  for  a  0. 1 M  spin  solution  concentration. 
Thicker  films  were  fabricated  by  depositing  multiple  layers. 

The  spin  coat  method  of  making  a  gate  oxide  is  promising.  However,  to  optimize  the 
dielectric  constant  and  leakage  characteristics,  an  annealing  step  in  02  is  needed.  The  latter  step 
may  introduce  electrode  related  problems  as  it  is  shown  next.  Figure  6  shows  the  surface 
charge  density  induced  in  capacitors  made  with  100  nm  thick  CSD  BST  on  Nb  doped  STO 
substrates.  The  dashed  curve  corresponds  to  a  sample  where  the  Pt  electrodes  were  evaporated 
over  a  Ti  adhesion  layer  through  a  photolithographic  mask,  whereas  the  solid  curve  corresponds 
to  a  sample  with  Pt  electrodes  deposited  through  a  stencil  mask  without  adhesion  layer.  Figure  6 
suggests  that  although  CSD  BST  is  potentially  a  good  gate  oxide,  there  is  a  strong  effect  on  the 
total  capacitance  due  to  the  dielectric  heterogeneity  induced  by  the  oxidized  adhesion  layer. 
Avoiding  the  latter  requires  a  new  method  to  define  the  gate  electrodes.  It  consists  of  evaporating 
a  blanket  Pt  film,  following  subtraction  of  the  unwanted  metal  by  ion  milling  through  a  negative 
lithographic  mask. 

SUMMARY 

In  this  paper  we  investigated  several  critical  issues  in  the  fabrication  of  oxide  based  FETs  in 
order  to  improve  performance.  We  have  demonstrated  a  method  to  invert  the  B-site  terminated 
perovskite  surface  into  an  A-site  terminated  surface.  Fabrication  of  devices  on  A-site  terminated 
substrates  leads  to  improved  conductivity.  We  also  underscored  the  importance  of  the  gate 
electrode  in  achieving  sufficient  surface  charge  values. 
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ABSTRACT 


Pt/SBT/Ti02/Si  structure  was  proposed  for  metal/ferroelectric/insulator/semiconductor  field 
effect  transistor  (MFIS-FET)  applications.  SrBi2.4Ta209  (SBT)  thin  films  of  400  nm  thickness 
were  prepared  using  liquid  source  misted  chemical  deposition  (LSMCD)  on  Si(100)  substrates 
with  Ti02  buffer  layers  deposited  by  DC  reactive  sputtering  with  the  thickness  ranging  from  5 
nm  to  200  nm  and  electrical  properties  of  MFIS  structures  were  investigated.  Memory  window 
and  maximum  capacitance  of  the  Pt/SBT/Ti02/Si  structure  increased  with  decreasing  the 
thickness  of  Ti02  buffer  layer.  The  Pt/SBT(400  nm)/TiO2(10  nm)/Si  structure  exhibited  C-V 
hysteresis  loop  with  the  memory  window  of  1.6  V  at  +5  V,  and  could  be  applicable  for  MFIS- 
FET  applications. 


INTRODUCTION 


Recently,  SrBi2Ta209-based  ferroelectric  thin  films  of  Bi-layered  perovskite  structure  have 
been  extensively  investigated  for  non-volatile  ferroelectric  random  access  memory  (FRAM) 
applications  [1-2].  One  of  the  most  promising  FRAM  devices  is  the  metal-ferroelectric- 
semiconductor  field  effect  transistor  (MFS-FET),  in  which  the  ferroelectric  thin  film  is  used  as  a 
gate  material  [3].  Since  the  current  between  the  source  and  drain  is  controlled  by  the  spontaneous 
polarization  of  the  ferroelectric  thin  film  and  can  be  sensed  without  reversal  of  the  ferroelectric 
polarization,  nondestructive  read  out  (NDRO)  operation  is  possible  in  the  MFS-FET 
configurations.  MFS-FET  devices  also  provide  high  integration  density  due  to  their  structures 
with  a  single  transistor  per  unit  cell.  However,  interfacial  reactions  between  ferroelectric  thin 
film  and  Si  substrate  make  it  difficult  to  obtain  the  desired  electrical  characteristics  for  MFS-FET 
devices  [4].  As  an  alternative  solution,  metal-ferroelectric-insulator-semiconductor  (MFIS) 
structure  has  been  proposed  to  improve  the  interfacial  properties  using  buffer  layers  such  as 
Ce02,  Y203,  and  SrTiOj  [5-7]. 

In  this  work,  we  have  prepared  the  Pt/SrBi2Ta209/Ti02/Si  structure  using  Ti02  as  a  buffer 
layer  between  SrBi2Ta209  (SBT)  ferroelectric  thin  film  and  Si  substrate,  and  investigated  the 
electrical  properties  of  the  Pt/SBT/Ti02/Si  structure  with  variation  of  the  Ti02  thickness. 
Although  SBT  thin  film  has  attracted  much  attention  for  FRAM  applications  due  to  its  fatigue- 
free  characteristics  and  a  small  coercive  field,  high  annealing  temperature  such  as  800 °C  is 
needed  to  obtain  the  optimum  ferroelectric  properties  of  SBT  film  [1].  Thus,  the  buffer  material 
for  MFIS  structure  with  SBT  thin  film  should  be  stable  and  thickness  of  the  buffer  layer  should 
be  thick  enough  to  prevent  interdiffusion  between  SBT  film  and  Si  during  such  annealing 
process.  Since  Ti02  maintains  its  metastable  phase,  anatase,  up  to  near  900  C  [8]  and  exhibits 
high  dielectric  constant  [9],  it  is  expected  that  Ti02  acts  as  a  good  diffusion  barrier  and  exhibits  a 
low  gate  voltage  even  with  sufficient  thickness. 
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EXPERIMENTAL  DETAILS 


To  fabricate  the  Pt/SBT/Ti02/Si  structure,  Ti02  buffer  layers  of  the  thickness  ranging  from  5 
nm  to  200  nm  were  deposited  on  RCA-cleaned  p-type  Si(100)  substrate  using  DC  reactive 
sputtering  at  room  temperature.  Thickness  of  the  Ti02  films  was  measured  by  ellipsometry. 
Deposition  of  the  SBT  film  on  Ti02/Si  was  conducted  using  liquid  source  misted  chemical 
deposition  (LSMCD)  which  has  been  considered  as  an  attractive  technique  to  fabricate 
multicomponent  oxide  films  such  as  SBT  [10].  As  bismuth  volatility  occurs  during  annealing 
process  of  the  LSMCD-derived  SBT  thin  film,  addition  of  excess  bismuth  oxide  into  the  coating 
solution  is  required  to  prevent  the  bismuth  deficiency  of  the  SBT  film.  In  this  study,  Sr,  Bi,  and 
Ta-2-ethylhexanoate  of  0.5  M  concentration  were  mixed  as  Sr  :  Bi  :  Ta  mole  ratio  of  1  :  2.4  :  2 
and  diluted  with  n-butyl  acetate  to  prepare  the  SrBi2  4Ta209  (SBT)  coating  solution  of  0.05  M 
concentration.  Ti02/Si  substrates  were  charged  in  the  LSMCD  deposition  chamber.  After 
evacuating  the  chamber  below  3MO'5  torr,  nitrogen  gas  was  introduced  into  the  chamber  to  keep 
it  at  600  —  700  torr.  Then,  the  coating  mist  was  generated  from  the  SBT  coating  solution  using 
ultrasonic  transducer  of  1.65  MHz  and  carried  into  the  chamber  using  argon  gas.  The  substrates 
were  rotated  at  I  -3  rpm  to  spread  the  mist  uniformly  on  top  of  the  substrates.  After  depositing 
for  5  minutes,  films  were  dried  using  halogen  lamp  at  150°C  and  400 “C  for  5  minutes, 
respectively.  This  procedure  was  repeated  several  times  to  obtain  the  desired  film  thickness  of 
400  nm.  Annealing  of  the  LSMCD-derived  SBT  films  was  conducted  at  800 °C  for  1  hour  in 
oxygen  ambient.  Sputter  deposition  of  200  nm-thick  Pt  was  followed  to  form  the  gate  electrodes 
of  200  pm  diameter  using  the  shadow  mask  and  post-metallization  annealing  was  performed  at 
600 °C  for  10  minutes  in  oxygen  atmosphere  for  stabilization  of  the  Pt/SBT  interface.  Native 
oxide  on  the  backside  of  the  Si  substrate  was  etched  using  buffered  hydrofluoric  acid  and 
aluminum  was  sputtered  to  make  ohmic  contact.  Consequently,  Pt(200  nm)/SBT(400 
nm)/TiO2(5~200  nm)/Si  structure  was  fabricated. 

Crystalline  phases  of  the  SBT/Ti02/Si  structure  were  characterized  using  X-ray 
diffractometry  (XRD)  with  an  incident  angle  of  5°.  Remanent  polarization  and  coercive  field  of 
the  Pt/SBT/Pt  film  capacitor  were  characterized  using  RT66A  ferroelectric  tester.  C-V 
characteristics  of  the  Pt/SBT/Ti02/Si  structures  were  measured  by  HP  4194A  impedance/gain 
phase  analyzer. 


RESULTS  AND  DISCUSSION 


XRD  patterns  of  the  annealed  SBT  films  prepared  on  the  as-deposited  TiO2(200  nm)/Si  and 
Pt/Ti/Si02/Si  substrates  were  shown  in  Fig.  1.  After  annealing  at  800 °C  for  1  hour  in  oxygen 
atmosphere,  SBT  films  on  the  Ti02/Si  and  platinized  Si  substrates  were  fully  crystallized  to 
bismuth  layered  perovskite  structure  without  preferred  orientation.  As  illustrated  in  Fig.  1,  XRD 
patterns  of  the  SBT  film  prepared  on  the  Pt/Ti/S i02/S i  substrate  were  identical  to  those  prepared 
on  the  Ti02/Si  substrate,  indicating  that  the  crystallization  behavior  of  the  LSMCD-derived  SBT 
film  was  not  much  affected  with  the  underlayer. 

Fig.  2  illustrates  the  ferroelectric  hysteresis  curves  of  the  Pt/SBT/Pt  capacitors.  LSMCD- 
derived  SBT  film  with  thickness  of  400  nm  exhibited  well-developed  hysteresis  curves.  At 
applied  voltage  of  ±5  V,  the  remanent  polarization  (2Pr)  and  coercive  field  (Ec)  of  the  SBT  film 
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Figure  1.  XRD  patterns  of  the  SBT  films  prepared  on  Ti02/Si  and  Pt/Ti/Si02/Si  substrates. 


were  8.3  pC/cm2  and  31  kV/cm,  respectively.  Well-symmetric  C-V  behavior  of  the  Pt/SBT/Pt 
capacitor  was  obtained  at  1  MHz  with  applied  voltage  of  ±5  V  and  also  shown  in  Fig.  2. 

Fig.  3  shows  C-V  curves  of  the  Pt/SBT/Ti02/Si  structures,  which  were  measured  at  l  MHz 
with  oscillation  level  of  30  mV.  The  applied  bias  voltage  was  swept  from  negative  to  positive  and 
vice  versa  with  the  sweep  rate  of  0.05  V/sec.  With  the  bias  voltage  ranging  from  ±2  V  to  ±1  V, 
the  Pt/SBT/Ti02/Si  structure  with  10  nm-thick  Ti02  buffer  layer  exhibited  clockwise  directional 
hysteresis,  indicating  well-defined  ferroelectric  switching  behavior  of  the  SBT  film  [5,6].  For  the 
Pt/SBT/Ti02/Si  structure  with  5  nm-thick  Ti02  buffer  layer,  however,  counterclockwise 
directional  hysteresis  was  observed  at  ±7  V,  implying  charge  injection  into  the  Pt/SBT/Ti02/Si 
structure. 


[ _ , _ i _ , _ i — . — i — . — i — . — i — . — i — ■ — t — ■ — i 

.8  -6  -4  -2  0  2  4  6  8 


Applied  voltage  (V) 


Applied  voltage  ( V ) 


Figure  2.  (a)  Ferroelectric  hysteresis  loops  and  (b)  C-V  curves  of  the  Pt/SBT/Pt  capacitors. 
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Figure  3.  C-V  curves  of  the  Pt/SBT/Ti02/Si  structures  with  Ti02  thickness  of  (a)  5  nm 
and  (b)  10  nm. 


Auger  depth  profiles  of  Pt/SBT/Ti02/Si  structures  were  shown  in  Fig.  4.  Although 
interdiffusion  between  SBT  and  Si  was  observed  for  the  Pt/SBT/Ti02/Si  structure  with  5  nm- 
thick  TiO,  buffer  layer  after  annealing  at  800 °C  for  1  hour  in  oxygen  atmosphere,  it  was 
suppressed  efficiently  by  Ti02  buffer  layer  thicker  than  10  nm.  From  these  results,  it  is 
considered  that  Ti02  acts  as  a  good  diffusion  barrier  in  the  Pt/SBT/Ti02/Si  structures. 

Fig.  5  shows  C-V  characteristics  of  the  Pt/SBT/Ti02/Si  structures  measured  at  1  MHz  with 
varying  the  TiO,  thickness  ranging  from  10  nm  to  50  nm.  At  the  bias  voltage  of  ±5  V,  the  regions 
of  accumulation,  depletion  and  inversion  were  clearly  defined  in  the  C-V  curves  of  the 
Pt/SBT/Ti02/Si  structure  regardless  of  the  Ti02  thickness. 

As  shown  in  Fig.  6,  the  memory  window  of  the  Pt/SBT/TiO,/Si  structures,  defined  as  the 
difference  between  the  applied  gate  voltages  near  the  flatband  capacitance,  increased  with 
increasing  the  applied  gate  voltage  and  decreasing  the  TiO,  thickness.  This  was  resulted  from  the 
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Figure  4.  Auger  depth  profiles  of  the  Pt/SBT/Ti02/Si  structures  with  TiO,  thickness  of 
(a)  5  nm,  (b)  10  nm,  and  (c)  30  nm. 
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Figure  5.  C-V  hysteresis  curves  of  the  Pt/SBT/Ti02/Si  structures  at  ±5  V. 


fact  that  the  electric  field  across  the  ferroelectric  layer  increased  with  decreasing  the  Ti02 
thickness.  In  the  ideal  MFIS  structures,  the  memory  window,  i.e.,  width  of  hysteresis,  has  been 
reported  to  be  identical  to  the  coercive  field  of  the  ferroelectric  layer  and  proportional  to  the 
applied  voltage  [6,11].  In  the  real  systems,  however,  Si02  forms  easily  at  the  interface  between 
insulator  and  Si  due  to  the  high  annealing  temperature  [5,6].  Thus,  voltage  drop  can  occur  due  to 
the  formation  of  Si02  and  MFIS  structures  exhibit  memory  window  smaller  than  coercive 
voltage  of  the  ferroelectric  films  at  the  same  applied  voltage. 


Figure  6.  Memory  windows  of  the  Pt/SBT/Ti02/Si  structures  vs.  applied  gate  voltage. 
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CONCLUSIONS 


We  verified  that  Ti02  thin  film  was  suitable  as  a  buffer  layer  for  deposition  of  SBT  film  on 
Si  substrate  to  prepare  the  MFIS  structure.  At  applied  voltage  of  ±5  V,  the  remanent  polarization 
(2Pr)  and  coercive  field  (Ec)  of  the  LSMCD-derived  SBT  film  were  8.3  pC/cnr  and  31  kV/cm, 
respectively.  Using  the  Ti02  buffer  layer  thicker  than  10  nm,  interdiffusion  between  SBT  and  Si 
was  suppressed  even  after  annealing  at  800  C  for  1  hour  in  oxygen  ambient.  The  memory 
window  and  maximum  capacitance  of  the  Pt/SBT/Ti02/Si  structure  became  larger  with 
decreasing  the  thickness  of  Ti02  buffer  layer,  and  the  Pt/SBT(400  nm)/TiO2(10  nm)/Si  structure 
exhibited  the  memory  window  of  1 .6  V  at  ±5  V.  With  these  results,  it  could  be  suggested  that  the 
Pt/SBT/Ti02/Si  structure  is  applicable  to  NDRO-type  MFIS-FET  applications. 
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U.  Petermann,  I.D.  Baikie,  B.  Lagel,  K.M.  Dirscherl 

Department  of  Applied  Physics,  Robert  Gordon  University,  Aberdeen,  UK 

ABSTRACT 

In  order  to  search  for  efficient  target  materials  for  use  in  Hyperthermal  Surface  Ionisation  (HSI), 
a  new  mass  spectroscopy  ionisation  technique,  we  have  performed  a  study  of  high  and  low  work 
function  (<J))  surfaces  as  part  of  an  ongoing  project.  HSI  relies  on  high  and  low  work  function 
surfaces  for  the  production  of  positive  (pHSI)  and  negative  (nHSI)  ions,  respectively. 

Using  a  novel  UHV  Scanning  Kelvin  Probe  we  have  followed  the  oxidation  kinetics  of 
polycrystalline  Re  at  different  temperatures  and  examined  the  effects  of  oxidation,  flash 
annealing  and  sputter-anneal  cleaning  cycles  via  high  resolution  work  function  topographies.  Our 
results  indicate  that  oxidised  Re  is  the  best  candidate  for  pHSI  in  terms  of  ionisation  efficiency 
and  <j)  change.  The  peak  work  function  change  of  2.05  eV  occurred  at  900  K  to  950K. 

For  the  nHSI  materials  Calcium  exhibited  the  best  performance  with  respect  to  the  ionisation 
efficiency  indicating  a  wf  of  2.9  eV.  We  will  present  data  in  terms  of  mass  fragmentation  using 
an  HSI-Time-of-Flight  (TOF)  system  and  time  stability  of  the  work  function. 

INTRODUCTION 

The  objective  of  this  study  was  to  examine  high  (Rhenium  Re,  Tungsten  W,  Molybdenum  Mo 
and  Platinum  Pt)  and  low  (Calcium  Ca,  Lanthanum  Hexaborid  LaB6,  Gadolinium  Gd)  work 
function  materials  as  target  surfaces  for  Hyperthermal  Surface  Ionisation  (HSI)  [1].  In  this 
application  the  sample  vapour  is  ionised  by  supersonic  collision  with  a  suitable  target  surface  and 
the  resulting  ion-beam  is  then  mass  analysed  by  a  TOF  spectrometer.  As  this  technique  does  not 
use  electron  impact  (El)  filaments  the  amount  of  cracking  products  is  low  [2],  Analytical  merits 
of  this  new  HSI-TOF  technique  include  high  sensitivity,  controllable  selectivity,  informative 
mass  spectra  and  an  atmospheric  pressure  inlet.  The  target  work  function  is  a  key  parameter  in 
determining  the  HSI  efficiency:  as  the  solute  molecules  approach  a  high  or  low  work  function 
surface  some  neutrals  will,  upon  transfer  of  an  electron  to  the  target  surface  or  versus  visa,  cross 
the  electronic  potential  curve  to  form  positive  or  negative  ions,  respectively. 

The  newly  developed  Ultra-High- Vacuum  (UHV)  compatible  Scanning  Kelvin  Probe  (SKP) 
offers  unparalleled  sensitivity  to  changes  in  surface  dipole  due  to  adsorption,  contamination  and 
structure.  The  Kelvin  method  [3,4]  produces  the  average  <j>  of  the  sample  under  the  tip  and  not 
that  biased  to  low  <j>  patches  as  is  the  case  for  photo-  and  thermionic-emission.  The  SKP  has  a  1-2 
meV  work  function  resolution  and  employs  a  sample-to-tip  tracking  algorithm  [5]  without  which 
(J)  measurements  can  be  difficult  to  interpret  [6,7].  This  technique  has  previously  been  applied, 
together  with  STM,  AES,  LEED,  TPD  and  EELS  for  research  into  semiconductor  surface 
processing  [8,9],  co-adsorption  [10]  and  thin  metallic  films  [11,12,13]  on  metal  surfaces  as  well 
as  surface  charge  imaging  of  oxides  and  operational  electronic  devices  [14].  We  have  also 
utilised  the  SKP  to  image  contamination  [15,16,17],  sputter  induced  surface  roughness  [18]  and 
the  temperature/dose  dependency  of  the  Hofer  precursor  in  the  oxidation  of  Si(lll)  7x7 
[19,20,21]. 
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Oxidation  of  the  clean  metal  surfaces  produces  a  strong  dipole  layer  (negative  end  outwards) 
which  significantly  increases  4  and  therefore  is  used  in  the  study  for  high  work  function 
materials. 

The  sensitivity  of  pHSI  and  nHSI  was  investigated  using  Di-Nitro-Toluene  (DNT).  Hydrogen 
was  used  as  the  carrier  gas  for  the  make-up  flow  for  the  supersonic  molecular  beam  interface. 

EXPERIMENTAL  METHOD 
Kelvin  Method 

If  two  conductors  (or  semiconductors)  A  and  B  with  a  dissimilar  work  function  <j)A  and  <J>B  are 
first  brought  in  contact  a  flow  of  electron  from  the  material  with  the  higher  work  function  will 
continue  to  the  material  with  the  lower  work  function  until  an  equilibrium  is  reached  and  the 
electrochemical  potential  of  electrons  are  equal  (see  Fig,  lb).  When  the  system  of  A  and  B 
reaches  the  thermal  equilibrium,  in  which  the  Fermi  levels  e  are  alike,  the  contact  potential 
difference,  Vcp<j,  of  the  junction  is  established  representing  the  difference  in  work  function 
between  the  materials  A  and  B. 


(a)  (b)  (c) 


LJ 


Vb  =  -VCpd 

Fig.  1 .  Electron  energy  diagram  of  the  traditional  Kelvin  Probe:  a)  separated  charge-free  plates  b) 
both  plates  electrically  connected  and  c)  balanced  circuit  via  an  adjustable  battery  Vb,  sA  and  sB  to 
the  Fermi  levels  of  material  A  and  B,  respectively. 


The  inclusion  of  the  “backing  potential”  Vb  in  the  external  circuit  permits  biasing  of  one  plate 
with  respect  to  the  other:  at  a  unique  point,  where  Vb  =  -Vcpd,  the  electrical  field  between  the 
plates  vanishes  [seeFig.  lc)],  resulting  in  a  null  output  signal. 

By  vibrating  one  of  the  plates  a  alternating  flow  of  charges  Q  is  induced,  which  can  be  described 
as  time-varying  current  i(t)  following: 


(1) 

where  Vc  is  the  overall  voltage  across  the  capacitor  and  CK(t)  denotes  the  time-altering  Kelvin 
capacitor.  Vc  can  be  expressed  by 

Vc  =  Vcpd-Vb.  (2) 

The  work  function  difference  between  the  plates  is  thus  equal  and  opposite  to  the  DC  potential 
necessary  to  produce  a  zero  output  signal 
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Hvperthermal  Surface  Ionisation 

The  Hyperthermal  Surface  Ionisation  can  be  described  in  terms  of  surface-molecule  or  molecule- 
surface  electron-transfer  process,  where  the  molecule  carries  kinetic  energy.  This  energy  can  be 
directly  converted  in  order  to  bridge  the  gap  between  the  molecular  ionisation  potential  and  the 
surface  work  function  (positive  ions-pHSI)  or  the  surface  work  function  and  the  molecular 
electron  affinity  (negative  ions-nHSI)  [22].  If  a  molecule  approaches  a  surface  at  a  given  critical 
distance  Rc,  an  electron  can  be  spontaneously  exchanged  between  the  surface  and  the  molecule. 
At  Rc  the  stabilisation  energy  due  to  the  image  potential  can  overcome  the  energy  difference  AE 
and  an  electron  transfer  from  the  neutral  into  an  ionic  configuration  can  occur  as  shown  in  Fig.  2. 


Fig  2:  Mechanism  of  Hyperthermal 
Surface  Ionisation 


EXPERIMENTAL 

The  polycrystalline  sample  (25  x  12  x  0.025  mm3,  99.99%,  GoodFellow)  were  mounted  onto  the 
manipulator  using  Ta  pressure  contacts.  The  UHV  chamber  base  pressure  after  bakeout  is  8x10" 
11  Torr.  Clean  surfaces  were  generated  by  direct  current  flash  annealing  to  temperatures  above 
2000  K.  Oxygen  (99.995%)  was  inlet  from  a  separately  pumped  gas  inlet  system  and  mass 
spectra  were  frequently  taken  to  verify  02  purity.  Auger  electron  spectra  were  taken  with  a  VG 
Rear  View  LEED  optics  assembly  used  in  Auger  electron  mode. 

LaB6  was  evaporated  onto  Re  substrate  using  a  electron  beam  evaporator  EBN1  (Applied  Oxford 
Research).  The  absolute  work  function  scale  has  been  generated  by  initially  calibrating  the 
Kelvin  probe  (KP)  tip  using  Photoelectric  (PE)  measurements  and  calibration  samples  [23]. 

The  absolute  work  function  values  of  the  cleaned  samples  used  in  the  study  are  listed  below. 


Re 

5.1  ±0.1  eV 

W 

4.65±0.1  eV 

Mo 

4.5  ±0.1  eV 

Pt 

5.7  ±0.1  eV 

LaB6 

2.72±0.1  eV 

Ca 

2.9  ±0.1  eV 

Gd 

3.1  ±0.1  eV 

The  HSI  experiments  were  carried  out  with  HD  Technology  TOF  instrument  with  a  supersonic 
molecular  beam  (SMB)  interface  (HYPERJET). 


39 


RESULT  AND  DISCUSSION 


High  work  function  materials 

Fig.  3  a)  shows  A</>  data  during  oxidation  of  the  Re  at  substrate  temperatures  of  300-900  K.  The 
peak  <j>  value  of  the  oxidised  surface  is  strongly  temperature  dependant  resulting  in  a  A<f>  of  1050, 
1240,  1560  and  2050  meV  for  300,  500,  700  and  900  K,  respectively.  The  peak  work  functions 
remains  constant  after  an  02  exposure  of  4xl04  L  (lL=lLangmuir=lxl0‘6  Torr  sec)  These  Atfi 
results  show  a  good  agreement  with  measurements  of  <f>  carried  out  by  Fusy  et  al.[24]  and  Zehner 
and  Farnsworth  [25]  using  retarding  potential  technique.  At  saturation  coverage  of  oxygen  they 

obtained  maximum  A (j)  of  1.8eV  at  830  K  on  recrystallized  Re  ribbon  and  1.7eV  on  Re(0001)  at 
1050  K,  receptively. 

2500 
2000 
1500 

•5-  1000 
< 

500 
0 

IE' 2  1E+0  1E+2  1E+4  1E-HS  1E+0  1E+1  1E+2  1E+3  1E+4  1E+5 

Oz  exposure  [Langmuir,  L]  H2  /  O,  exposure  [Langmuir,  L] 

Fig.  3:  a j  A<|)  during  Re  oxidation  at  substrate  temperatures  of  300-900  K  b)  A<|)  upon  a 
hydrogenation  and  a  subsequent  oxidation  of  Re  at  900  K. 

In  our  HSI  application  the  sample  gas  is  first  mixed  with  a  low  molecular  weight  carrier  gas  (H2) 
and  injected  through  a  small  diameter  nozzle  to  create  a  supersonic  molecular  beam.  In  the  beam 
the  incoming  sample  gas  molecules  can  achieve  kinetic  energies  in  the  region  of  2-8  eV.  The 
interaction  of  the  H2  carrier  gas  on  the  oxidised  Re  surface  was  investigated.  Fig.  3  b)  shows  the 
change  in  <}>  during  the  uptake  hydrogen  at  900  K  followed  by  a  subsequent  oxidation  at  the  same 
temperature.  During  this  experiment  the  temperature  was  kept  at  900  K  at  all  time.  The 
hydrogenation  of  Re  resulted  in  A^>  of -0.910  eV,  while  the  subsequent  oxidation  additionally 
contributed  -1.2  eV  resulting  in  total  <f>  change  of  -2.11  eV  for  both  uptakes.  This  value  is  in 
good  agreement  with  A<[>  of  pure  oxidation  of  2.2eV  at  900  K,  showing  no  significant  reduction 
in  <J>  due  to  hydrogenated  Re  surface.  This  indicates  that  the  adsorbed  hydrogen  is  replaced  with 
the  more  electronegative  oxygen. 

The  work  function  values  upon  oxidation  of  the  metals  Re,  W,  Mo  and  Pt  as  a  function  of  the 
substrate  temperature  are  exhibited  in  Fig.  4.  It  clearly  indicates  that  Re  produced  the  highest 
work  function  of  all  4  metals  tested  peaking  at  a  §  value  of  7. 1 5  ±  0. 10  eV  at  -900K.  Mo,  W  and 
Pt  showed  a  maximum  work  function  of  6.45eV  at  1000K,  6.33eV  at  1000K  and  6.32eV  at 
750K,  respectively. 


300  500  700  900  1100 

Sample  temperature  [K] 


Fig.  4:  Stable  work  function  values  upon 
oxidation  of  the  tested  metals  Re,  W,  Mo 
and  Pt  versus  substrate  temperature 
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The  oxidation  after  pre-adsorption  of  H2  on  Mo,  W  and  Pt  did  reveal  a  change  more  than  ±50 
meV  in  the  $  value  of  the  clean  surface  oxidation. 


Stability  of  the  low  work  function  materials 


The  work  function  as  a  function  of  time  was  monitored  at  a  base  pressure  of »  4  x  10'9  Torr  for 
Ca,  Gd  and  LaB6  as  shown  in  Fig.  5.  Gd  and  LaB6  were  cleaned  by  flashing  up  to  1200K  and 
1700K,  respectively.  Ca  was  mechanically  cleaned  until  a  shiny  surface  is  exposed  and  admitted 
into  the  vacuum  chamber.  It  can  be  seen  that  Ca,  Gd  and  LaB6  all  indicated  a  increase  in  work 
function  with  time.  Gd  has  shown  the  best  <j>  stability  with  an  increase  of  70  meV  over  30  hours. 


Fig.  5:  Change  of  the  work  function 
with  time  of  Ca,  Gd  and  LaBt  due  to 
adsorption  of  residual  gases  at  a  base 
pressure  of  &  4  x  10'9  Torr 


Exposure  [Langmuir,  L] 


The  target  materials  were  accordingly  tested  in  positive  and  negative  HSI  mode  with  explosive 
compounds  (DNT).  Fig.  6  shows  the  mass  spectras  of  DNT  in  a)  nHSI  mode  on  Ca  at  *  500  K, 
b)  pHSI  mode  on  Re  at  950  K  and  c)  nHSI  mode  on  Gd  at  800  K. 

HSI  study 

The  sensitivity  and  mass  spectral  characteristics  were  observed  to  vary  according  to  the 
temperature  of  the  rhenium  surface  and  therefore  the  surface  work  function. 

With  the  calcium  and  gadolinium  surfaces,  operating  in  negative  ion  mode,  both  the  explosive 
compounds  were  detected.  DNT  (molecular  mass  M  =  182)  shows  molecular  ions  at  m/z  182, 
and  very  little  significant  fragmentation  is  observed  in  the  spectrum  of  Ca,  shown  in  Fig.  6  a). 
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Fig.  6:  HSI-TOF  mass  spectra  obtained 
with  a)  DNT  on  Ca  surface  in  negative 
ion  mode  at  «  500  K  b)  DNT  on  Re 
surface  in  positive  ion  mode  at  950K  and 
c)  DNT  on  Gd  surface  in  negative  ion 
mode  at  800K. 
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The  fragmentation  becomes  higher  in  the  mass  spectrum  of  DNT  in  nHSI  mode  on  Gd  [Fig.  6  c)] 
compared  to  Ca.  In  pHSI  mode  using  DNT  on  Re,  the  spectrum  in  Fig.  6  b)  shows  only 
fragments  of  the  DNT  molecules  with  the  most  abundant  ions  at  m/z  92,  136  and  166.  No 
molecular  ions  of  DNT  at  m/z  182  were  detected. 


CONCLUSION 

We  have  demonstrated  that  the  Scantling  Kelvin  Probe  is  a  useful  tool  in  a  search  of  efficient 
target  materials  for  use  in  Hyperthermal  Surface  Ionisation.  The  work  function  study  indicates 
that  oxidised  Re  is  the  best  candidate  for  pHSI  with  <f>  =  (7. 15  ±  0. 1)  eV  in  the  temperature  range 
of  900-950  K,  while  Ca  gave  the  best  results  for  nHSI  using  the  explosives  DNT. 
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ABSTRACT 

Utilizing  a  chemical  transport  reaction,  we  succeeded  in  growing  laige  and  clean  anatase  Ti02 
single  crystals  whose  surfaces  could  be  characterized  by  standard  physical  and  electro-chemical 
techniques.  The  examination  of  the  structure  of  the  clean  (101)  and  (001)  faces  by  low  energy 
electron  diffraction  (LEED)  and  secondary  electron  imaging  (SEI)  showed  that  these  surfaces  are  bulk 
terminated  and  thermodynamically  stable.  Impedance  spectroscopy  in  aqueous  solution  revealed  a 
slight  difference  in  the  flatband  potential  between  the  (101)  and  the  (001)  faces.  This  shift  is  also 
manifested  in  a  different  photocurrent  onset  potential  and  can  be  rationalized  by  a  different  water 
adsorption  on  the  two  surface  structures.  Voltammetry  in  aprotic  solutions  showed  a  different 
lithium  insertion  behavior  for  the  two  surfaces.  This  is  explained  by  a  different  structural 
transparency  of  the  anatase  lattice  in  the  two  directions.  Both  findings  favor  the  (001)  over  the  (101) 
surface.  These  orientational  dependencies  may  have  some  important  technological  relevance  for  the 
mesoscopic  Ti02  films  used  in  solar  cells  and  lithium  batteries. 


INTRODUCTION 

Ti02  is  a  wide-bandgap  semiconductor  that  exists  mainly  in  two  polymorphic  phases, 
anatase  and  rutile.  So  far,  only  surface  properties  of  rutile  are  investigated  systematically  [1].  Due  to 
the  lack  of  suitably  large  and  pure  single  crystals,  investigations  on  specific  surfaces  are  missing  [2]. 
It  is  anatase,  however,  that  plays  a  crucial  role  in  a  number  of  charge-separating  devices,  like  dye- 
sensitized  solar  cells  [3]  or  rocking-chair  lithium  batteries  [4],  These  devices  are  based  on  highly 
porous  films  with  veiy  large  surface  areas  that  consist  of  nano-crystalline  anatase  mainly  exhibiting 
the  (101)  and  (001)  faces.  Although  they  show  already  a  remarkable  performance,  fundamental 
understanding  of  surface  processes,  like  dye  adsorption  or  charge  transfer,  is  still  deficient. 
Moreover,  charge-transfer  processes  should  generally  depend  on  the  crystallographic  orientation,  so 
separate  characterizations  of  different  surfaces  are  desirable. 

Here  we  report  the  first  successful  imaging  of  the  surface  lattice  of  Ti02  single  crystals  in  the 
anatase  structure  by  secondary-electron  imaging  (SEI)  and  low-energy  electron  diffraction  (LEED), 
respectively.  On  both  faces,  which  are  originally  bulk-terminated,  we  have  observed  reversible 
structural  transitions,  induced  by  sputtering  and  subsequent  annealing.  In  addition,  electrochemical 


43 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  623  ©  2000  Materials  Research  Society 


and  photoelectrochemical  studies  in  aqueous  media,  as  well  as  Li+  insertion  experiments  were 
performed.  We  point  at  salient  electrochemical  differences  between  the  two  surfaces  and  relate  them 
to  the  different  surface  structures. 

EXPERIMENT 

Anatase  single-crystals  were  grown  from  the  gas  phase  by  a  chemical  transport  reaction  as 
described  elsewhere  [5].  The  transparent  and  colorless  crystals  ordinarily  have  a  truncated 
bipyramidal  habitus  exhibiting  mainly  the  (101)  and  (001)  surfaces  with  surface  areas  between  1  and 
4  mm2.  The  surface  orientation  of  the  crystals  was  proved  by  X-ray  diffraction  (Laue  camera). 
Atomic  force  microscopy  confirmed  that  the  corrugation  of  the  working  surfaces  was  typically 
below  1  nm.  Prior  to  insertion  into  vacuum,  all  crystals  were  rinsed  in  water,  ethanol,  and  acetone 
and  contacted  with  silver  glue  to  a  copper  plate  in  direct  contact  with  an  oven.  For  electrochemical 
measurements  the  crystals  were  reductively  doped  by  hydrogen  at  500-600°C  for  24  h,  contacted  by 
a  Ga-In  alloy  to  a  copper  wire  and  mounted  using  an  epoxy  resin. 


We  used  a  home-made  electron  gun  in  connection  with  a  display-type,  retarding  grid  spherical 
collector  system  for  LEED.  The  experiments  were  performed  in  an  ultrahigh-vacuum  chamber  with  a 
total  pressure  in  the  lower  10'10  Torr  range. 

Electrochemical  experiments  in  aqueous  solutions  were  carried  out  in  conventional  three- 
electrode  cells  using  a  potentiostat.  The  reference  electrode  was  a  standard  Ag/AgCl  electrode  in 
saturated  KC1  solution,  a  Pt-wire  served  as  the  counter  electrode.  Illumination  of  the  working 
electrode  was  accomplished  with  a  450  W  high-pressure  xenon  lamp  through  a  quartz  window  in  the 
cell.  The  light  intensity  was  about  100  mW/cm2  (white  light);  the  distance  between  cell  window  and 
working  electrode  was  approximately  1  cm.  The  studies  of  Li  insertion  were  carried  out  in  an  Ar  - 
filled  glove  box  in  a  dry  solution  (10  to  15  ppm  H20)  of  1  M  LiN(CF3S02)2  in  ethylene  carbonate 
(EC)  and  1 ,2-dimethoxyethane  (DME)  (1:1  by  mass).  Li/Li+  served  as  a  reference,  Pt  as  the  counter 
electrode. 

RESULTS 

Surface  structure 

Fig.  la)  and  b)  show  very  sharp  LEED  images  from  the  anatase  (101)  and  (001)  surfaces, 
respectively.  The  surface  lattice  constants,  calculated  from  the  LEED  spots,  correspond  to  the  bulk 
values  within  an  error  limit  of  1%  for  both  faces.  The  symmetry  of  the  patterns  shows  that  the 
surfaces  are  not  reconstructed.  This  result  confirms  experimentally  a  basic  assumption  underlying 
e.g.  the  theoretical  calculation  of  adsorption  of  water  molecules  on  these  two  anatase  surfaces  [9]. 

During  sputtering,  we  have  observed  .  a  structural  transition  on  both  surfaces  to  titanium 
monoxide  [7].  This  phase  transition  is  obviously  induced  by  preferential  sputtering  of  oxygen 
atoms.  Upon  annealing  at  900K  in  UHV  for  30min.  the  stoichiometry  as  well  as  the  original  anatase 
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structure  at  the  (101)  face  is  restored.  On  the  (001)  face,  on  the  other  hand,  a  new  pattern  came  into 
view  (Fig.  lc).  The  symmetry  and  the  lattice  constants  did  not  change,  but  three  additional  spots  can 
be  detected  between  the  original  main  spots  in  the  [100]  as  well  as  in  the  [010]  direction.  This  hints 
toward  a  (1x4)  superstructure  with  different  domains  aligned  perpendicular  to  each  other.  A  missing 
oxygen  row  model,  where  each  4th  row  of  bridging  oxygen 
a)  b)  c) 


Figure  1:  LEED  patterns  of  a)  the  (101)  and  b)  the  (001)  surfaces  of  anatase.  c)LEED  pattern  of  the 
(OOl)surface  after  sputtering  and  annealing.  (  The  electron  energies  are  a)  102eV,  b)  191eV  and  c) 

122eV.) 

atoms  along  the  [100]  (resp.  [010])  direction  is  missing,  might  explain  this  superstructure[7]. 
Exposing  the  sample  to  oxygen  or  introducing  air  into  the  experimental  chamber  recovers  the  (lxl) 
surface  order.  These  observations  demonstrate  hence  the  possibility  to  obtain  clean  and  structurally 
perfect  anatase  surfaces. 

Electrochemistry  in  aqueous  media:  photo-oxidation  of  water 

Fig.  2  displays  the  photocurrent  for  water  oxidation  at  anatase  electrodes  in  0. 1  M  HC1  as  a 
function  of  applied  potential.  The  electrodes  were  illuminated  by  chopped  white  light  of  a  Xe-lamp. 
The  photocurrent  raises  with  the  square  root  of  the  applied  voltage  as  predicted  by  the  equation  [2]: 
/ph2  =  2eeoe,  (kWWU-Ua,)  0 ) 

( u  is  the  electrode  potential,  U&  the  flatband  potential,  N  the  donor  density,  I0  the  illumination 
intensity  and  a0  the  optical  absorption  coefficient).  The  onset  of  photocurrent  is  at  about  -0.28  V 
vs.  Ag/AgCI  for  the  (001)  orientation  and  -0.24  V  for  the  (101)  orientation.  This  hints  towards  a 
more  negative  flatband  potential  (Eft)  for  the  (001).  The  start  of  the  dark-reduction  of  water  at 
potentials  negative  to  Eft,,  too,  shows  a  negative  shift  for  the  (001)  surface.  For  a  more  precise 
determination  of  the  flatband  potential,  impedance  spectra  were  also  recorded.  The  observed  shift 
equaled  (0.06  -  0.02)  V  on  the  average  [8]. 

In  aqueous  media,  the  Eft  is  controlled  by  the  acid-base  equilibrium  involving  surface  OH  groups  [2]. 
Recent  theoretical  calculations  indicated  a  significant  difference  in  the  adsorption  of  water  for  these 
two  surfaces  [9].  The  clean  (101)  surface,  which  contains  half-penta-/  half-  hexacoordinated  Ti 
atoms,  adsorbs  water  non-dissociatively.  On  the  other  hand,  the  clean  (001)  surface  contains  only 
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pentacoordinated  Ti  atoms.  On  the  (001)  surface,  water  is  spontaneously  dissociated,  which  leads 
to  the  anchoring  of  isolated  OH  groups  to  Ti  atoms.  All  surface  Ti  atoms  stay  pentacoordinated  even 
if  they  carry  terminal  hydroxyl  groups.  Consequently,  the  more  acidic  (001)  surface  attracts  less 
protons,  which  explains  the  negative  shift  of  Efc. 

The  demonstrated  orientation  dependence  of  the  flatband  potential  may  have  technological  relevance 
for  the  anatase-based  solar  cells.  A  more  negative  flatband  potential  allows  higher  open 

a)  b) 


V  vs.  Ag/AgCI  V  vs.  Ag/AgCI 


Figure  2:  Photocurrent  densities  for  a)  the  (101)  and  h)  the  (001)  surface  ofanatase.  The  insets  show 
a  magnification  of  the  region  where  the  photocurrent  starts. 

circuit  photovoltages  (OCV)  to  be  achieved  in  solar  cells.  This  shift  could  be,  presumably,  achieved 
by  the  preferential  use  of  (001)  surfaces.  Such  a  surface  is  available,  e.g.  via  self-organization  of  rod¬ 
like  particles  at  controlled  conditions  [10]. 


Electrochemistr 


Erotic  medium:  Li+  insertion 


Fig.  3  displays  cyclic  voltammograms  of  anatase  (101)  and  (001)  faces  in  1  M  LiN(CF3S02)2 
+  EC/DME  (  the  scan  rate  is  0.1  mV/s  ).  The  cathodic/anodic  peaks  correspond  to  the 
insertion/extraction  of  Li+  to/from  the  anatase  lattice: 


Ti02  +  x  (Li+  +  e  )  LixTi02  (2) 

where  the  insertion  coefficient,  x  is  usually  <0.5  [1 1].  The  easier  Li+  insertion  through  the  (001)  face 
is  clearly  apparent.  In  contrast  to  polycrystalline  electrodes,  which  show  the  ratio  of  inserted-to- 
extracted  charge  close  to  100  %,  the  macroscopic  single  crystals  exhibit  considerably  lower 
extraction  charges  as  compared  to  those  for  insertion.  This  is  apparently  caused  by  the  diffusion  of 
Li  into  the  bulk  crystal,  from  where  the  Li+  ions  are  not  completely  recuperated  at  the  time  base  of 
the  reverse  scan. 
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Diffusion  coefficients  for  the  diffusion  of  lithium  ions  in  the  anatase  lattice  were  obtained 
from  chronoamperometric  measurements.  They  showed  noticeably  higher  values  for  the  (001) 
surface  for  both  insertion  and  extraction  [8].  For  both  surfaces  they  follow  an  Arrhenius-type 
temperature  dependence  (shown  for  insertion  in  Fig.  3  b;  the  extraction  case  shows  the  same 
characteristics,  but  is  omitted  here  due  to  the  lack  of  space): 

D  =  D0  exp(-Ea/kT)  (3) 


Figure  3:  a)  Cyclic  voltammogram  of  anatase  in  1  M  LiN(CF3S02)2  +  EC/DME. 
b)  Chemical  diffusion  coefficients  for  Li+  insertion  into  anatase. 

where  E&  is  the  activation  energy.  Hence  we  can  estimate  the  activation  energies  for  Li+  insertion  to 
be  between  0.6  and  0.7  eV  and  for  extraction  about  0.5  eV  for  both  orientations  of  the  anatase 
crystal.  These  values  are  in  a  remarkable  agreement  with  the  activation  energy  predicted  theoretically 
by  ab-initio  calculations  (£a  =  0.6  eV)  and  also  with  the  values  reported  for  poly¬ 
crystalline  anatase  (0.51  to  0.66)  [12]. 

Both  voltammetric  and  chronoamperometric  experiments  point  at  more  facile  Li+  insertion 
through  the  (001)  face.  This  difference  in  the  diffusion  coefficients  (  and  the  close  agreement  of  the 
activation  energies  )  fits  theoretical  predictions  that  Li+  in  anatase  moves  along  zigzag  channels 
connecting  the  octahedral  voids  in  the  lattice  [12].  The  transport  of  Li+  to  a  certain  distance 
perpendicular  to  the  (001)  face  requires  fewer  jumps  between  the  equilibrium  positions  than  the 
same  excursion  underneath  the  (101)  face. 

The  conclusion  that  the  (001)  face  is  more  permeable  for  Li+  also  rationalizes  our  previous 
experimental  finding  that  rod-like  self-organized  anatase  nanocrystals  show  more  facile 
accommodation  of  Li+  as  compared  to  ordinary,  statistically  oriented  nanocrystals  [13].  The  surface 
of  an  array  of  self-organized  particles  (rods)  is  composed  of  (001)  faces  i.e.  it  is  a  mosaic  structure, 
which  mimics  the  (001)  face  of  a  single  crystal  [10].  On  the  other  hand,  the  ordinary  and  non- 
oriented  crystals  expose  prevailingly  their  (101)  faces.  This  finding  may  have  straightforward 
practical  implications  for  anatase-based  lithium  batteries. 
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CONCLUSIONS 


The  goal  of  this  work  was  to  investigate  the  surface  geometry  of  the  anatase  (101)  and  (001) 
surfaces  and  to  relate  it  to  orientation  dependences  of  charge-transfer  processes.  First,  both  surfaces 
were  studied  by  SEI  and  LEED.  We  have  observed  a  structural  transition  to  titanium  monoxide  on 
the  surfaces,  induced  by  preferential  sputtering.  Upon  annealing,  the  stoichiometry  as  well  as  the 
original  bulk-terminated  anatase  structure  at  the  (101)  face  is  restored.  The  (001)  surface,  on  the 
other  hand,  shows  a  (1x4)  anatase  superstructure  after  sputtering  and  annealing,  which  is  resolvable 
by  missing  oxygen  rows.  The  original  bulk-terminated  (001)  structure,  which  has  a  (lxl)  symmetry 
as  the  (101)  face,  can  be  restored  by  exposure  to  oxygen. 

Electrochemical  experiments  show  clearly  an  orientation  dependence  of  charge  transfer 
processes  on  anatase  electrodes.  In  aqueous  solutions,  the  (101)  and  the  (001)  surface  have  different 
flatband  potentials  due  to  different  chemisorption  of  water  on  the  anatase  surface.  This  gives  rise  to 
a  negative  shift  of  the  onset  potential  for  photo-oxidation  of  water  for  the  (001)  surface.  In  aprotic 
solvents,  differences  in  the  insertion  of  lithium  ions  are  also  due  to  the  anisotropy  of  the  tetragonal 
bulk  anatase  lattice,  which  is  less  dense  in  the  (001)  planes  as  compared  to  the  (101)  planes. 
Therefore,  the  propagation  of  Li+  into  anatase  is  faster  in  the  c-axis  direction.  The  demonstrated 
orientational  effects  on  the  charge  transfer  on  single  crystals  may  have  some  technological  relevance 
for  the  mesoscopic  films  used  in  the  solar  cells  and  lithium  batteries. 
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Abstract 

Recent  experiments  revealed  an  apparently  bias-dependent  tunneling  magnetoresistance  be¬ 
tween  a  transition  metal  (such  as  Fe,  Co)  and  an  oxide  barrier  such  as  SrTiOs.  We  examine  the 
materials  issues  involved  in  this  type  of  hybrid  transition  metal-oxide  junctions.  The  junction  in¬ 
terface  is  shown  to  be  unstable  against  thermal  treatment  or  high-bias  current  stress.  We  conclude 
that  the  junction  magnetoresistance  is  largely  determined  by  the  formation  of  an  interface  oxide 
layer  different  from  the  barrier  or  the  transition  metal  electrode  themselves. 

Introduction 

Doped  manganites  such  as  Lao.67Sro.33Mn03  (LSMO)  have  attracted  much  attention  because 
of  their  strong  conduction  band  spin-polarization.  Recently,  for  study  of  spin-polarized  tunneling, 
junctions  were  fabricated  between  LSMO  and  a  ferromagnetic  transition  metal  such  as  Co[l-4]. 
In  some  of  such  structures,  a  thin  layer  of  eptaxially  grown  SrTiOs  (STO)  was  used  as  tunneling 
barrier[2-4] .  In  these  junctions  it  was  observed  that  the  sign  of  the  junction’s  tunneling  magnetore¬ 
sistance  is  bias-dependent.  Similar  junction  MR  sign-reversal  upon  changing  bias  condition  has 
also  been  observed  in  magnetic  tunneling  junctions  between  two  Permalloy  (Fe2oNi8o)  electrodes 
with  a  double-layer  barrier  material  Al203/Ta205  sandwiched  in  between[5j.  Since  this  type  of 
tunneling  spectroscopy  has  the  potential  of  revealing  the  electronic  structure  of  the  electrodes 
involved [2- 5],  it  is  important  to  understand  and  control  the  role  materials  chemistry  play  at  the 
junction  interface.  This  is  the  objective  of  this  study. 

Two  model  systems  were  chosen.  One  is  a  trilayer  structure  of  LSMO-STO-Fe,  the  other  of 
LSMO-STO-Co8oFe20  (LSMO-STO-CoR).  Junctions  made  from  these  trilayer  films  reveal  an 
unstable  interface  between  the  transition  metal  and  the  STO  barrier.  The  interface  property 
appears  to  be  the  controlling  factor  for  the  junction’s  magnetoresistance  behavior  -  both  in  terms 
of  its  field- dependence  and  its  bias  dependence,  including  the  sign  of  the  junction  magnetoresistance 
(MR). 

Materials  synthesis  and  device  fabrication 

The  trialyers  were  deposited  on  (110)  cut  NdGaOs  substrates,  1  cm  x  1  cm  in  size.  The  bottom 
layer  was  a  600  A  thick  LSMO  film,  epitaxially  grown  using  laser  ablation.  Then  a  thin  layer  of 
SrTiOs  film,  nominally  30  A  thick,  was  epitaxially  deposited  under  the  same  condition  using  laser 
ablation.  For  both  layers,  the  deposition  was  carried  out  in  300  mTorr  of  oxygen  background 
pressure  at  a  substrate  block  temperature  of  780  C.  The  substrates  were  thermally  anchored  to 
the  holder  with  silver  paste.  A  Nd-YAG  laser  was  used  for  the  ablation  process,  operating  in 
frequency  tripled  mode  (355nm)  with  a  repetition  rate  of  10  Hz.  The  energy  density  on  target 
surface  was  around  2  J/cm2  per  pulse.  This  deposition  procedure  is  similar  to  what  has  been 
used  before  for  all-oxide  deposition,  the  films  were  cooled  to  ambient  temperature  in  300  Torr  of 
oxygen.  They  were  then  transported  to  another  vacuum  system,  where  the  transition  metals,  100 
A  of  either  Fe  or  CoFe,  were  sputter  deposited.  A  brief  oxygen  plasma  cleaning  was  given  to  the 
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films  immediately  prior  to  the  deposition  of  the  transition  metal  electrode.  The  films  were  capped 
with  100  A  of  titanium  before  being  removed  from  vacuum  for  lithographic  processing. 

The  trilayer  films  were  processed  using  lx  contact  optical  lithography  to  form  the  current 
perpendicular  (CPP)  junction  geometry.  Maximum  temperature  exposure  during  the  lithography 
process  was  90  C  for  an  accumulated  duration  of  about  5  minutes.  Pattern  transfer  was  done  using 
Ar  ion  milling,  with  a  neutralized  beam  of  500  eV  and  0.3  mA/cm2  in  flux.  The  film  was  thermally 
anchored  to  a  water-cooled  rotating  table  using  thermally  conducting  grease.  An  Si02  layer,  about 
1500  A  thick,  was  used  to  isolate  the  top  contact  level  from  the  bottom  LSMO.  Subsequently  a 
lift-off  step  was  applied  to  remove  the  junction  level  photoresist,  and  to  open  a  self-aligned  hole 
structure  on  the  Si02  layer  for  junction  contact  from  the  top.  A  Ti  layer  of  600  A  was  sputtered 
down  as  top  contact. 

Overview  of  junction  behavior 

Transport  measurement  of  junction  resistance  and  magnetoresistance  was  carried  out  in  a  close- 
cycle  refrigerator-cooled  system.  For  R{H)  measurements,  the  magnetic  field  was  continuously 
swept  at  a  frequency  of  0.077  Hz.  In  all  measurements,  the  positive  terminal  denotes  the  base 
LSMO  electrode.  Thus  a  positive  bias  has  current  flowing  from  LSMO  through  the  STO  barrier 
into  the  top  transition  metal  electrode.  Electrons  flow  in  the  opposite  direction.  The  bottom 
electrode,  LSMO,  is  a  33%  hole-doped  metal.  The  transition  metal  counter  electrodes  on  top  are 
n-type  metals.  The  barrier  is  SrTiOs  which  when  fully  oxygenated  is  a  semiconductor  with  a 


H  (kOe) 


Figure  1:  Temperature  dependence  of  junction  resistance  and  junction  MR.  (a)The  evolution  of  junction 
R(H)  as  a  function  of  temperature;  (b)Junction  geometry  and  the  direction  of  sweeping  field.  Numbers 
indicate  feature  size  in  ^m.(c)The  temperature  dependence  of  the  junction  resistance- high  and  resistance- 
low  states  as  defined  from  traces  obtained  in  (a).  Right:  the  temperature  dependence  of  junction  MR.  The 
junction  is  made  from  an  LSMO-STO-Fe  trilayer.  The  over-all  features  and  shapes  of  all  junctions  appeared 
similar,  although  the  details  of  individual  junction’s  R{H )  show  large  variations  from  device  to  device,  as 
will  be  discussed  below. 
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calculated  band-gap  around  5.1  eV[10]. 

For  this  study  we  define  the  sign  of  junction  MR  to  be  the  same  as  [R(H)  —  R(0)}  /R{H), 
where  R(H )  is  the  resistance  value  at  ±3.5  kOe,  and  jR(0)  is  that  in  the  low-field  region.  All  R(H) 
curves  shown  are  10-trace  averaged  results. 

A  representative  temperature  dependence  of  a  junction’s  resistance  and  MR  is  shown  in  Fig.l. 
The  sheet  resistance  of  the  base  LSMO  film  was  verified  to  be  about  30  to  60  O  at  low  temperature 
(13  K).  Due  to  the  temperature  dependence  of  the  resistance  of  LSMO,  the  Ra  was  about  a  factor 
of  20  higher  at  ambient.  This  is  important  to  keep  in  mind,  as  magnetoresistance  measurements 
in  such  geometry  is  only  accurate  if  the  junction  resistance  is  at  least  ten  times  larger  than 
the  sheet  resistance  Rn  of  the  base  electrode[li,  12].  This  condition,  while  well  satisfied  at  low 
temperatures,  was  not  satisfied  near  ambient  for  this  particular  junction.  This  in  combination 
with  the  diminishing  value  of  junction  MR  caused  an  apparent  MR  reversal  in  data  shown  here 
for  T  =  210  and  285  K.  These  temperature  dependence  data  are  shown  here  to  give  a  general  view 
of  the  transport  behavior  of  this  type  of  junctions.  For  the  remainder  of  this  paper,  we  will  only 
focus  on  the  junction  MR  behavior  at  the  low  temperature  end  of  13  K. 

Junction  MR  variations 

A  large  variation  of  junction  MR  was  observed  from  device  to  device  and  from  chip  to  chip. 
Junction  MR  could  be  both  positive  and  negative  in  value  regardless  of  the  choice  of  top  transition 
metal  material,  and  it  showed  sensitive  dependence  on  the  processing-history  of  the  junction. 
These  observations  lead  us  to  conclude  that  it  is  the  interface  chemistry  that  is  determining  the 
junction’s  MR  behavior  in  these  devices. 


Figure  2:  The  shape  and  sign  of  MR  for  several  junctions.  (a)An  LSMO-STO-Pfe  junction  showing  only 
negative  MR;  (b)  Another  LSMO-STO-Efe  junction  on  the  same  chip,  200  /im  away,  showing  a  positive  MR 
at  the  same  bias  current,  (c)  and  (d):  The  junction  in  (b)  has  an  asymmetric  bias-dependence  of  MR,  shown 
here  as  an  example,  (e)  and  (f):  A  LSMO-STO-CoFfe  junction  that  shows  a  negative  MR  during  initial 
measurement;  (g)  and  (h):  the  same  junction  as  in  (e)  and  (f),  but  after  a  high-current  bias  up  to  ±0.375 
mA.  The  junction  resistance  increased  by  a  factor  of  20,  and  the  junction  MR  changed  sign  for  negative 
biases.  The  drift  of  R(H)  in  (h)  is  related  to  the  junction  resistance  creep  after  high-bias  stressing,  as  will 
be  discussed  below. 
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Fig-2  briefly  illustrates  our  observations.  For  one  LSMO-STO-Fe  junction,  a  negative  MR 
was  observed  at  all  bias  voltages,  up  to  1  V.  An  example  is  shown  in  Fig. 2(a).  For  another 
junction  on  the  same  chip,  just  200  pm  away,  a  positive  MR  was  observed  with  an  asymmetric 
bias-dependence(Fig.Fig.2(b)-(d)).  For  a  LSMO-STO-CoFe  junction,  a  negative  MR  was  initially 
observed  in  both  bias  directions  at  low  voltage.  Upon  biasing  up  to  about  1  V,  junction  resistance 
irreversibly  increased  by  a  factor  of  20.  From  then  on,  the  MR  changed  sign  for  negative  biases 
(Fig.2(e)-(h)).[15] 

Data,  in  Fig.2  indicate  that  junction  MR  is  sensitive  to  details  of  junction  interface  condition. 
The  choice  of  transition  metal  electrode  alone  is  insufficient  to  determine  even  its  sign. 

The  shape  of  junction  R(H)  as  shown  in  Fig.2  contains  large  high-field  slopes  in  the  kOe 
field  range.  This  indicates  the  magnetic  spins  at  the  junction  interface  are  loosely  coupled  to  the 
bulk  of  the  electrodes,  or  they  are  under  a  relatively  strong  random  anisotropy  potential.  This 
is  obvious  because  the  transition  metal  electrode  films  themselves  have  magnetic  coercivities  only 
in  the  range  of  several  tens  of  Orsteds.  The  much  higher  field-scale  involved  in  these  R(H )  data, 
and  the  gradual  slope  as  opposed  to  sharp  switching  in  R(H)  vs  H  are  both  indications  that 
the  magnetic  moments  relevant  to  spin-polarized  tunneling  are  not  rotating  in  concert  with  the 
magnetic  domain  structures  in  the  bulk  of  the  transition  metal  electrode.  Since  spin-dependent 
tunneling  is  sensitive  only  to  the  magnetic  states  several  monolayers  deep  into  the  electrode[13,  14] , 
this  anomalous  magnetic  layer  at  the  junction  interface  may  be  very  thin  (a  monolayer  or  two) 
and  still  be  sufficient  to  dominate  the  MR  behavior  of  the  junction.  It  is  conceivable  therefore  that 
an  oxidized  interface  transition  region  between  the  SrTiC>3  barrier  and  the  top  transition  metal 
electrode  is  responsible  for  these  observations. 


Shape  of  R(H)  and  junction  inhomogeneity 

Another  aspect  concerning  the  complexity  of  the  shape  of  the  R{H)  is  that  its  shape  appears  to 
depend  on  junction  bias.  This  is  shown  in  Fig.2  (compare  the  shape  of  (b)  and  (d),  for  example).  A 
bias-dependent  shape  of  R(H)  makes  sense  only  if  one  assumes  the  conduction  across  the  junction 
barrier  is  inhomogeneous  and  non-linear  at  the  same  time  -  this  will  cause  different  current  paths 
to  dominate  transport  at  different  bias  levels.  Since  different  current  path  samples  different  local 
magnetic  environments,  the  over-all  shape  of  R(H)  can  therefore  be  bias-dependent. 

Junction  barrier  inhomogeneity  is  certainly  present  over  a  macroscopic  length-scale.  Of  all 
junctions  measured  on  the  same  chip,  a  scatter  of  junction  resistance  over  two  orders  of  magnitude 
is  seen,  both  for  room  temperature  and  for  low  temperature  (13  K)  junction  resistance.  The 
microscopic  materials  origin  of  such  inhomogeneity  is  however  not  characterized. 

A  natural  consequence  of  inhomogeneous  junction  conduction  is  locally  concentrated  current 
flow.  The  average  current  density  for  measurements  presented  in  this  work  is  of  the  order  of  103 
A/cm  .  Because  of  the  inhomogeneities,  the  local  current  density  could  be  much  higher. 


Figure  3:  At  high  bias 
currents,  junction  resistance 
show  significant  creep.  The 
direction  of  resistance  creep 
depends  on  polarity  of  the 
bias-current,  the  rate  of  creep 
increases  with  increasing  mag¬ 
nitude  of  the  bias-current. 
The  junction  was  made  with 
LSMO-STO-CoFfe. 
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Resistance  creep  under  high-bias:  oxygen  electromigration 

For  junctions  under  large  current  bias,  a  creep  of  resistance  was  observed.  Prior  to  irreversible 
change  at  the  damage-threshold,  junction  resistance  creeps  reversibly  to  higher  or  lower  value, 
depending  on  the  direction  of  the  bias.  This  is  summarized  in  Fig.3.  The  junction  presented  here 
is  6x2  nm 2  in  size.  The  average  current  density  applied,  at  700  juA,  is  about  5.8xl03  A/cm2. 
Application  of  a  magnetic  field  up  to  3  kOe  did  not  change  the  rate  and  amplitude  of  the  creep. 

This  phenomenon  of  junction  resistance  creep  is  qualitatively  similar  to  what  was  observed 
in  some  other  oxide  junction  structures  under  high  current  stress  -  such  as  in  a  superconducting 
tunneling  junction  with  an  indium-oxide  barrier[16],  or  as  in  the  grain-boundary  junction  of  a 
cuperates  superconductor  YBa2Cu307_5  thin  film[17].  The  reversible  nature  of  the  creep  upon  bias 
reversal  suggests  the  involvement  of  electromigration.  The  most  mobile  element  in  these  structures 
is  oxygen[16,  17].  Hence,  oxygen-related  electromigration,  and  the  resulting  preferential  oxidation 
of  the  transition  metal  electrode  is  the  most  likely  cause  of  this  reversible  creep  phenomenon. 

The  instability  of  these  trilayer  junctions  was  further  demonstrated  by  observing  the  change 
of  junction  transport  characteristics  upon  a  mild  heat-treatment  of  the  junction.  Fig. 4  shows  an 
example.  Here  a  LSMO-STO-Fe  junction  underwent  a  220  C  and  10  min.  heat-treatment  in  5  kOe 
of  applied  magnetic  field.  The  heat-treatment  was  originally  designed  for  resetting  the  magnetic 
orientation  of  the  electrodes.  Instead  of  a  simple  change  in  the  shape  of  R(H)  as  would  have  been 
the  case  if  magnetic  anisotropy  was  the  only  factor,  the  junction  exhibited  marked  change  in  its 
transport  behavior.  The  junction  resistance  after  annealing  was  a  factor  of  5  higher,  the  junction 
ME  changed  sign,  and  the  junction  developed  a  marked  asymmetry  against  bias.  This  clearly 
indicates  an  alteration  to  the  nature  of  transport  at  the  junction  interface.  It  also  suggests  that 
a  tunneling  into  an  Fe  electrode  with  a  more  oxidized  interface  with  STO  could  bring  about  a 
negative  junction  MR,  whereas  an  Fe  electrode  not  as  strongly  oxidized  at  the  junction  interface 
may  give  a  positive  MR  with  the  presence  of  a  lot  of  loose  spins. 

Summary 

In  summary,  the  junction  interface  between  SrTiC>3  and  transition  metal  electrodes  such  as  Fe  and 
CoFe  is  unstable.  Formation  of  some  type  of  interface  oxide  with  the  transition  metal  is  likely. 
The  nature  of  this  interface  oxide  layer  will  to  a  large  degree  determine  the  junction  MR  behavior. 
This  interface  oxide  layer  is  process-sensitive,  and  it  can  be  altered  by  transport  current  across  the 
junction.  These  factors  should  be  carefully  taken  into  account  when  one  attempts  to  obtain  any 
quantitative  understanding  of  the  magnetoresistance  in  magnetic  tunneling  junctions. 


Figure  4:  The  resistance 
of  an  LSMO-STO-Fe  junction 
before  and  after  a  200C,  10 
min  anneal.  After  anneal,  a 
5x  increase  of  junction  resis¬ 
tance,  as  well  as  a  sign  change 
of  the  junction  MR,  is  ob¬ 
served.  The  junction  after 
heat-treatment  also  developed 
a  strong  asymmetry  against 
bias. 
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ABSTRACT 

After  growing  black  colored  single  crystals  of  LixNii.xO  (x  =  0.27)  and  solving  its  crystal 
structure,  a  model  is  proposed  as  an  alternative  to  the  structural  type  admitted  for  LixNii_xO. 
The  new  rhombohedral  cell  consists  of  a  cubic  close  packing  of  oxygens  in  which  the 
alternation  of  two  kind  of  mixed  layers  containing  Li  and  Ni  in  different  ratios  can  be 
detected  along  the  c  direction.  This  model  implies  a  Li  order  incompatible  with  the 
alternation  of  Ni  layers,  one  of  them  pure  and  the  other  containing  some  Li.  The  results  of 
magnetization  measurements  look  consistent  with  the  new  structural  type,  and  reveal  that 
LixNii_xO  behaves  as  mictomagnetic. 

INTRODUCTION 

LixNii.xO  shows  a  practical  interest  since  it  could  replace  more  expensive  lithium  cobalt 
oxide  as  a  cathode  material  for  long-life  4V  rechargeable  lithium  batteries,  and  for  intermediate 
temperature  fuel  cells.  A  recent  electrochemical  test  [1]  of  a  LixNij.xO  half  cell  has  shown  a 
high  initial  discharge  capacity,  158  mAhg*1,  but  veiy  fast  fading  just  after  several  tens  of 
charge/discharge  cycles.  When  used  as  a  cathode  material,  LixNii.xO  exhibits  higher  electrical 
conductivity  and  better  H2/O2  fuel  cell  performance  than  cobalt  lithium  oxide  [2],  although  its 
thermal  stability  at  intermediate  temperatures  is  relatively  poorer  than  that  of  the  later. 

In  LixNii_xO  *  can  vary  [3]  between  x=0  and  x<0.5,  corresponding  to  Ni  oxidation  states  of 
2+  and  3+.  Samples  with  x=0.5  have  never  been  obtained,  since  they  always  contain  some  Ni2+. 
For  small  x  values,  0<x<  0.2,  LixNi(.xO  keeps  the  NaCl  structure  type  of  NiO.  For  0.2<x<0.5,  it 
is  [4]  rhombohedral,  space  group  (S.G.)  R3m,  with  Li  at  3 a  (0,0,0),  Ni  at  3 b  (0,0,14),  O  at  6c 
(0,0,z)  and  z  =  0.25.  Its  unit  cell  is  a  close  packing  of  oxide  anions  in  which  ordered  layers  of  Ni 
and  Li  parallel  to  the  (111)  plane  of  the  parent  cubic  NiO  lattice  are  present.  Many  profile 
refinements  of  X-ray  and  neutron  diffraction  data  have  confirmed  this  model,  although  more 
recently  [5-7]  the  presence  of  a  fraction  of  Ni  atoms  in  the  Li  layers  has  been  detected. 

The  magnetic  properties  of  LixNii-xO  have  been  interpreted  in  all  the  ways  imaginable, 
probably  because  a  variety  of  compositions  of  this  material  occur  depending  on  the  synthesis 
conditions,  and  because  the  magnetization  measurements  were  performed  on  polycrystalline 
samples  of  various  qualities  [8-10].  Since  the  samples  used  for  all  the  investigations  on  LixNii. 
xO  were  polycrystalline  powders,  we  proposed  to  grow  single  crystals  of  this  material,  with  a 
view  to  obtain  more  information  on  its  crystal  structure  and  intrinsic  magnetic  properties. 

EXPERIMENT 

Crystal  Growth 

LixNi].xO  single  crystals  were  grown  using  platinum  crucibles  and  reagent  grade  products. 
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Octahedral  black  colored  crystals  of  Lio.27Nio.73O  (Fig  lb)  used  for  crystal  structure 
determinations  and  magnetization  experiments,  showed  edges  of  0.2-0.3  mm  and  were  ground 
from  one  mixture  of  10  g  LiB02,  1  g  R203  and  0.5  g  NiO,  that  was  heated  until  1200  °C  at  4 
Ch  ,  soaked  for  2  h,  cooled  down  at  4  °Ch  1  to  920  °C  and  subsequently  cooled  to  room 
temperature  by  turning  the  power  off. 

X-ray  Structure  Determinations 

Special  care  was  paid  to  the  selection  of  single  crystals.  Each  of  those  chosen  was  tested  for 
perfection  and  scattering  power  on  a  Brucker-Siemens  SMART  diffractometer  equipped  with  a 
CDC  bidimensional  detector,  and  normal  focus  2.4  kW  sealed  tube  X-ray  source  (graphite 
monochromated  molybdenum  radiation,  X  =  0.71073  A).  Two  crystals  showing  well  defined 
faces  were  finally  chosen  and  frilly  analyzed,  leading  to  identical  positions,  site  occupancies, 
and  thermal  factors.  Here  the  only  one  that  gave  a  slightly  lower  R  value  at  the  end  of  the 
refinement  will  be  considered. 


a)  b) 

Figure  la.  One  Lio.27Nio.73O  crystal  showing  0.2  mm  edges.  Figure  lb.  View  of  the 
oxygen  cubic  close  packing  of  Lio.27Nio.73O  along  c  following  the  ABC  layer  sequence.  The 
small  spheres  lie  at  positions  occupied:  only  by  nickel,  Ni(l)  and  Ni(2),  (black);  half  and  half 
by  Ni(3)  and  Li(l),  (grey);  or  mainly  by  lithium,  Li(l),  (white). 

Crystal  data  were  collected  over  a  quadrant  of  the  reciprocal  space  by  a  combination  of  two  10  s 
exposure  sets  covering  0.3°  in  ro.  Most  of  the  calculations  were  carried  out  with  SMART  [11] 
software  for  data  collection  and  data  reduction,  and  SHELXT  [11]  for  structure  solution  and 
refinements. 

Magnetic  Measurements 

A  SQUID  magnetometer  (Quantum  Design)  operating  from  300  to  2.0  K  at  various  fields 
between  1  and  50  kOe  was  used  to  perform  the  dc  magnetic  measurements  in  single  crystals  of 
Lio.27Nio.73O  under  field  cooling  and  zero  field  cooling  conditions.  Diamagnetic  corrections  for 
magnetic  susceptibilities  [12]  were  taken  into  account.  The  field  dependence  of  magnetization 
was  measured  at  5, 40,  110  and  200  K  in  magnetic  fields  ranging  from  -40  kOe  to  +40  kOe. 
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RESULTS 


Crystal  Structure 

From  a  study  of  the  weak  reflections,  the  new  hexagonal  cell  of  parameters  a  =  6.020(2)  and 
c  =  14.726(5)  A  became  evident.  Weak  reflections  unambiguously  indexed  in  this  unit  cell,  1  2  - 
4  or  -1  3  -4  for  instance,  could  not  have  been  indexed  in  the  smaller  one  [3,4]  with  unit-cell 
parameters  a  =  2.88,  c  =  14.2  A.  The  R3  (No.  146)  S.G.  [13]  was  obtained  during  the  course  of 
the  structure  solution  after  trying  the  hexagonal  groups  in  which  the  only  extinction  is  -h+k+l  * 
3 n.  In  this  S.G.  anisotropic  refinement  for  most  of  the  atoms  was  performed.  The  small 
diference  between  the  R  value  of  0.07  for  observed  reflections,  I  >  2o(I),  and  the  one  of  0.08  for 
all  reflections,  indicates  the  adequacy  of  the  model  for  the  weak  reflections  too. 

Three  Ni  positions  have  been  found  in  the  asymmetric  unit,  two  of  them,  Ni(l)  and  Ni(2), 
fully  occupied.  The  electron  density  at  the  Ni(3)  position,  15.4(1)  e',  could  be  generated  by 
sharing  either  one  half  of  nickel,  Ni(3),  and  one  half  of  lithium,  Li(l),  or  by  55  %  of  nickel, 
Ni(3),  and  45  %  of  vacant  sites.  The  standard  deviations  denounced  some  non  resolvable 
disorder  involving  0(3)  due  to  the  fact  of  being  in  the  polyhedron  of  a  shared  position.  The  high 
standard  deviation  found  for  Li(2)  can  be  attributed  to  the  small  electron  density  at  its  site.  The 
two  possibilities  indicated  for  the  Ni(3)  site  lead  to  two  formulas:  I)  without  vacants, 
Lio.27Nio.73O,  and  Ni  average  charge  of  2.37;  and  II),  with  Ni  vacants,  Lio.10Nio.74O,  and  a  Ni 
charge  of  2.57.  At  no  time  the  total  amounts  of  Ni  and  Li  in  the  formula  I  were  constrained  to 
the  unit.  The  Nio.73Lio.27O  composition,  with  no  vacancies,  was  obtained  after  refining  the 
population  factor  in  two  separate  shared  positions. 

The  structure  of  Lio.27Nio.73O  can  be  envisaged  as  a  cubic  close  packing  (ccp)  of  oxygens  in 
which  the  cations  occupy  the  octahedral  holes;  the  anions  follow  the  characteristic  ABC  layer 
sequence  (Figure  lb);  and  the  unit-cell  volume  per  oxygen  atom,  19.2  A3,  is  comparable  to 
those  [14]  of  other  ccp  oxygen  arrangements  like  cubic  salt-like  NiO,  18.2  A3,  and  Li  spinels, 
which  vary  from  1 6.2  to  1 9.6  A3  for LiNi204  and  LiojMnojTi^  respectively. 

The  cations  in  Lio.27Nio.73O  give  rise  along  the  c  direction  to  the  alternation  of  LI  and  L2 
mixed  layers  containing  Li  and  Ni  in  different  proportions.  For  model  I,  LI  is  formed  by  Ni(2) 
and  [Li(2)o.76+Ni(4)0.24],  and  L2  is  also  a  mixed  layer  constituted  by  Ni(l)  and 
[Ni(3)o.52+Li(l)o.48],  with  Ni:Li  proportions  near  to  4:1  and  5:3  respectively.  In  the  case  of 
model  II,  L2  would  be  formed  by  [Ni(3)0.55+  0.45],  and  the  concentration  of  Ni  vacants  of  45% 
would  likely  lead  to  an  ordering  of  the  Ni  atoms  which  is  not  detected  and,  hence,  this 
hypothesis  looks  less  probable.  From  the  analysis  of  the  LI  and  L2  layers  it  becomes  evident 
that  the  way  in  which  the  lithium  tends  to  ordinate  itself  forces  the  formation  of  the 
superstructure  with  parameters  a  =  6.020(2)  and  c  —  14.726(5)  A  ruling  off,  for  the  Lio.27Nio.73O 
composition,  the  small  rhombohedral  cell  [3,4]  of  hexagonal  parameters  a  =  2.88  and  c  =  14.2  A 
as  well  as  the  monoclinic  one  defined  in  some  articles  [6,15].  In  conclusion,  the  cation 
distribution  in  the  oxygen  ccp  leads  to  the  hexagonal  unit-cell,  and  the  order  of  Li  atoms  in  LI 
and  L2  gives  rise  to  the  superstructure  determined  here. 

In  a  recent  study  [15]  of  electron  diffraction  on  polycrystalline  Lio.32Nio.51O,  it  has  been 
presumed  the  existence  of  a  hexagonal  unit  cell  with  parameters  twice  as  long  as  those  [3,4]  of 
small  rhombohedral  LixNii-xO,  in  order  to  explain  a  possible  ordering  of  vacancies  among  the 
lithium  layers.  In  the  present  article  it  has  been  shown  using  single  crystal  X-ray  diffraction  that 
this  cell  exists,  although  what  makes  the  parameter  double  is  not  the  ordered  Li'  vacants  but  the 
situation  of  Li  in  the  supposed  Ni  layer  to  give  LI . 

Ni-0  and  Li-0  selected  distances  are  shown  in  Table  I  together  with  a  conventional  5 


59 


parameter  which  indicates  the  distortions  of  NiC>6  and  LiC>6  octahedra.  The  large  standard 
deviations  which  show  the  distances  involving  0(3)  or  Li(2)  agree  with  the  non  resolvable  0(3) 
disorder,  the  high  standard  deviation  obtained  after  refining  Li(2),  and  the  most  irregular 
octahedra  of  Table  I,  Ni(3)06  and  Li(2)C>6,  with  8  values  of  550  and  447.  These  are  precisely 
the  octahedra  which  lie  at  positions  shared  by  Ni  and  Li.  Table  I  also  includes  the  shortest  Ni-Ni 
distances  for  Lio.27Nio.73O,  which  are  larger  than  in  Ni  metal,  2.49  A.  They  vary  between  2.8(2) 
and  3.05(5)  A,  being  the  intralayer  Ni-Ni  distances  slightly  larger  than  those  between  layers. 


Table  I.  Selected  Distances  (A)  and  8  Distortions,  8  =  104 1  (d-  d  )2,  for  Lio.27Nio.73O 


Ni(l)-0(2)  3x2.17(7) 

Ni(l)-0(4)  3x2.12(6) 

Ni(l)-0  2.14(7) 

8Ni(l)  14 

Ni(3),Li(l)-0(l)  2.10(8) 

Ni(3),Li(l)-0(2)  2.05(9) 

Ni(3),Li(l)-0(2’)  2.14(8) 

Ni(3),Li(l)-0(3)  2.23(14) 

Ni(3),Li(l)-0(4)  2.27(7) 

Ni(3),Li(l)-0(4’)  2.32(7) 

Ni(3),Li(l)-0  2.18(9) 

8Ni(3),Li(l)  550 

Ni(l)-Ni(2)  3x2.94(4)a 

Ni(l)-Ni(3)  2x3.04(5)c 

Ni(2)-Ni(2)  3.02(3)b 

Ni(2)-Ni(3)  2.85(5)a 

Ni(2)-Ni(3’)  2.88(5)c 

Ni(2)-0(1)  2.07(5) 

Ni(2)-0(2)  2.03(6) 

Ni(2)-0(2’)  2.07(6) 
Ni(2)-0(3)  2.13(12) 

Ni(2)-0(4)  2.08(6) 

Ni(2)-0(4’)  2.07(5) 
Ni(2)-0  2.07(8) 

8Ni(2)  52 

Ni(3)-Ni(3)  3.03(8)c 

Ni(3)-Ni(4)  2.8(2)a 

Li(2),Ni(4)-0(2)  3x2.06(14) 

Li(2),Ni(4)-0(4)  3x2.2(2) 

Li(2),Ni(4)-0  2.13(17) 

8Li(2),Ni(4)  447 

aNi-Ni  interlayer  distance 
bNi-Ni  intra  LI  distance 
cNi-Ni  intra  L2  distance 

The  fully  occupied  Ni  positions,  Ni(l)  and  Ni(2),  are  disposed  along  the  stacking  c  direction 
in  such  a  way  that  each  Ni(l)  is  surrounded  by  six  Ni(2),  three  of  them  in  the  upper  layer  and 
the  other  three  in  the  lower.  Similarly  those  sites  occupied  mainly  by  Li(2)  are  always  located 
between  six  positions,  three  in  each  of  the  next  layers,  shared  by  Li,  Li(l),  and  Ni,  Ni(3).  The 
Ni-Ni  connections  through  oxygen  triangles  run  not  exactly  along  the  c  axis,  but  approximately 
in  the  (223)  direction,  because  of  the  distribution  of  the  octahedral  sites  in  the  ccp  of  the  anions. 
Consequently,  due  to  the  existence  of  ordered  mixed  Li/Ni  layers,  in  this  material  there  are  not 
isolated  Ni  clusters  as  it  has  been  recently  supossed  [17],  but  a  disposition  in  which  the  Ni 
atoms  are  always  connected  through  oxygens.  The  same  connection  through  oxygen  triangles 
exists  among  those  positions  occupied  mainly  by  Li,  Li(2),  and  those  that  are  shared  by  Li  and 
Ni.  This  fact  together  with  the  non  existence  of  pure  Ni  layers  seems  to  indicate  that  the  simple 
idea  of  a  2D  process  for  Li  diffusion  in  this  material  is  contested. 

Magnetic  Properties 

The  dc  magnetic  susceptibility,  M/H,  of  Lio.27Nio.73O  crystals  and  its  reciprocal  are 
represented  in  Figure  2a.  Below  28  K  the  susceptibility  after  field  cooling  (FC)  is  slightly  larger 
than  that  after  zero  field  cooling  (ZFC).  Both,  ZFC  and  FC,  show  a  peak,  broader  for  FC,  at  14 
and  12  K  respectively.  Below  12  K  the  ZFC  is  more  temperature  dependent.  At  higher 
temperatures,  for  the  interval  1 10-300  K,  the  reciprocal  mass  susceptibility,  H/M,  follows  (R  = 
0.99992)  the  Curie-Weiss  law  Xg'‘  =  251.00(23)  -16033(49VT.  The  molar  (Li027Ni0  730) 
susceptibility  gives  a  Curie  constant  of  0.3314(31)  cm3Kmol'f  and  a  Weiss  temperature  of 
63.88(58)  K.  In  the  curve  of  Figure  2b,  which  shows  the  field  dependence  of  magnetization  at  5 
K,  a  hysteresis  loop  can  be  seen.  These  results,  like  those  obtained  [10]  from  a  polycrystalline 
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sample  with  x  =  0.025,  are  characteristic  of  superparamagnetic  systems  or  highly  disordered 
paramagnetic  materials. 

Moreover,  a  weak  ferromagnetic  signal  starting  at  160  K  is  clearly  observed.  The  dc 
susceptibility  at  low  field  (10  Oe)  indicates  a  very  broad  maximum  at  temperatures  different 
from  those  observed  at  strong  field  (1  kOe).  On  the  other  hand,  the  magnetic  behavior  of 
Lio.27Nio.73O  agrees  more  reliably  with  the  mixed  layers  structure  here  determined,  than  with 
that  including  Ni  clusters  or  that  based  on  the  alternation  of  layers  fully  occupied  by  either  Li  or 
Ni. 
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Figure  2a  The  DC  mass  susceptibility,  M/H,  and  its  reciprocal,  as  functions  of  temperature, 
for  Lio.27Nio.73O. 


Magnetic  Field  (Oe) 


Figure  2b  Field  dependence  of  magnetization  at  different  temperatures  for  Lio.27Nio.73O. 
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CONCLUSIONS 


After  describing  how  to  grow  Lio.27Nio.73O  single  crystals,  the  present  paper  has  reported  the 
crystal  structure  solution  of  this  material  which  has  led  to  the  first  example  of  a  novel  structure 
type.  The  more  prominent  aspect  of  this  model  is  the  mixed  quality  of  the  LI  and  L2  layers, 
which  alternate  along  the  c  direction  containing  both  Li  and  Ni  in  different  proportions.  This 
shows  that  the  way  in  which  the  Li  atom  tends  to  order  itself  forces  the  appearance  of  a  new  cell 
and  is  incompatible  with  the  existence  of  pure  Ni  layers  alternating  with  more  or  less  doped  Li 
ones,  as  it  was  assumed  until  now.  Evidence  on  the  behavior  of  Lio.27Nio.73O  as  mictomagnetic 
material  has  also  been  presented. 
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New  Ideas  and  Magnetism 


MATERIALS  DESIGN  FOR  THE  LOW- RESISTIVITY  p-TYPE  ZnO  AND 
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ABSTRACT 

We  propose  a  new  valence  control  method  of  codoping  with  doping  Ga  (or  In,  Al)  donor 
and  N  acceptor  at  the  same  time  for  the  fabrication  of  a  low- resistivity  p-type  ZnO  based 
upon  the  ab  initio  calculation.  We  compare  our  predicted  materials  design  to  fabricate  a 
low  resistivity  p-type  ZnO  with  the  recent  successful  codoping.  Based  upon  the  success  in 
the  valence  control  of  ZnO,  we  propose  a  materials  design  to  fabricate  the  ferromagnetic 
Mn-doped  p-type  ZnO  upon  codoping.  It  is  shown  that  the  anti-ferromagnetic  state  is  more 
stable  than  the  ferromagnetic  ones  due  to  the  anti-ferromagnetic  super-exchange  interac¬ 
tion,  if  we  have  no  mobile  holes.  Upon  codoping  with  the  mobile  holes,  it  is  shown  that  the 
ferromagnetic  state  becomes  more  stable  than  the  anti-ferromagnetic  ones  due  to  the  fer¬ 
romagnetic  double-exchange  interaction.  However,  it  is  shown  that  the  anti-ferromagnetic 
state  is  more  stable  upon  electron  doping  due  to  the  anti-ferromagnetic  super-exchange  in¬ 
teraction.  We  calculate  the  chemical  trends  of  the  magnetic  state  in  V-,  Cr-,  Fe-,  Co-,  and 
Ni-doped  (25  at%)  in  ZnO,  and  predict  that  all  of  these  materials  show  the  ferromagnetic 
ground  states  without  electron  and  hole  doping. 

INTRODUCTION 

It  is  well  known  that  the  fabrication  of  the  low-resistivity  p-type  ZnO  ( Eg  =  3.4  eV)  is 
difficult  because  of  the  compensation  [I  -  3].  Blue  and  ultraviolet  laser  application  and 
high-power  device- application  using  ZnO  has  been  hampered  by  their  high  resistivity  in 
p-type  ZnO.  The  origin  of  the  difficulty  to  fabricate  the  low-resistivity  p-type  ZnO  are,  (i) 
the  compensation  which  occurs  due  to  its  low  solubility,  and  (ii)  the  deep  energy  levels 
of  acceptors,  for  example  ZnO:N  (300  meV),  with  increasing  Eg  (decreasing  the  dielectric 
constant).  If  the  acceptor  energy  level  is  300  meV  (corresponds  to  about  3000  K),  we  can 
only  activate  the  carrier  density  less  than  1/100000  of  the  concentration  of  the  dopant  at 
the  room  temperature  (300  K).  In  order  to  fabricate  the  low-resistivity  p-type  materials, 
(i)  we  should  avoid  compensation  with  increasing  solubility  of  the  dopant  (reducing  “the 
formation  energy”  of  the  dopant  in  the  thermal  non-equilibrium  crystal  growth),  and  (ii) 
we  should  reduce  the  energy  level  of  acceptors  upon  doping.  To  do  so,  we  propose  an 
effective  new  valence  control  method,  which  is  so  called  “the  codoping  method”  (using  both 
n-  and  p-type  reactive  codopant  at  the  same  time,  see  Fig.l  -(a)),  for  the  fabrication  of  low- 
resistivity  p-type  ZnO  based  upon  ab  initio  electronic  structure  calculations  [4,  5].  We  find 
that  the  codoping  form  an  acceptor  and  donor  complexes  during  the  thermal  non-equilibrium 
crystal  growth  in  MBE  or  MOCVD  with  making  the  vapor  pressure  imbalance  between  the 
acceptors  and  donors.  Then  we  can  freeze  the  acceptor  and  donor  complexes  into  the  crystal 
which  is  metastable  in  the  thermal  equilibrium,  (i)  Then,  the  codoping  method  contributes 
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Figure  1:  Codoping  forms  (a)  acceptor  donor  complex  with  (b)  attractive  acceptor-donor 
interactions  and  repulsive  acceptor-acceptor  interactions.  In  order  to  make  p-type  semicon¬ 
ductors,  we  should  make  imbalance  between  the  acceptor  and  donor  vapor  pressure  during 
the  crystal  growth,  (c)  Acceptor  (A)  level  is  lowered  and  donor  (D)  levels  is  raised  with 
formation  of  acceptor  and  donor  complex  upon  codoping. 


to  reduce  “the  formation  energy”  of  the  dopant  due  to  the  reduction  of  the  lattice  relaxation 
energy  and  Madelung  energies  in  the  kinetics  of  the  thermal  non-equilibrium  crystal  growth 
conditions  [see  Fig.  1  -(b)].  (ii)  The  codoping  method  contributes  to  increase  the  carrier 
mobility  due  to  the  short-range  dipole  scattering  or  screened  short-range  scattering  (a  long- 
range  Coulomb  interaction  is  dominant  in  the  case  of  simple  doping),  (iii)  The  codoping 
also  contributes  to  reduce  the  energy  level  of  acceptors  due  to  the  formation  of  donor  and 
acceptor  complex  (a  donor  level  is  raised  and  an  acceptor  levels  is  lowered  with  forming 
donor  and  acceptor  complex  [see  Fig.  1  -(c)]. 

By  the  way,  if  p-type  ZnO  become  available,  a  ZnO  based  magnetic  semiconductor  will  be 
most  promising  candidate  for  a  ferromagnetic  semiconductor.  Diluted  magnetic  semicon¬ 
ductors  (DMS)  are  semiconductors  which  contain  some  magnetic  atoms  as  impurities,  and 
they  have  possibility  to  bring  new  ideas  to  create  a  functional  material  with  making  use  of 
the  carrier  control  techniques  in  semiconductors,  e.g.  its  magnetic  property  is  controllable 
by  changing  the  carrier  density.  Such  a  trial  had  already  become  realistic  owing  to  the  first 
fabrication  of  (In,  Mn)As  [6]  and  the  following  intensive  investigations  on  III- V  DMS  [7  - 
9],  and  it  was  successful  for  these  compounds  to  control  their  magnetic  behavior  by  using 
hetrojunctions  [8]  or  light  irradiation  [9],  However,  the  Curie  temperature  ( Tc )  of  the  III-V 
based  DMS  is  as  low  as  about  100  K,  and  the  low  solubility  of  Mn  in  them  prevents  us  to 
realize  a  large  magnetization.  In  the  II-VI  compound  ZnO  it  is  plausible  that  the  Mn2+ 
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Figure  2:  Crystal  structure  of  supercells  for  (a)  ZnO:2N  and  (b)  codoped  p-type  Z11O  with 
N  acceptors  and  the  reactive  donors,  Al,  Ga.  or  In  species. 


with  d 5  high  spin  configuration  is  realized.  Moreover,  high  solubility  of  Mn  in  ZnO  matrix  is 
expected,  because  it  is  in  the  same  transition  metal  series  as  Zn.  Taking  these  into  account, 
in  this  paper,  we  also  propose  a  ZnO  based  magnetic  semiconductor  as  a  candidate  to  realize 
a  high  Tc  and  a  large  magnetization  magnetic  semiconductor.  To  search  another  candidate 
of  a  functional  magnetic  material,  the  magnetism  of  3d  transition  metal  impurities  in  ZnO 
was  also  investigated  within  the  same  framework. 

CALCULATIONS 

LOW-RESISTIVITY  p-TYPE  ZnO:[GaZn+2NQ,  AlZn-f2NQ,  InZn+2NQ] 

In  the  cases  of  materials  design  for  the  low-resistivity  p-type  ZnO,  our  calculations  are 
performed  in  the  framework  of  local-density-functional  theory  within  the  local-density  ap¬ 
proximation.  We  have  used  the  augmented-spherical-wave  (ASW)  method  [10]  in  which  we 
use  a  parameterized  form  of  the  exchange-correlation  energy  of  the  homogeneous  electron 
gas  given  by  Hedin  and  Lundquist  and  von  Barth  and  Hedin  [11].  For  valence  electrons,  we 
have  employed  3d,  4s,  and  4p  orbitals  for  Cu,  Zn  and  Ga  atoms  and  outermost  s  and  p  or¬ 
bitals  for  the  other  atoms.  The  Madelung  energy  which  reflects  the  long-range  electrostatic 
interactions  in  the  system  are  assumed  to  be  restricted  to  a  sum  over  monopoles.  We  studied 
doped  and  codoped  ZnO  with  periodic  boundary  conditions  by  generating  super-cells  that 
contain  the  acceptor  and  donor.  The  super-cell  consists  of  16  molecules  of  ZnO  as  shown  m 
Fig.  2.  For  p- type  ZnO  doped  with  N  alone,  we  replace  one  of  the  O  atoms  by  a  N  atom. 
For  p- type  ZnO  codoped  with  the  reactive  donor  of  the  group  III  elements  and  two  N  atoms, 
we  replace  two  of  the  O  atoms  by  the  N  atoms  and  one  of  the  Zn  atoms  by  the  donor  atom. 
Brillouin  zone  integration  was  carried  out  for  24^-points  in  the  irreducible  wedge  of  the  first 
Brillouin  zone. 

Based  upon  ab  initio  electronic  structure  calculation,  we  propose  a  codoping  method  for 
the  fabrication  of  the  low-resistivity  p-type  ZnO  using  reactive  codopants  of  donors,  such  as 


67 


Figure  3:  Site-decomposed  density  of  states  (DOS)  of  p-states  at  the  N-sites  for  (a)  ZnO:N, 
(b)  ZnO:[Al+2N],  (c)  ZnO:[Ga-f2N]  and  (d)  ZnO:[In+2N],  Dotted  curve  indicates  the  DOS 
at  the  N  atom  sites  close  to  the  reactive  donor  codopnts;  the  solid  curve  indicates  the  DOS 
at  the  sites  of  next- nearest-neighbor  N  atoms. 


Ga.,  A1  or  In.  First,  we  show  the  site-decomposed  density  of  p-states  at  the  N-site  in  p-type 
ZnO  doped  with  N  alone  in  Fig.  3-(a).  As  shown  in  the  figure,  a  hole  band  is  generated 
at  the  top  of  the  valence  band,  however,  these  states  are  largely  localized  at  the  impurity 
site.  Applying  our  codoping  method  to  ZnO  using  N  and  group  III  elements,  the  acceptor 
levels  in  the  band  gap  are  lowered  due  to  the  strong  interaction  between  the  N  acceptor 
and  reactive  donor  codopants  and  the  delocalized  states  are  obtained  as  shown  in  Fig.  3-(b) 
to  3-(d).  Next,  the  calculated  energy  differences  in  the  Madelung  energy  among  ?i-t,ype 
ZnO:Al,  ZnO:Ga,  ZnO:In  and  p-type  ZnO:N,  ZnO:2N  and  codoped  p-type  ZnO:[Al+2N], 
ZnO:[Ga+2N],  or  ZnO:[In-i-2N]  are  given  in  Table  1.  These  shows  that  the  codoping  with 
forming  the  acceptor  and  donor  complexes  reduces  the  long  range  Coulombic  interaction 
upon  doping.  Then,  during  the  thermal  non-equilibrium  crystal  growth  method  such  as 
MBE  or  MOCVD  at  the  low  temperature,  we  can  increase  the  solubility  of  the  dopants 
upon  kinetics  in  which  the  long  range  Coulomb  interaction  is  dominant.  Thus,  we  find  the 
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Table  1:  Calculated  differences  in  the  Madelung  energy  among  n-type  ZnO:Al,  ZnO:Ga, 
ZnOtln  and  p-type  ZnO:N,  ZnO:2N  and  codoped  p-type  ZnO:[Al+2N],  ZnO:[Ga+2N],  or 
ZnO:[In+2N]  in  unit  of  eV. _ 


Doping  type 

Madelung  energy  relative 
to  the  undoped  ZnO  (eV) 

ZnO:Al 

-6.44 

ZnO:Ga 

-13.72 

ZnO:In 

-9.73 

ZnO:N 

+0.79 

ZnO:2N 

+0.91 

ZnO:[Al+2N] 

-4.74 

ZnO:[Ga+2N] 

-12.06 

ZnO:[In+2N] 

-7.79 

delocalized  and  shallower  acceptor  states  of  N  for  p-type  codoped  with  N  and  Ga  (or  In, 
Al)  donors.  Our  prediction  of  the  materials  design  to  fabricate  a  low  resistivity  p-type  ZnO 
[4,  5]  is  confirmed  by  the  recent  successful  codoping  experiments  using  Ga  and  N  codoping 
in  the  laser  MBE  crystal  growth  [12].  The  resistivity  is  about  2flcm  in  the  codoped  p-type 
ZnO  [12]. 

FERROMAGNETIC  ZnO-BASED  DMS 

The  KKR  Green’s  function  method  based  on  the  local  density  approximation  [13]  with 
the  parameterization  by  Morruzi,  Janak  and  Williams  [14]  was  employed  in  the  cases  of 
materials  design  for  the  ZnO-based  magnetic  semiconductors.  The  relativistic  effect  was 
taken  into  account  by  the  scalar  relativistic  approximation  without  spin-orbit  coupling. 
The  form  of  the  potential  is  restricted  in  the  muffin-tin  type.  The  wave  functions  in  each 
muffin-tin  sphere  were  expanded  into  real  harmonics  up  to  /  =  2,  where  l  is  the  angular 
momentum  defined  at  each  site.  Independent  ones  of  64  k  sampling  points  in  the  first 
Brillouin  zone  were  calculated.  ZnO  has  the  Wurtzite  structure  in  which  anions  and  cations 
respectively  form  hexagonal  close  packed  lattices  separated  with  each  other  along  the  c-axis 
by  the  internal  coordinate  u  [15].  To  simulate  (Zn,  Mn)0  the  supercell  illustrated  in  fig. 
4  was  employed.  The  supercell  consists  of  8  molecules  of  ZnO.  Two  of  Zn  atoms  in  the 
supercell  were  substituted  with  two  Mn  atoms.  This  substitution  leads  to  Mn  concentration 
of  25%.  According  to  the  recent  experiments  by  Fukumura  et  a/.,  Mn  content  in  ZnO  can  be 
increased  up  to  about  35%  by  the  pulsed  laser  deposition  technique  [16],  therefore  the  present 
supercell  calculation  is  not  so  far  from  the  real  situation.  We  adopted  the  lattice  constants 
of  a0  -  3.27  Aand  Cq  =  5.26  A,  where  a0  and  Cq  are  the  lattice  constants  of  the  primitive 
unit  cell  of  the  Wurtzite  structure.  They  were  interpolated  from  the  experimental  results 
by  Fukumura  et  al.  The  internal  coordinate  u  is  not  available  for  doped  ZnO,  therefore 
we  used  u  =  0.345  which  is  the  value  for  pure  ZnO  [15].  Muffin-tin  radii  of  0.1437a  and 
0.1338a,  where  a  is  the  lattice  constant  of  the  super  cell,  were  used  for  metal  atoms  and 
anions,  respectively.  In  order  to  obtain  a  suggestion  for  a  material  design  of  a  ferromagnetic 
semiconductor,  first,  the  total  energies  (TE)  per  unit  supercell  were  calculated  for  both 
anti-ferromagnetic  and  ferromagnetic  arrangements  of  Mn  magnetic  moments.  Comparing 
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Figure  4:  Stability  of  the  ferromagnetic  ordering  of  Mn  magnetic  moments  in  ZnO.  The 
simple  orthorhombic  supercell  used  in  the  present  calculations  is  also  shown. 


calculated  TE' s,  stability  of  the  ferromagnetic  arrangement  was  examined  as  a  function  of 
the  concentration  of  carriers.  Next,  magnetic  behaviors  of  transition  metal  atoms  such  as 
Sc,  Ti,  V,  Cr,  Fe,  Co,  Ni  and  Cu  in  ZnO  were  studied  in  addition  to  Mn. 

The  calculations  were  performed  for  both  hole  doping  and  electron  doping  in  the  (Zn, 
Mn)0  system.  In  the  cases  of  hole  doping,  some  of  O  atoms  in  the  supercell  were  sub¬ 
stituted  with  N  atoms,  and  for  electron  doping  cases  Ga  atoms  were  put  instead  of  Zn 
atom.  Fig.  4  shows  calculated  energy  difference  A E  =  T£'(anti-ferromagnetic  case)  — 
T ^‘(ferromagnetic  case)  as  a  function  of  impurity  concentration.  As  shown  in  the  figure, 
the  anti-ferromagnetic  ordering  was  more  stable  than  the  ferromagnetic  one  if  no  carrier 
dopants  was  introduced.  The  substitution  of  Zn  with  Mn  does  not  bring  any  carriers 
in  the  system,  therefore,  the  anti-ferromagnetic  ordering  was  favored  owing  to  the  anti¬ 
ferromagnetic  super-exchange  interaction  between  Mn  magnetic  moments.  With  increasing 
hole  concentration,  the  anti-ferromagnetic  states  becomes  unstable  and  the  ferromagnetic 
state  is  the  ground  state.  It  is  very  likely  that  these  behavior  can  be  explained  by  the 
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Energy  relative  to  the  Fermi  energy  (Ry) 


Figure  5:  (a)  Total  DOS  (solid  line)  and  local  density  of  Mn-d  states  (shaded  area)  in  the 
hole  doped  (Zn,  Mn)0.  N  atoms  are  doped  up  to  25%.  (b)  Total  DOS  (solid  line)  and  local 
density  of  Mn-d  states  (shaded  area)  in  the  electron  doped  (Zn,  Mn)0.  Ga  atoms  are  doped 
up  to  25%.  The  DOS  are  shown  both  for  the  ferromagnetic  states  [(a)-l  and  (b)-l]  and  for 
the  anti-ferromagnetic  states  [(a)-2  and  (b)-2]. 

double  exchange  mechanism  [17].  On  the  contrary,  it  seems  that  the  electron  doping  does 
not  participate  in  the  stabilization  of  the  ferromagnetic  ordering.  In  order  to  get  more  de¬ 
tailed  knowledge,  density  of  states  (DOS)  are  calculated  for  typical  cases.  Fig.  5  shows  the 
total  DOS  and  local  density  of  d  states  at  the  Mn  site  of  the  hole  doped  (Zn,  Mn)0  which 
contains  N  atoms  up  to  25%.  Zn  3d  states  and  0  2 p  states  of  the  host  matrix  are  located 
around  -0.5  Ry  and  -0.3  Ry  relative  to  the  Fermi  energy,  respectively.  There  are  holes  in  the 
valence  up  spin  band  and  so  called  half-metallic  situation  is  realized.  The  rather  shallow  2 p 
states  of  N  are  well  mixed  with  the  Mn  3d  states  as  shown  in  fig.  5-(a)-l,  however,  the  large 
part  of  the  holes  consists  of  the  Mn  3d  states.  A  difference  between  the  ferromagnetic  case 
(fig.  5-(a)-l)  and  the  anti-ferromagnetic  case  (fig,  5-(a)-2)  is  appeared  in  the  width  of  each 
d  band.  In  the  ferromagnetic  situation,  the  d  band  is  widened  because  of  the  hybridization 
between  Mn  3d  states.  The  exchange  splitting  is  larger  than  the  band  width  in  the  present 
cases,  therefore  the  ferromagnetic  states  can  lower  its  band  energy  by  introducing  a  sufficient 
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Figure  6:  Electron  number  difference  of  Mn  3d  states  as  a  function  of  carrier  concentration. 
A  N  =  [Mn  3d  states  population  number  of  carrier  doped  (Zn,  Mn)0]  -  [Mn  3d  states 
population  number  of  undoped  (Zn,  Mn)0].  In  the  case  of  hole  doping  (electron  doping), 
the  differences  of  population  number  in  majority  (minority)  spin  states  are  plotted. 


carriers.  This  is  because  the  ferromagnetic  state  is  more  stable  than  the  anti-ferromagnetic 
state  in  the  hole  doping  (Zn,  Mn)0.  On  the  other  hand,  in  the  case  of  electron  doping,  the 
doped  electrons  are  supplied  mainly  to  the  Ga  4s  and  Zn  4s  states  and  does  not  occupy  Mn 
3d  states  as  shown  in  Fig.  5-(b)-l.  That  is  to  say  we  have  no  mobile  d-electron.  As  a  result, 
an  energy  gain  by  the  double  exchange  interaction  is  not  expected.  To  clarify  this  feature, 
the  difference  of  the  electron  number  in  the  Mn  3d  states  is  plotted  as  a  function  of  carrier 
concentration  in  Fig.  6,  where  AN  is  population  difference  of  Mn  3d  majority  spin  states 
(minority  spin  states)  between  hole-doped  (electron-doped)  (Zn,  Mn)0  and  undoped  (Zn, 
Mn)0.  As  clearly  shown  in  the  figure,  electrons  are  removed  mainly  from  the  Mn  3d  states 
as  holes  are  introduced,  while  electrons  does  not  populate  in  the  Mn  3d  states  in  spite  of 
electron  doping. 

Taking  the  double  exchange  mechanism  into  account,  it  is  likely  that  the  other  transition 
metal  atoms  show  a  ferromagnetic  ordering  without  any  doping  treatment.  From  the  point 
of  practical  applications,  such  feature  might  be  very  desirable  in  some  cases  and  lead  to 
a  possibility  to  tune  its  magnetic  character  by  alloying  between  different  transition  metal 
atoms  in  ZnO  for  examples.  Fig.  7  shows  a  chemical  trend  of  the  magnetic  states  for 
3d  transition  metal  atoms  in  ZnO.  As  expected,  magnetic  moments  of  transition  metal 
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Figure  7:  Chemical  trend  of  the  magnetic  states  for  3 d  transition  metal  atoms  in  ZnO.  Total 
magnetic  moments  per  transition  metal  atom  are  also  shown. 


atoms  couples  with  each  other  ferromagnetically  except  for  Mn.  Besides  they  have  almost 
saturated  magnetic  moments  as  shown  in  the  same  figure.  As  changing  the  valence  number, 
the  electron  configuration  differs  from  d5,  and  resulting  mobile  carriers  participate  to  the 
ferromagnetic  ordering  through  the  double  exchange  mechanism.  For  a  typical  case,  the 
calculated  DOS  of  (Zn,  Fe)0  and  (Zn,  Cr)  are  shown  in  fig.  8.  For  both  cases,  the  high 
spin  states  were  realized  because  of  the  large  exchange  splitting.  In  the  case  of  (Zn,  Fe)0, 
residual  one  valence  electron  of  Fe  relative  to  Mn  occupies  the  Fe-3d  states  because  the  Fe 
3d  states  were  located  at  lower  energy  than  the  Mn-3d  states.  In  the  (Zn,  Cr)0  case,  the 
Cr-3d  states  were  located  at  higher  energy  than  the  Mn-3d  states,  so  holes  were  introduced 
in  the  Cr-3d  states.  As  a  result,  there  were  itinerant  carriers  in  both  (Zn,  Fe)0  and  (Zn, 
Cr)0  systems. 

CONCLUSIONS 

In  this  paper,  we  proposed  these  two  materials  design  for  ZnO  related  substances. 
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Figure  8:  (a)  Total  DOS  (solid  line)  and  local  density  of  Fe-d  states  (shaded  area)  of  the 
(Zn,  Fe)0.  (b)  Total  DOS  (solid  line)  and  local  density  of  Cr-d  states  (shaded  area)  of  the 
(Zn,  Cr)0.  The  DOS  are  shown  both  for  the  ferromagnetic  states  [(a)-l  and  (b)-lj  and  for 
the  anti-ferromagnetic  states  [(a)-2  and  (b)-2|. 


First,  we  have  studied  systematically  the  electronic  structure  of  p-type  ZnO  by  simul¬ 
taneous  codoping  of  acceptors  and  reactive  donors  using  ab  initio  electronic  structure  cal¬ 
culations.  We  proposed  materials  design  for  various  codoping  candidate  to  fabricate  a 
low- resistivity  p-type  wide  band-gap  semiconductors;  (1)  ZnO:[Ga2n+2NQ,  Al2n+2NQ, 
and  Inzn+2No]* 

Next,  we  studied  the  stability  of  the  ferromagnetic  state  of  (Zn,  Mn)0  from  the  first 
principles  calculations  by  using  the  KKR  method  based  on  the  LDA.  The  transition  from 
the  anti-ferromagnetic  state  to  the  ferromagnetic  state  took  place  as  the  holes  were  doped, 
but  we  found  no  transition  by  the  electron  doping.  The  ferromagnetism  of  the  3 d  transition 
metal  atoms  in  ZnO  was  also  investigated.  It  was  found  that  the  ferromagnetic  ordering  was 
the  ground  state  for  V,  Cr,  Fe,  Co  and  Ni.  Analyzing  the  calculated  density  of  states,  it  was 
suggested  that  the  ferromagnetism  in  the  present  cases  were  originated  from  the  competition 
between  the  ferromagnetic  double  exchange  interaction  and  the  anti-ferromagnetic  super- 
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exchange  interaction.  We  propose  the  hole  doped  (Zn,  Mn)0  and  the  ZnO  doped  with  the 
3d  transition  metal  atoms  for  candidates  of  a  magnet  which  is  transparent  in  a  visible  ray. 
It  will  have  a  great  impact  on  an  industrial  application  in  the  magneto-optical  devices. 
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ABSTRACT 

Lao.7Sr0.3Mn03  (LSMO)  perovskite  oxide  films  have  been  grown  on  (001)  LaA103  (LAO) 
by  pulsed  laser  deposition.  The  films  were  deposited  in  an  ambient  oxygen  pressure 
of  0.1  mTorr  to  200  mTorr  and  under  different  substrate  temperatures.  Their  structural 
properties  were  examined  by  X-ray  diffractometry.  Heteroepitaxial  growth  was  confirmed  for 
films  deposited  at  650°C  or  above.  Electrical  measurements  suggest  that  the  charge  carrier 
concentration  of  the  films  varies  with  their  oxygen  content  and  shows  high  stability  against 
further  thermal  treatment.  Semiconducting  LSMO  films  at  room  temperature  were  obtained  for 
deposition  at  oxygen  pressure  <  60  mTorr.  The  epitaxial  LSMO  films  have  been  used  as  the 
semiconducting  channel  of  a  ferroelectric  field  effect  transistor.  Heteroepitaxial 
Pb(Zro.52Tio.4g)03/LSMO/LAO  structures  have  been  fabricated  and  characterized. 

INTRODUCTION 

In  recent  years,  great  attention  has  been  paid  to  the  maganese  perovskites  due  to  their  unique 
physical  properties  such  as  colossal  magnetoresistance  (CMR)  [1-7]  and  half  metallic  with  spin 
polarization  [8-10]  at  the  Fermi  level.  These  properties  make  the  maganese  perovskites  a  useful 
materials  for  magnetoresistive  devices  such  as  magnetic  random  access  memory  and  magnetic 
field  sensors.  By  controlling  the  electrical  transport  properties  of  these  materials  in  thin  film 
form,  however,  the  materials  can  be  used  as  semiconducting  layers  in  electronic  devices  such  as 
ferroelectric  field  effect  transistor  (FeFET)  [11,12].  Lao.7Sro.3Mn03  (LSMO),  like  other 
mangenese  oxides,  is  a  candidate  for  fabricating  such  FeFET.  In  our  present  study,  where  the 
LSMO  films  were  fabricated  by  pulsed  laser  deposition  (PLD),  we  found  that  the  LSMO  is  a 
more  suitable  material  than  other  mangenese  oxides  due  to  its  easily  tuned  semiconducting 
properties,  high  thermal  stability  [13]  and  low  processing  temperature.  Heteroepitaxial 
Pb(Zr0.52Tio.48)03(PZT)/LSMO/  LaA103  (LAO)  structures  with  semiconducting  LSMO  channel 
have  been  fabricated. 

EXPERIMENT 

A  248  nm  KrF  excimer  laser  with  a  repetition  rate  10  Hz  was  used  to  ablate  stoichoimetric 
targets  of  LSMO  and  PZT.  Films  were  deposited  on  (001)  LAO  single-crystal  substrate  under 
different  conditions.  The  laser  fluences  were  kept  at  6  J/cm2  and  3  J/cm2  for  irradiating  the 
LSMO  and  PZT  targets  respectively.  The  target-substrate  distance  was  45  mm.  The  substrates 
were  cleaned  in  acetone  and  rinsed  with  deionized  water.  They  were  then  glued  to  the  surface  of 
the  substrate  heater  by  silver  paste.  The  position  of  the  heater  was  aligned  to  the  centre  of  the 
plume  in  order  to  obtain  the  best  uniformity  of  a  grown  film.  The  typical  layer  thickness  for 
LSMO  and  PZT  were  200  nm  and  150  nm,  respectively.  LSMO/LAO  and  PZT/LSMO/LAO 
heterostructure  were  characterized  by  four-circle  X-ray  diffractometry  using  CuKa  radiation. 
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The  resistivity-temperature  (R-T)  curves  of  the  LSMO  films  were  measured  by  a  standard  four- 
point  probe  technique  over  a  temperature  range  from  77  K  to  room  temperature. 

RESULTS 

Different  electrical  transport  properties  in  LSMO  films  were  observed  in  the  films  deposited 
under  oxygen  ambient  pressure  from  0. 1  m  Torr  to  200  m  Torr.  Fig.  1  shows  the  X-ray 
diffraction  (XRD)  of  0-20  scans  of  LSMO  films  at  the  deposition  pressure  of  0.1,  10  and 
200  m  Torr.  It  is  noted  that  the  diffraction  angle  for  the  (002)  LSMO  has  shifted  by  more  than 
one  degree  for  LSMO  films  deposited  at  0.1  m  Torr  and  200  m  Torr.  This  suggests  that  the 
lattice  constant  changes  with  oxygen  content  of  the  LSMO  films.  The  R-T  measurement  shown 
in  Fig.  2  confirmed  the  change  of  electrical  transport  properties  of  the  films  with  different 
deposition  pressure.  The  R-T  curves  of  the  films  grown  at  above  60  m  Torr  were  metallic  like  at 
room  temperature.  As  the  deposition  pressure  decreases,  the  metal-semiconductor 
(ferromagnetic-paramagnetic)  transition  was  down  shifted  to  lower  temperatures.  A 
semiconducting  film  at  room  temperature  can  be  obtained  at  the  deposition  oxygen  pressure 
range  between  0.1  m  Torr  and  60  m  Torr. 

The  thermal  stability  of  the  LSMO  films  was  investigated  by  post  deposition  annealing.  The 
LSMO  films  were  first  deposited  at  substrate  temperature  of  700°C  and  under  the  same  oxygen 
pressure  of  200  m  Torr.  The  as-deposite  films  were  in  situ  annealed  at  different  ambient  oxygen 
pressure  from  4x1  O'6  to  10  Torr  for  60  minutes.  The  full  width  at  half  maximum  (FWHM)  of  the 
(002)  LSMO  reflection  rocking  curves  were  around  0.9°.  Figure  3  shows  the  R-T  curves  of 
LSMO  films  under  different  annealing  pressure.  It  is  seen  that  the  resistivity  of  the  films  follows 


20  (degree) 


Fig.  1 .  The  XRD  pattern  of  0-29  scans  of  the  films  grown  at  the  deposition  oxygen  pressure 
of  0.1,  10  and  200  m  Torr,  respectively. 
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Fig.2.  The  resistivity  vs  temperature  of  the  films  grown  at  the  deposition 
oxygen  pressure  between  0.1  and  200  m  Torr. 

the  same  profile  over  a  wide  temperature  range.  The  results  shown  above  imply  that  the 
electrical  transport  behaviour  of  the  epitaxial  LSMO  films  is  insensitive  to  the  post  deposition 
heat  treatments.  Apparently,  the  oxygen  content  of  the  films  has  not  changed  during  the 
annealing  process. 


Fig.  3.  The  R-T  curves  of  a  as-grown  LSMO  film  and  films  in  situ  annealed 
at  700°C  for  60  minutes  in  different  oxygen  ambient. 
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Epitaxial  LSMO  films  grown  on  (001)  LAO  substrate  were  obtained  over  a  wide  range  of 
substrate  temperatures  from  500  to  700°C  at  deposition  oxygen  pressure  of  200  m  Torr.  Fig.  4 
shows  the  X-ray  diffraction  of  0-20  scans  of  the  LSMO  films  deposited  on  (001)  LAO  at  450, 
500  and  700°C.  There  is  no  reflection  for  the  film  deposited  at  450°C.  For  films  deposited 
above  500°C,  apart  from  the  (001)  reflections  from  the  LSMO  films  and  the  LAO  substrates,  no 
trace  of  other  reflections  was  detected.  The  FWHM  of  to  scan  rocking  curve  of  the  films 
deposited  at  500  and  700°C  were  1.15°  and  0.85°,  respectively.  Apparently  the  orientation  of  the 
LSMO  films  improves  with  increasing  substrate  temperature.  For  both  films  the  <j>  scans  of  (022) 
LSMO  and  (022)  LAO  show  the  characteristic  four-fold  symmetery.  It  can  be  concluded  from 
the  above  results  that  cube-on-cube  epitaxial  LSMO  films  were  fabricated  on  LAO  at  500°C.  It 
is  much  lower  than  the  previously  reported  growth  temperature  of  LaxCai_xMn03  (LCMO)  and 
LSMO  films  at  650°C  [14]  and  700°C  [9],  respectively.  The  low  growth  temperature  of  LSMO 
is  therefore  compatible  with  the  processing  technology  used  in  silicon  industry. 

In  order  to  prepare  the  FeFET  structure,  ferroelectric  PZT  layer  was  deposited  on  top  of  the 
semiconducting  LSMO  film  at  550°C.  The  X-ray  diffraction  0-20  scan  of  the  heterostructure 
PZT/LSMO/LAO  is  shown  in  Figure  5.  Single  phase  of  PZT  and  LSMO  were  observed.  The 
FWHM  of  ©  scan  rocking  curve  of  PZT  and  LSMO  are  0.83°  and  1.13°,  respectively.  The  inset 
shows  the  <j>  scans  of  the  heterostructure  PZT/LSMO/LAO.  The  four-fold  symmetry  of  these 
three  layers  at  the  same  reflection  angles  indicates  that  the  PZT  and  LSMO  films  are  cube-on- 
cube  grown  on  the  LAO  substrate. 
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Fig-4.  Specular  9-20  scans  for  heterostructures  LSMO/LAO  at  450°C,  500°C  and  700°C, 
respectively.  The  insets  show  the  co  scans  of  the  corresponding  films. 
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Fig.  5.  The  0-20  scans  for  heterostructures  PZT/LSMO/LAO.  The  inset  shows  the  360°  <|>  scans  of 
the  (022)  family  reflections  of  the  corresponding  films. 

CONCLUSIONS 

In  conclusion,  high  quality  LSMO  films  grown  on  LAO  substrates  were  obtained  by  PLD 
method  at  deposition  temperature  as  low  as  500°C.  The  conducting  characteristics  of  the  LSMO 
films  can  be  controlled  by  tuning  the  oxygen  content  during  deposition.  Post-deposition  heat 
treatment  has  no  effect  whatsoever  on  the  electrical  transport  properties  of  the  films.  A 
ferroelectric  PZT  layer  has  been  grown  on  top  of  the  LSMO  film.  A  FeFET  structure  based  on 
heteroepitaxial  PZT/LSMO/LAO  has  been  fabricated  and  characterized. 
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ABSTRACT 

A  sequence  of  epitaxial  Lao.7sSro.25Mn03  (LSMO)  films  with  thickness  ranging  from  2400  to 
50  A  have  been  prepared  by  pulsed  laser  deposition  onto  (110)  SrTi03  (STO)  substrates.  Com¬ 
pared  with  our  previous  results  on  LSMO/STO(100)  films  [1],  films  on  STO(llO)  substrates 
exhibit  strong  anisotropy  of  electrical  resistivity  p.  p  measured  in  [1 1 0]  direction  is  comparable 
with  the  resistivity  of  LSMO/STO(100)  films  while  p  in  [001]  direction  is  25  times  higher  than 
in  STO(IOO)  case.  The  maximum  value  of  anisotropy  parameter  p  [ooi]  /  p  pio]  ~  25  is  reached  for 
thick  films  at  the  low  temperature  of  90  K.  Distinct  crossover  from  3D  to  2D  case  has  been  ob¬ 
served.  For  thick  films  anisotropy  monotonously  decreases  with  the  temperature  increase.  Films 
thinner  than  200  A  exhibit  a  maximum  of  anisotropy  parameter,  which  shifts  to  lower  tempera¬ 
tures  with  the  thickness  decrease.  The  maximum  temperature  coefficient  of  resistivity  (TCR)  was 
found  to  be  around  2%  if  measured  along  [001]  direction  and  about  50  %  higher  in  [1 1 0]  in¬ 
plane  direction.  We  explain  the  observed  effects  in  terms  of  the  crystalline  properties  of  fabri¬ 
cated  films. 


INTRODUCTION 

Since  the  discovery  of  colossal  magnetoresistance  (CMR)  in  1994  [2]  there  have  been  many 
papers  published  about  various  aspects  of  CMR  in  film  and  in  bulk  samples.  Several  papers  re¬ 
ported  effects  of  anisotropy  observed  in  CMR  materials. 

Suzuki  and  Hwang  measured  magnetoresistance  in  (110)  Lao.7Sro.2Mn03  films  in  magnetic 
field  applied  perpendicular  and  parallel  to  the  film  plane  and  current.  In  weak  magnetic  fields  the 
anisotropy  of  magnetoresistance  occurred  depending  on  whether  current  was  along  the  [001],  or 
[1 1 0]  direction,  which  are  soft  and  hard  magnetic  axes  correspondingly.  The  observed  effects 
have  been  relied  on  the  stress  induced  by  the  film-substrate  lattice  mismatch  [3].  O'Donnell  et. 
al.  have  found  anisotropy  of  magnetoresistance  in  LaojCaojMnOs  films  regarding  the  mutual 
orientation  of  in-plane  magnetic  field  and  electric  current.  The  anisotropy  decreases  with  an  in¬ 
crease  of  the  applied  field  and  depends  on  temperature  with  a  maximum  increase  of  resistivity 
about  11  %  close  to  the  ferromagnetic  transition  temperature  [4].  Mira  et.  al  [5]  have  compared 
Seebeck  coefficients  in  orthorhombic  Pro.67Sro.33Mn03  and  rhombohedral  Lao.67Sro.33MnC>3  single 
crystals  and  found  that  Seebeck  coefficient  in  the  orthorhombic  crystal  is  different  in  the  ab- 
plane  and  along  the  c-axis  at  temperatures  above  the  ferromagnetic  phase  transition  temperature, 
Tc.  Rhombohedral  Lao.67Sro.33Mn03  did  not  show  this  property  and  the  authors  explained  this  in 
terms  of  the  difference  of  Mn-O-Mn  bond  length  and  angles.  They  are  different  in-aft-plane  and 
out-of-plane  for  Pro.67Sro.33Mn03  but  are  the  same  in  Lao.67Sro.33Mn03. 

Zeng  and  Wong  grew  Lao.67Cao.33Mn03  (001)  films  on  NdGaC>3  substrates  by  facing  target 
sputtering  technique  and  found  resistance  anisotropy  in-film-plane  [6].  Atomic  force  microscopy 
images  indicated  film  grown  in  the  step  flow  mode,  with  step  edges  parallel  to  the  c-axis. 
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To  investigate  the  in-plane  anisotropy  we  deposited  Lao.75Sr0.25Mn03  (LSMO)  films  on  (110) 
SrTi03  (STO)  substrates,  with  various  thickness  of  50,  100,  200,  1200  and  2400  A.  Strong  in¬ 
plane  anisotropy  of  resistivity  has  been  revealed,  with  a  distinct  difference  in  behavior  between 
the  ultrathin  (50-200  A)  films  and  the  thicker  (1200,  2400  A)  films.  The  anisotropy  found  in 
LSMO/STO(110)  thin  film  structures  is  also  very  unlike  the  above  referred  effects  which  are 
either  relatively  small  and/or  disappear  below  Tc.  Since  the  transport  properties  of  a  uniform  cu¬ 
bic  crystal  should  be  isotropic,  we  believe  that  our  results  can  be  explained  by  the  granular 
structure  of  LSMO/STO(l  10)  films. 


EXPERIMENT 

A  248  nm  KrF  excimer  laser  was  used  to  ablate  a  stochiometric  target  of  composition 
Lao.7sSro.25Mn03.  Films  were  grown  on  (110)  STO  5x5  mm2  single  crystal  substrates  under  the 
following  conditions:  substrate  temperature  was  730  °C,  laser  radiation  energy  density  was  3-4 
J/cm  ,  pulse  repetition  rate  was  30  Hz  and  the  distance  between  the  target  and  the  substrate  was 
55  mm.  The  background  pressure  did  not  exceed  10'7  Torr.  Depositions  was  carried  out  in  an 
oxygen  pressure  of  200  mTorr  and  finalized  by  in  situ  annealing  in  oxygen  pressure  of  500  Torr 
at  the  same  temperature  for  10  minutes.  The  deposition  rate  has  been  determined  by  measuring 
film  thickness  with  atomic  force  microscope  (AFM). 

Electrical  measurements  were  performed  by  standard  four-probe  dc  technique.  The  four  silver 
contact  pads  (0  =  0.8  mm)  were  deposited  by  thermal  evaporation.  Magnetoresistance  was 
measured  in  a  field  of  7  kOe.  The  different  in-plane  directions  of  the  substrate  ([1  TO]  and  [001]) 
were  determined  by  x-ray  diffraction  (XRD).  A  Siemens  D5000  powder  diffractometer  was  used 
for  all  XRD  measurements.  AFM  measurements  were  performed  with  a  Burleigh  Aris  3300  Per¬ 
sonal  SPM  system  using  a  high  aspect  ratio  (10:1)  silicon  tip. 


RESULTS 

Transport  Characteristics 

In  Fig.  1  the  resistivity  in  the  [001]  and  the  [1  1  0]  directions  are  showed.  The  size  of  the  unit 
cell  in  the  [1 1 0]  direction  is  4l  times  longer  than  in  the  [001]  direction.  The  resistivity  in  the 
[001]  direction  is  about  one  order  of  magnitude  higher  than  in  the  [1  TO]  direction,  except  for  the 
50  A  film,  where  the  resistivity  in  the  [001]  direction  is  twice  of  that  in  the  [1  TO]  direction.  All 
films  show  a  maximum  of  dp  /  dT ,  which  is  usually  observed  close  to  the  ferromagnetic  transi¬ 
tion  temperature,  Tc. 

Also  in  Fig.  1,  the  anisotropy  parameter,  defined  as  a  ratio  between  the  resistivity  in  the  [001] 
and  [1  1  0]  direction  p  [ooi]  /  p  plo] ,  is  plotted  versus  the  temperature.  The  anisotropy  parameter  is 
the  largest  for  the  2400  and  1200  A  films  and  it  decreases  with  increasing  temperature.  The  200 
and  100  A  films  show  non-monotonous  temperature  dependence  with  maxima  around  300-350 
K.  Even  more  irregular  behavior  is  exhibited  by  the  50  A  film. 

In  the  lower  panel  in  Fig.  1  the  magnetoresistance  (MR),  defined  as  Ap  Ip  0  s  (p  0  -  p  7k0e)  /  p  0, 
versus  temperature  is  shown.  Similar  to  Tc  it  shows  a  regular  behavior  with  the  maximum  MR 
moving  to  higher  temperatures  for  thicker  films.  The  peak  MR-value  is  higher  when  measured 
with  current  going  in  the  [1 1 0]  direction.  There  is  a  change  in  tendency  passing  to  the  thicker 
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FIG.  1  Temperature  dependence  of  the  resistivity  with  (a) 
the  current  along  the  [001]  direction  and  (b)  along  the 


[1  1  0]  direction.  Panel  (c)  presents  the  anisotropy  parame 
ter  P[ooi]//>  [lTo]  versus  temperature,  and  panel  (d)  shows 
the  magnetoresistance  Ap  / p 0 . 


1200  A  film.  The  ultrathin  films  have 
a  decrease  in  peak  MR  value,  in  both 
directions,  with  increasing  of  film 
thickness.  This  trend  is  broken  with 
the  1200  A  film,  where  the  peak  MR- 
value  is  lower  in  the  [001]  direction, 
but  increasing  relative  the  200  A  film, 
for  the  [1 1 0]  direction. 

The  temperature  coefficient  of  resis¬ 
tivity,  TCR  =  d  In p  /  dT  has  been 
calculated  for  the  films  in  the 
different  directions.  TCR  in  the  [001] 
direction  is  between  1.1  %  and  2.2  % 
with  the  peak  value  for  the  100  A 
film.  In  the  [1 1 0]  direction  the  values 
are  higher,  between  2.6  %  and  3.3  %. 
Maximum  value  is  for  the  200  A  film, 
and  like  in  the  [001]  direction  the 
values  decrease  monotonically  with  a 
thickness  changing  from  the  optimal. 


X-Ray  Diffraction 

A  9-26  scan  show  only  (M0)  peaks 
for  both  (110)  SrTiCb  substrate  and 
deposited  Lao.75Sro.2sMn03  films 
indicating  that  fabricated  films  are 
single  phase  and  highly  (110) 
oriented.  The  film-substrate  lattice 
mismatch  is  quite  small  ( —  0.6  %) 
which  leads  to  peaks  that  are  hard  to 
resolve  clearly.  In  Fig.  2  the  (220) 
peaks  of  the  five  films  of  different 
thickness  are  shown.  The  film  peaks 
can  be  seen  as  shoulders  on  the  high- 
angle  wing  of  the  substrate  peak.  The 
vertical  arrow  indicates  where  a  peak 
from  bulk  LSMO  would  be 
positioned.  It  can  be  seen  that  the 
shoulder  moves  closer  to  the  position 
of  bulk  LSMO  (220)  reflection  with 
increasing  thickness  of  the  film,  but 
saturating  at  -1200  A,  since  there  is 
no  difference  between  the  1200  and 
2400  A  peaks. 
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2  0  (deg) 


FIG  2.  0-2 0-  XRD  patterns  of  clean  (110)  SrTi03  substrate  and  five  50-2400  A  thick  La0.75Sro.25Mn03 
films  grown  on  (110)  SrTi03  single  crystal.  The  (220)  LSMO  Bragg  reflections  can  be  seen  at  the  high 
angle  shoulder  on  the  (220)  SrTi03  substrate  reflection.  The  vertical  arrow  indicates  where  a  peak  for 
bulk  LSMO  would  be. 


Atomic  Force  Microscor 


AFM  measurements  were  performed  in  order  to  find  correlation  between  the  transport  proper- 

Nanomerefs  Angstroms  Mcrometers  Nenomotors 


FIG  3.  Atomic  Force  Microscopy  (AFM)  images  of  the  100  A  (left)  and  1200  A  thick  La^Sro^MnOs 
films.  The  100  A  film  shows  elongated  grains  while  the  thicker  film  shows  grains  with  a  circular  shape. 
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ties  and  films  surface  morphology.  In  Fig.  3  AFM-images  of  the  100  and  1200  A  films  are  shown 
The  100  A  film  consists  of  elongated  grains  with  a  typical  size  of  700x150  A.  The  long  axis  of 
the  grains  coincides  with  the  [llO]  direction.  The  200  A  film  (not  shown)  has  grains  which  are 
slightly  longer  (~  900  A)  and  2-3  times  wider  (~  400  A).  The  second  film,  shown  in  Fig.  3,  is  the 
1 200  A  film.  Here  the  grains  are  circular  and  have  typical  diameter  of  about  900  A.  This  mor¬ 
phology  does  not  show  any  anisotropic  features.  The  2400  A  film  (not  shown)  consists  of  grains 
that  start  to  coalesce  and  show  no  preferential  orientation. 


CONCLUSIONS 

The  presented  transport  properties  can  be  compared  with  the  results  obtained  for  films  of  the 
same  composition,  fabricated  under  the  same  conditions  on  (001)  STO  substrates.  In  Fig.  4  are 
results  from  our  previous  work  on  thickness  dependence  of  Lao.75Sro.25Mn03  films  on  (100)  SrTi03 
single  crystal  substrates.  [1]  There  is  a  clear  dependence  of  transition  temperature  and  resistivity 
on  film  thickness.  The  films  fabricated  onto  (110)  SrTi03  substrate  do  not  show  this  regular  be¬ 
havior  of  resistivity  versus  thickness,  as  is  evident  from  Fig.  1.  Transition  temperature  (deter¬ 
mined  as  the  position  of  the  maximum  dp  /  dT  vs.  T  )  shows  a  behavior  similar  to  Fig.  4. 

With  the  shown  morphology  of  the  100  A  film,  the  resistivity  in  the  direction  along  the  long 
[llO]  axis  of  the  grains  will  be  lower  than  the  resistivity  in  the  perpendicular  direction.  Since 
the  grain  boundaries  can  be  considered  as  resistances  connected  in  series,  the  total  film  resistance 
should  be  proportional  to  the  number  of  grain  boundaries  in  given  direction.  Therefore,  the  as¬ 
pect  grain  length-to-width  ratio  of  4-5,  obtained  from  the  AFM  images,  should  corresponds  to 
the  parameter  anisotropy  of  resistivity.  Since  it  has  been  found  to  be  about  7  at  room  tempera¬ 
ture,  one  can  infer  the  anisotropy  observed  in  ultrathin  films  nicely  fits  the  model  of  gram 
boundary  resistance. 

The  next  thicker  film,  200  A,  has  a  resistivity  in  the  short  direction  that  is  2  times  lower  than  the 


Thickness  (A) 

FIG.  4  Dependence  of  transition  temperature  an 
resistivity  on  film  thickness  for  Lao.75Sro.25Mn03  film 
on  (100)  SrTi03  substrates.  The  lines  are  meant  as 
guide  for  the  eyes  [1]. 


Temperature  T  (K) 

FIG  5.  Temperature  dependence  of  resistivity  for 
Lao.75Sr0.25Mn03  films  on  (100)  SrTi03  substrates.  The 
curves  have  been  scaled  by  different  factors  to  fit  in  the 
same  graph  [1]. 
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100  A  film,  but  the  width  of  the  grains  have  doubled.  This  explains  the  resistivity  change  in  the 
short  direction.  In  the  long  direction  the  resistivity  has  decreased  3  times,  but  the  grain  length  is 
only  slightly  longer.  This  can  be  explained  if  we  take  into  account  the  effect  of  growth  of  the 
resistivity  with  film  thinning  observed  in  our  earlier  work  on  films  on  (100)  STO  (see  Fig  5) 
The  change  in  resistivity  between  a  100  A  and  300  A  LSMO  film  on  (100)  STO  at  300  K  is 

W*  Vir  ^,US  WG  may  conclude  the  difference  in  resistivity  in  the  long  direction  for  the 
200  and  100  A  films  can  be  explained  by  intrinsic  LSMO  property  to  increase  resistivity  with 
him  thickness  decrease.  We  also  assume  that  the  grain  growth  in  the  short  direction  eliminates 
the  cause  of  the  thickness  dependence  of  resistivity. 

The  behavior  of  1200  and  2400  A  films  presents  a  bigger  mystery,  since  a  film,  getting  thicker 

ImA/crln  1  mC^e  m°re  lsotroPic  as  a  bulk  LSMO.  There  is  a  one  common  feature  for  all 
LSMO/srO(110)  films:  decrease  of  the  parameter  of  anisotropy  at  high  temperatures.  This  be¬ 
havior  also  supports  the  model  of  grain  boundary  resistance.  It  is  reasonable  to  assume  the  grain 
boundanes  to  be  made  up  of  disorded  manganite  with  Tc  lower  than  the  transition  temperature  Tc 
inside  the  grain  higher  peak  value  of  resistivity  and  larger  width  of  para-to-ferromagnetic  phase 
transition  [7].  Since  the  disordered  manganite  in  the  grain  boundaries  becomes  more  conducting 
at  higher  temperatures,  the  contribution  of  the  grain  boundary  resistance  to  total  film  resistivity 
relatively  decreases.  Therefore,  the  main,  as  we  believe,  source  of  anisotropy  is  effective  only  at 
low  temperatures. 

To  summarize,  Lao.^Sro^MnCb  films  have  been  grown  on  (110)  SrTi03  single  crystal  by 
pu  sed  laser  deposition  technique.  The  films  show  a  strong  anisotropy  of  transport  properties  that 

onnFJ,  1  thC  thicker  fllms'  Atomic  force  microscopy  images  show  that  ultrathin  100  A  and 
200  A  films  consists  of  elongated  grains,  while  the  thicker  films  (1200  and  2400  A)  show  circu¬ 
lar  shaped  grains.  Although  details  of  anisotropy  in  thick  films  remain  a  puzzle,  the  universal 
behavior  of  anisotropy  parameter  at  high  temperatures  for  films  with  various  thickness  bring  us 
to  the  conclusion  the  granular  structure  might  be  responsible  for  strong  transport  anisotropy  in 
Lao.75Sr0.25Mn03/SrTi03  (1 10)  films. 
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ABSTRACT 

We  present  experimental  studies  of  ciystalline,  magnetic,  and  magneto-optic  (MO)  properties 
and  their  correlation  with  the  processing  parameters  of  Ce-substituted  yttrium  iron  garnet  (Ce^Ya- 
JPe50i2)  thin  films  grown  epitaxially  onto  single  crystal  Gd3Ga50i2 (111)  substrates  by  Nd:YAG 
pulsed  laser  deposition  technique.  Rutherford  backscattering  (RBS)  analysis  and  microprobe 
energy  dispersive  spectrometry  (EDS)  prove  the  background  oxygen  pressure,  used  for  films 
growth,  control  films  stoichiometry.  Oxygen  ambient  pressure  appears  to  be  an  important 
parameter  to  grow  Ce^Y3.xFe5Ol2  films  with  good  crystallinity,  magnetic  properties,  as  well  as 
enhanced  MO  effect.  It  is  found  that  the  film  fabricated  at  50  mTorr  oxygen  pressure  exhibits  a 
maximum  Faraday  rotation  (FR)  Of  =  1-78  deg/pm  at  X  =  633  nm,  a  maximum  saturation 
magnetization  4nMs  =  1255  Gauss  with  a  minimum  in-plane  coercivity  Hc  =  35  Oe,  and  the 
narrowest  full  width  at  half  maximum  FWHM  =  0.06°  of  the  (444)  Bragg  reflection  rocking 
curve.  The  analog  of  the  Verdet  constant  V  =  0F  /  47iMj5  also  found  to  be  dependent  on  the 
oxygen  ambient  pressure,  reaches  the  value  as  high  as  1 .4  deg/pmkG  at  633  nm,  suggesting  that 
this  material  is  useful  for  MO  applications. 


INTRODUCTION 

It  is  well  known  that  the  rare-earth  iron  garnets  (ReIG)  with  the  substitutions  of  either  the 
diamagnetic  Bi3+  and  Pb2+  ions  and/or  of  lighter  rare-earth  ions  like  Ce3+,  Pr3+  and  Nd3  exhibit 
enhanced  magneto-optical  (MO)  effects  in  the  wavelength  range  of  0.4-2  pm  (Ref  1  and  refs, 
therein).  Recently,  cerium  substitution  to  yttrium  iron  garnet  (Ce^Y3.xFe50i2,  Ce:YIG)  has  been 
shown  to  enhance  significantly  the  Faraday  effect  with  paramagnetic  dispersion  relation  not  only 
in  the  UV  region  (centered  at  h  v  =  3.1  eV)  but  also  in  the  IR  region  at  h  v  =  1 .4  eV.  Ce:YIG 
appears  to  possess  good  magnetooptical  quality,  the  figure  of  merit  ij/,  defined  as  a  ratio  of 
Faraday  rotation  (FR)  angle  Of  [deg/cm]  to  the  absorption  coefficient  a  [cm*  ].  It  has  been 
shown,  3  that  y/'of  Ce:YIG  is  much  larger  than  for  YIGs  {if/  -  250  deg)  in  the  wavelength  region 
of  1.51-1.57  pm,  reaching  y/=  1200  deg  due  to  a  considerable  decrease  in  the  optical  absorption. 
Ce:YIG  is  thus  found  to  be  of  considerable  interest  as  universal  MO  media  applicable  both  in  the 
near-infrared  as  well  as  in  the  visible  region. 

Following  our  earlier  work, 4  we  have  carried  out  comprehensive  study  on  correlation  between 
the  crystalline,  magnetic,  and  magnetooptic  properties,  and  composition  of  the  Ce^Ys^FesOn 
films.  Here  we  present  results  on  Nd:YAG  pulsed  laser  deposited  CexY3.xFe50i2  films  of 
epitaxial  quality  exhibiting  the  maximum  FR  of  1 .78  deg/pm  at  A  =  633  nm. 
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EXPERIMENT 


Ce-substituted  yttrium  iron  garnet  films  (C exY 3.JF 65 0 1 2)  were  prepared  by  the  pulsed  laser 
deposition  technique  using  a  Nd:YAG  laser  (A  =  355  nm,  10  Hz  pulse  frequency,  and  10  ns 
pulse  width)  at  an  energy  density  of  90  mJ/pulse.  The  films  were  deposited  onto  (1 1  l)-oriented 
Gd3GasOi2  (GGG)  single-crystal  substrates  at  790°C  for  30  minutes  at  various  oxygen  ambient 
pressures  of  10,  25,  50,  75  and  100  mTorr.  Film  thickness,  determined  by  the  a-step  meter, 
showed  0.4,  0.35,  0.2,  0.2,  and  0.2  pm  for  the  films  grown  at  10,  25,  50,  75,  and  100  mTorr, 
respectively.  Thus,  deposition  rate  appears  to  decrease  in  the  beginning  with  an  increase  of  the 
oxygen  ambient  pressure,  but  after  50  mTorr  it  is  found  to  saturate  and  show  7nm/min  under  the 
deposition  conditions  investigated  in  this  work. 

Crystalline  properties  were  investigated  using  x-ray  diffraction  (XRD,  Cu -Ka  radiation)  0-20 
scan,  rocking  curve  and  (p  -scan  measurements.  Vibrating  sample  magnetometer  (VSM)  was 
used  to  study  the  magnetic  properties  of  the  films  at  room  temperature.  Faraday  effect  was 
measured  by  observing  the  rotation  of  the  plane  of  polarization  in  transmission  light  in  magnetic 
field  (up  to  15  kOe)  applied  perpendicular  to  the  film  plane.  To  determine  the  stoichiometry  of 
the  deposited  films,  the  Rutherford  backscattering  spectrometry  with  2  MeV  4He+  beam  and  the 
microprobe  Energy  Dispersive  spectrometry  (10  kV  accelerating  voltage,  and  232.5  x  167  pm2 
beam  aperture)  have  been  employed. 


RESULTS  AND  DISCUSSION 

From  the  XRD  0-20  scan,  (1 1  l)-oriented  epitaxial  growth  has  been  confirmed  over  the 
examined  angle  range  (5-125  °)  for  all  the  Ce^Ys-jcFesOn  films  fabricated  at  different  oxygen 
ambient  pressures.  As  shown  in  Fig.  1,  which  is  the  expanded  sections  for  (444)  Bragg 
reflections,  Ce:YIG  (444)  diffraction  peak  appears  to  move  towards  higher  angles  with  an 
increase  of  oxygen  pressure,  indicating  a  decrease  in  the  out-of-the-film  lattice  constant  a.  a 
lattice  parameter,  determined  from  the  Ce:YIG  (444)  diffraction  peak,  is  shown  in  Fig.  2  and  the 
Table.  It  can  be  clearly  seen  that  the  lattice  constant  increases  as  the  oxygen  ambient  pressure 


Fig.  1  X-ray  diffraction  (XRD,  C\xKa 
radiation)  6-20 scans  for  Ce^.^FesOn 
films  grown  by  PLD  onto  Gd3Ga50i2 
(111)  (GGG)  single  crystal  at  various 
oxygen  pressures.  XRD  patterns  for 
10,  25,  50,  and  75  mTorr  are  offset  for 
clarity.  XRD  (p  -scans  for  Ce:  YIG  film 
(50  mTorr)  and  GGG  substrate  (642) 
reflection  are  shown  in  the  insert. 
Detector  and  sample  positions  ( 20&* , 
^pie)  have  been  chosen  as  follows: 
(54.474°,  49.514°)  and  (55.579°, 

49.995°)  for  Ce:YIG  (642)  and  GGG 
(642)  reflections  respectively. 
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Fig.  2  Oxygen  ambient 
pressure  dependencies  of 
saturation  magnetization 
4nMs,  Faraday  rotation  Of, 
lattice  constant  a,  Verdet 
constant  V,  FWHM  of 
rocking  curve  for  the  (444) 
Bragg  reflection,  and  the  in¬ 
plane  coercivity  Hc, 
measured  at  room 
temperature. 


used  for  the  growth  is  lowered. 

Ce  substitution  for  Y3+ (ionic  radius  of  0.95  A)  at  the  dodecahedral  sites  of  garnet  structure  is 
known  to  result  in  lattice  expansion  because  of  its  larger  ionic  radius  of  1 .13  A.  According  to  the 
Vegard  rule 5,  variation  of  the  lattice  constant  of  substituted  yttrium  iron  garnets  depends  linearly 
on  the  amount  of  substitution.  Thus,  the  expansion  of  the  lattice  constant  at  lower  oxygen 
pressure  seems  to  indicate  a  significant  increase  of  Ce  incorporation  into  the  YIG  lattice.  This 
fact  also  nicely  corresponds  to  the  phenomenon  of  discriminated  thermalization  of  ablated 
species  in  multicomponent  laser  plume,  described  recently.6  It  is  as  follows:  to  get  congruent 
target-to-film  material  transport,  all  the  ablated  constituents  should  be  delivered  to  the  substrate 
in  a  right  proportion.  However,  laser  ablated  particles  lose  their  kinetic  energy  ( thermalized )  by 
colliding  with  the  background  gas  molecules.  Since  the  momentum  loss  in  an  elastic  collision  is 
more  pronounced  for  light  species,  the  kinetic  energy  of  the  ablated  particles  and  the  number  of 
species  reaching  the  substrate  can  vary  depending  on  the  pressure  regime  used  for  the  deposition. 
In  the  Ce-substituted  YIG,  Fe,  Y,  and  Ce  have  atomic  masses  of  56,  89,  and  140  respectively.  At 
low  background  pressure,  Fe  and  Y  can  be  easily  thermalized,  while  the  transport  of  the  heaviest 
Ce  could  be  still  ballistic.  Thus,  this  can  cause  a  significant  loss  of  Fe  with  an  increase  of  the 
background  pressure,  but  an  additional  incorporation  of  Ce  at  lower  background  pressure, 
influencing  the  stoichiometry  of  the  laser  ablated  Ce*Y3.*Fe50t2  films. 

As  shown  in  Fig.l,  the  films  grown  at  10  or  25  mTorr  02  are  found  to  have  relatively  poor 
crystallinity.  The  stoichiometry  change  and  corresponding  expansion  of  the  lattice  constant  are 
expected  to  cause  the  structural  disorder,  which  is  responsible  for  the  relatively  poor  crystallinity 
of  the  films  grown  at  lower  oxygen  background  pressures.  On  the  other  hand,  the  film  grown  at 


TABLE  Properties  of  Ce^Ys-xPesOn  films  prepared  by  PLD  at  various  oxygen  ambient  pressures 


02  pressure 
(mTorr) 

Deposition 

rate 

(nm/min) 

Ce:Y 

Fe:Y 

a 

(A) 

FWHM 

(deg) 

Hc 

(Oe) 

4nMs 

(G) 

FR 

(deg^un) 

V 

(deg/pmkG) 

10 

13.3 

0.21 

0.20 

12.64 

0.47 

45 

559 

0.76 

1.36 

25 

11.7 

0.17 

0.16 

12.61 

0.17 
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50  mTorr  02  shows  the  narrowest  width  and  the  highest  intensity  of  Ce:YIG  (444)  diffraction 
peak,  suggesting  the  highest  homogeneity  within  film  thickness:  lowest  strain  and  uniform 
composition. 

The  full  width  at  half  maximum  (FWHM)  of  the  rocking  curve  of  (444)  Bragg  reflection  also 
exhibits  a  minimum  value  at  50  mTorr  oxygen  pressure  as  represented  in  Fig.  2  and  the  Table. 
The  narrow  FWHM  of  Ce:YIG  (444),  comparable  with  FWHM  =  0.02°  of  the  rocking  curve  of 
GGG  (444)  reflection,  proves  the  high  degree  of  (1 1  l)-orientation  of  the  PLD-made  Ce:YIG 
films.  The  in-plane  texture  of  the  Ce:YIG  films  has  been  examined  by  measuring  the  x-ray 
diffraction  from  off-normal  {642}  planes.  The  insert  in  Fig.  1  presents  the  <p-  scans  for  the  film 
prepared  at  50  mTorr  02,  measured  for  both  Ce:YIG(642)  (20det  =  54.474°,  6UPic  =  49.514°)  and 
GGG(642)  (20det  -  55.579°,  #,amPie  =  49.995°)  reflections.  Six-fold  symmetry  of  the  ^-scans 
corresponds  to  three  equivalent  off-normal  {642}  planes  appearing  twice  each  during  360°  in¬ 
plane  sample  rotation.  Coincidence  ofCe:YIGand  GGG  peaks  position  indicates  the  following 
film-to-substrate  epitaxial  relationship: 

(111)  Ce:YIG  II  (lll)GGG, 

[110]  Ce:YIG  1 1  [110]  GGG. 


Fig.  3  shows  the  RBS  spectra  for  CejcY^FesCWGdrjGasOn  structures,  measured  using  2  MeV 
He  beam.  In  the  figure,  the  lines  with  elements  indicate  the  position  of  the  each  element  surface 
yieJd  The  RBS  spectrum  of  GGG  is  also  given  in  the  figure  for  comparison.  It  is  observed  that 
the  Gd  signal  from  the  Ce^Y^FesOi^GdsGajOn  structure  shifts  toward  lower  energy  as  the 
oxygen  ambient  pressure  is  reduced,  indicating  a  decrease  of  the  film  thickness,  as  also 
confirmed  by  (x-step  meter  measurement.  The  same  tendency  is  also  observed  for  the  Ga  signal. 
It  appears  to  be  difficult  to  estimate  the  stoichiometry  of  the  films  using  RBS  under  the 


Energy  (MeV) 


Fig.  3  Random  RBS  spectra  for  CexY3. 
*Fe50i2  films  on  Gd3Ga50i2  (GGG) 
substrates  measured  using  2  MeV  *He+  beam. 
GGG  spectrum  is  also  given  for  comparison. 
The  lines  with  elements  indicate  the  position 
of  the  each  element  surface  yield. 


Fig.  4  The  microprobe  Energy  Dispersive 
spectra  (EDS,  SEM  ZEISS  DSM  942 , 
accelerating  voltage  of  10  kV,  beam 
aperture  of  232.5x1 67pm2)  recorded  for 
Cej;Y3.xFe30i2  films  grown  at  different 
ambient  oxygen  pressures.  The  intensity  is 
expressed  in  log-  scale.  The  spectra  have 
been  shifted  vertically  for  clarity. 
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conditions  investigated  in  this  work,  due  to  the  complexity  of  films  composition  and  the  overlap 
between  the  signals  from  the  film  and  the  substrate.  To  determine  the  relative  composition,  we 
proceeded  our  study  with  the  microprobe  EDS  measurements.  Fig.  4  shows  the  EDS  spectra  of 
the  films  represented  in  log-scale,  where  the  spectra  have  been  shifted  vertically  to  make  the 
difference  between  spectra  easily  discemable.  The  relative  ratio  of  Ce  and  Fe  to  Y,  as  given  in 
the  Table,  is  found  to  decrease  significantly  with  an  increase  of  the  oxygen  ambient  pressure. 
This  EDS  measurement,  thus,  nicely  confirms  our  experimental  results  and  their  interpretation  on 
enhanced  incorporation  of  Ce  ions  in  YIG  lattice  at  low  oxygen  pressure. 

Magnetic  hysteresis  measurements  in  magnetic  field  perpendicular  Hi  and  parallel  H\\  to  the 
film  plane  were  performed  using  VSM  at  room  temperature.  Fig.  5  shows  M-H\\  loops  of  the 
Ce:YTG  films  measured  in  magnetic  field  H\\  parallel  to  the  film  surface.  In  H\\  geometry, 
magnetization  saturates  at  rather  low  field  (<  50  Oe)  and  loops  measured  at  mutually 
perpendicular  in-plane  orientations  did  not  show  in-plane  anisotropy.  When  the  applied  field  is 
normal  to  the  film  surface,  M-Hi  curves  saturate  at  higher  fields  and  plots  in  M  vs. 
scale  coincide  with  M-H\\  hysteresis  loops.  These  testify  to  the  planar  magnetization  and  its 
dependence  on  the  internal  magnetic  field.  The  saturation  magnetization  4nMsand  the  coercivity 
Hc  are  also  found  to  be  dependent  on  the  oxygen  partial  pressure  used  for  the  deposition, 
showing  a  maximum  value  of  4nMs  =  1255  Gauss  and  a  minimum  coercivity  of Hc  =  35  Oe  at  50 
mTorr.  As  represented  in  Fig.  2  and  the  Table,  the  best  magnetic  properties,  achieved  for  the  film 
grown  at  50  mTorr  oxygen  pressure  can  be  ascribed  to  the  superior  crystalline  properties,  i.e.,  the 
highest  intensity  of  Ce:  YIG  (444)  reflection  (Fig.  1 )  and  the  narrowest  FWHM  of  the  rocking 
curve. 

Faraday  rotation  Of  -  Hi  loops  measured  at  633  nm  at  room  temperature  in  perpendicular 
magnetic  field  H±  <15  kOe  are  shown  in  Fig.  6.  The  specific  FR  Of  [deg/pm]  is  also  found  to 
depend  on  the  oxygen  ambient  pressure  (Fig.  2)  and  reaches  a  maximum  of  1.78  deg/pm  for  the 
film  grown  at  50  mTorr  O2.  This  maximum  FR  at  50  mTorr  O2  also  seems  to  correlate  with  the 
obtained  superior  ciystalline  and  magnetic  properties  as  well  as  with  the  optimum  Ce 
incorporation  in  the  film. 

The  analog  of  Verdet  constant  V  [deg-pm'^kG"1]  =  0f/4txM,  of  the  fabricated  Ce:  YIG  films  has 
been  determined  at  633  nm  and  presented  in  both  Fig.  2  and  the  Table.  It  also  exhibits  a 
maximum  as  high  as  1.41  deg  pm'^kG'1  for  the  film  grown  at  50  mTorr  oxygen  pressure, 


Fig.  5  In-plane  magnetization 
loops  of  Ce^Y3^Fe50i2  films 
grown  at  various  oxygen 
pressures.  Strong  paramagnetic 
contribution  from  Gd3Ga50i2 
substrate  has  been  subtracted.  The 
4fMs  and  Hc  are  found  to  be 
dependent  on  the  oxygen  ambient 
pressure  (for  the  value,  refer  to 
the  Table). 
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Fig.  6  Faraday  rotation  (X  =  633 
nm)  hysteresis  loops  in 
perpendicular  magnetic  field  H±  < 
15  kOe.  Strong  paramagnetic 
contribution  from  GdsGasO^ 
substrate  has  been  subtracted.  The 
specific  FR  Op  [deg/pm]  is  found 
to  depend  on  the  oxygen  ambient 
pressure  used  for  the  growth  (for 
the  value,  refer  to  the  Table). 

10  -5  0  5  10 

Perpendicular  Magnetic  Field  H  (kOe) 

suggesting  that  this  material  is  promising  for  MO  applications. 

In  summary,  epitaxial  Ce-substituted  YIG films  have  been  grown  on  GGG (111)  single  crystal 
using  Nd:YAG  pulsed  laser  deposition  technique.  Oxygen  ambient  pressure  used  for  the  growth 
has  been  found  to  control  crystallinity,  magnetic,  and  magnetooptic  properties  as  well  as  the 
stoichiometry  of  the  PLD  made  films.  Monotonic  increase  of  the  lattice  parameter  with  a 
decrease  of  oxygen  pressure  suggests  higher  incorporation  of  Ce  ions  in  YIG  lattice  at  lower 
pressures.  In  addition,  from  the  microprobe  analysis  using  EDS,  Fe  concentration  in  the  films  is 
also  found  to  decrease  greatly  with  an  increase  of  the  oxygen  ambient  pressure.  50  mTorr  of 
oxygen  pressure  has  been  found  to  be  optimum  to  gain  epitaxial  Ce:YIG  film  quality  indicated 
by  the  narrowest  FWHM  =  0.06°  of  the  (444)  rocking  curve,  the  maximum  saturation 
magnetization  of  1255  G  together  with  the  minimum  coercivity  of  35  Oe,  and  the  maximum 
Faraday  rotation  of  1.78  deg/pm  at  633  nm.  By  optimizing  the  processing  parameters  of  PLD 
technique,  it  is  expected  that  the  specific  FR  can  be  increased,  further  reducing  its  optical  path 
length  and  hence  the  size  of  the  devices. 
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ABSTRACT 

Electrical  properties  of  Nb-doped  SrTi03  (STO:Nb)  Schottky  barrier  (SB)  junctions  have 
been  investigated  in  detail  for  a  comprehensive  understanding  of  metal/oxide  interfaces.  Using  a 
high-purity  ozone  surface  treatment,  rectification  ratio  over  9th  order  of  magnitude  has  been 
successfully  obtained,  while  without  the  surface  treatment,  anomalous  large  reverse  bias  leak 
currents  were  observed  in  the  current-voltage  characteristic  of  the  junctions.  The  X-ray 
photoelectron  spectroscopy  (XPS)  shows  that  carbon  contamination  which  adsorbed  the 
STO:Nb  surface  in  air,  induces  surface  states  in  the  band  gap  of  the  STO:Nb,  which  probably 
originate  the  large  reverse  bias  leak  currents  of  the  metal/STO:Nb  junctions.  Thus  we  present 
importance  of  surface  treatment  for  oxides  to  obtain  controllability  and  reproducibility  of  the 
electrical  properties  of  the  oxide  devices.  Photocapacitance  spectroscopy  has  been  performed  to 
investigate  deep  levels  due  to  bulk  defects  and  impurities  in  the  Au/STO:Nb  junctions.  The 
photocapacitance  spectra  clearly  indicate  existence  of  the  deep  levels  in  the  Au/STO:Nb  and  the 
concentration  of  the  deep  levels  were  of  the  order  of  10,3~1015  cm'3.  These  values  are  too  low  to 
affect  the  Fermi  level  pinning  at  the  interface  if  the  deep  levels  exist  in  the  near  surface  region 
of  the  bulk  STO:Nb.  We  have  shown  some  interesting  electrical  properties,  characteristic  of  the 
SB  junction  of  the  dielectric  oxide  compared  with  that  of  the  conventional  semiconductor’s.  The 
schematic  band  diagram  of  the  Au/STO:Nb  junction  with  the  intrinsic  low  permittivity  layer  at 
the  interface  has  been  proposed,  which  explains  all  the  characteristic  electrical  properties. 
Considering  the  chemical  trend  of  the  SB  height  (SBH)  estimated  from  the  J-V  results,  we  have 
pointed  out  the  importance  of  the  metal  reactivity  for  understanding  the  formation  mechanism  of 
the  SBH. 

INTRODUCTION 

Recently,  great  efforts  have  been  made  to  deposit  oxide  thin  films  directly  on  silicon  and  to 
apply  their  dielectric  properties  to  ultra-large-scale-integrated-circuit  (ULSI)  technology.  Since 
transition-metal  oxides  including  titanium,  tantalum  and  niobium  are  considered  to  be  promising 
materials  for  the  applications,  studies  of  electrical  properties  of  their  junction  devices  including 
those  of  interface  states,  interface  layer,  and  deep  levels  due  to  defects  or  impurities  are 
important  to  obtain  reliability  and  reproducibility  of  the  junction  devices.  In  this  paper, 
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preliminary  results  of  junction  properties  of  metal/Nb-doped  SrTi03  systems,  including  extrinsic 
origin  of  interface  states,  characteristic  junction  properties  originating  from  their  dielectric 
properties  and  deep  levels  observed  using  the  photocapacitance  method,  are  presented. 

EXPERIMENTAL 


The  Schottky  barrier  (SB)  junctions  were  fabricated  on  0.01  wt.%  Nb-doped  SrTi03 
(STO:Nb)  (001).  To  prevent  effect  of  grain  boundary  and/or  low  crystalinity,  Vemeuil  grown 
single  crystal  substrates  were  used.  They  were  as-polished  substrates  chemically  etched  by 
concentrated  HN03  acid  for  2  minutes  or  so-called  “stepped  substrates”  chemically  etched  by 
buffered  HF.  Each  substrates  were  annealed  in  flowing  02  at  1000  °C  for  1  hour  and  at  400  °C 
for  4  hours  to  obtain  the  substrate  surface  having  well-ordered  surface  steps  and  atomically  flat 
terraces  [1][2].  Before  deposition  of  metals  for  the  SB  junction  in  ultra-high  vacuum  chambers, 
cleaning  procedure  using  high-purity  ozone  was  performed  in  the  same  chambers,  in  which 
substrate  surfaces  were  annealed  in  the  high  purity  ozone  atmosphere  (the  ozone  flux  was  about 
1016  molecules-cm"2)  at  400-500  °C  for  20-40  minutes  (we  call  this  procedure  as  “ozone 
cleaning”).  The  pressure  of  the  chamber  during  the  ozone  cleaning  was  1-3  X  10'3  Pa.  The 
reflection  high  energy  electron  diffraction  (RHEED)  and  atomic  force  microscopy  (AFM) 
measurements  showed  that  the  surface  reconstruction  and  the  surface  morphology  are  almost 
unchanged  after  the  ozone  cleaning  [3]. 

After  the  ozone  cleaning,  the  substrates  were  cooled  down  spontaneously  in  the  ozone 
atmosphere  to  50-100  °C  at  which  metal  electrodes  were  deposited  for  fabricating 
metal/STO:Nb  junctions.  The  electrodes  for  the  SB  junctions  were  deposited  in  situ  through  the 
stainless  steal  mask  of  holes  soon  after  stopping  introduction  of  the  high-purity  ozone  gas. 
Electrode  metals  for  the  SB  junctions  were  mainly  Au,  while  Cu,  Ag  and  Pt  electrodes  were  also 
used.  Electrodes  for  the  Ohmic  contacts  were  A1  and  Ti  deposited  backside  of  the  STO:Mb 
substrates  to  form  SB  diodes.  Although  guide-ring  electrodes  to  prevent  edge  effect  in  electrical 
measurements  were  not  able  to  be  deposited,  in-situ  preparation  will  be  advantageous  to  prevent 
the  STO:Nb  surface  from  mechanical  damages  compared  with  preparation  methods  using  photo 
lithography  technique,  which  requires  chemical  etching  and/or  ion  etching  of  the  STO:Nb 
surface. 

The  electrical  measurements  were  performed  in  a  vacuum  chamber  using  tungsten  probes. 
Current  density-voltage  (. J -  V )  and  capacitance- voltage  (C-  V )  characteristics  were  measured 
using  a  picoampere  meter  and  an  impedance  analyzer,  respectively.  The  measurement 
frequencies  of  the  C-V  measurements  were  between  100  Hz  and  1  MHz.  Using  a  single-grating 
monochrometer,  monochromatic  light  was  irradiated  on  Au/STO:Nb  SB  junctions,  to  study 
photocurrent  and  photocapacitance  characteristics.  The  schematic  of  the  measurement  system  is 
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shown  in  Fig.  1 .  The  photocurrents  were  measured  using  the  picoampere  meter  under  0  bias 
voltage.  The  photocapacitances  were  measured  at  room  temperature  using  the  impedance 
analyzer  at  reverse  bias  voltage  of  -4  V  with  a  measurement  frequency  of  1  MHz.  A  Si  photo 
detector  showed  that  the  incident  photon  flux  has  a  slight  photon  energy  dependence  (within 
2.1  %)  in  the  range  between  1.24  and  1.70  eV  in  which  the  photocurrent  measurements  were 
performed.  The  photo  detector  also  showed  gradual  decrease  of  the  incident  photon  flux  (~45  % 
at  3.65  eV  photon  energy)  in  the  range  between  1.55  eV  and  3.65  eV  for  the  photocapacitance 
measurements.  It  is  noted  that  this  photon  energy  dependence  of  the  photon  flux  does  not  affect 
steady  state  photocapacitance  spectra.  It  is  also  noted  that  since  the  bandgap  of  the  SrTi03  is 
reported  to  be  about  3.3  eV  at  room  temperature  [4],  the  photon  energy  in  the  photocapacitance 
study  in  this  paper  was  almost  above  the  midgap  energy  of  the  SrTi03. 

RESULTS  AND  DISCUSSION 

Control  of  SB  height  using  the  ozone  cleaning 

The  rectification  properties  of  metal/SrTi03  junctions  are  drastically  improved  when  the 
junctions  were  fabricated  after  the  ozone  cleaning  as  reported  previously  [1,2,5].  The 
rectification  ratio  over  9th  order  of  magnitudes  has  been  successfully  obtained  for  the  first  time 
because  the  reverse  bias  leak  currents  of  the  junctions  are  drastically  supressed  to  become  lower 
than  detection  limit  of  the  measurement  system.  The  ideality  factor  n  and  the  SB  height  (SBH) 


Halogen  lamp 


Wavelength:  800~340nm 
(/7>/=1.55~3.65eV) 


LCR  meter 


Testing  signal  :50mV 
Frequency:  1MHz  Vacuum  pressure:  10'5Torr 

Applied  reverse  bias : -4V  Temperature:  r.  t. 


Figure  1.  Schematic  view  of  the  measurement  system. 
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are  estimated  from  the  forward  J-V characteristics  using  the  thermionic-emission  theory,  which 
is  described  under  the  condition  of  V  >  3kT/q  by  the  following  equation  [6] : 

J  =  ATex p(-i£)exp(^)  ■  (1) 

kT  nkT 

Here  A  *  is  the  Richardson  constant,  T  is  the  temperature,  q  is  the  Coulomb  charge,  <£is  the  SBH, 
k  is  the  Boltzmann  constant,  V  is  applied  bias  voltage,  respectively.  The  Richardson  constant  A  * 
is  estimated  as  156  Acm'2K/2. 

Figure  2  shows  the  ideality  factor  n  vs.  SBH  of  Au/STO:Nb  junctions  fabricated  on  a  bare 
“stepped”  STO:Nb  substrate  without  the  ozone  cleaning  and  a  “stepped”  STO:Nb  substrate  with 
the  ozone  cleaning  after  1000  °C  02  annealing.  As  shown  in  the  fig.  2,  distribution  of  both  the 
ideality  factor  n  and  the  SBH  becomes  narrower  when  the  ozone  cleaning  was  applied  to  the 
STO:Nb  surface,  which  indicates  that  reliability  and  reproducibility  of  the  junction  properties 
have  been  improved.  The  SBH  also  increases  when  the  ozone  cleaning  was  applied  and  the 
rectification  ratio  in  the  J-  V  characteristics  was  drastically  improved  from  about  4th  order  to 
over  9th  order  of  magnitude  [1,2].  It  is  noted  that  smaller  ideality  factors  of  the  junctions 
without  the  ozone  cleaning  does  not  mean  better  junction  properties,  because  the  forward  J-V 
characteristics  of  the  junctions  scarcely  have  the  log-linear  region.  Therefore,  as  for  the 
junctions  without  the  ozone  cleaning,  the  ideality  factors  shown  in  the  fig.2  mean  the  smallest 
limits  of  the  ideality  factors  estimated  from  the  steepest  tangent  line  of  the  forward  J-V  curves. 

To  investigate  the  origin  of  the  drastic  improvement  of  the  electrical  properties,  surface 
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Figure  2.  The  ideality  factor  n  vs.  SBH  of  Au/0.01  wt.%  Nb-doped  SrTi03  (001) 
junctions  fabricated  with  and  without  03  cleaning. 
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electronic  states  of  the  STO:Nb  were  investigated  using  the  X-ray  photoelectron  spectroscopy 
(XPS).  Figure  3  shows  the  XP  spectra  around  C  Is  peak  of  the  STO:Nb  surfaces  before  and  after 
the  ozone  cleaning  [7].  The  XPS  showed  that  the  C  Is  XP  peak,  clearly  observed  in  the  STO:Nb 
surface  before  the  ozone  cleaning,  is  diminished  after  the  ozone  cleaning.  This  indicates  that  the 
origin  of  the  large  reverse  bias  leak  currents  of  the  Au/STO:Nb  junctions  is  arisen  from  the 
carbon  contamination  of  the  substrate  surface.  Moreover,  as  shown  in  fig.4,  the  gap  states 
observed  in  the  valence  band  region  of  the  STO  are  diminished  after  the  ozone  cleaning.  This  is 
direct  evidence  that  the  carbon  contamination  of  the  surface  induces  surface  states  of  the 
STO:Nb  which  affect  the  electrical  properties  of  fabricated  metal/STO:Nb  junctions.  Since  the 
ozone  cleaning  is  effective  for  eliminating  the  carbon  contamination,  the  metal/STO:Nb  junction 
prepared  with  the  ozone  cleaning  should  show  intrinsic  electrical  properties  of  the  junction 
without  any  extrinsic  interface  states.  It  is  noted  that  almost  the  same  results  were  obtained  for 
the  Nb-doped  Ti02  substrates.  These  indicate  that  the  improvement  of  the  electrical  properties 
by  eliminating  carbon  contamination  will  be  the  general  results  for  the  junction  devices  based  on 
oxide-semiconductors.  It  is  interesting  that  the  oxide  surface  is  not  so  stable  to  adsorbates.  The 
junction  properties  of  oxide-semiconductors  seem  to  be  sensitive  to  the  carbon  contaminants. 
These  results  suggest  that  one  of  the  reason  for  the  leakage  currents  observed  in  several  reported 
dielectric  and/or  ferroelectric  thin  films  may  be  due  to  the  carbon  contamination  in  the  films. 

Since  insufficient  oxidation  of  organometal  source  in  chemical  vapor  deposition  (CVD) 
technique  will  introduce  carbon  contamination  to  deposited  films,  it  may  be  advantageous  to 
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Figure  3.  The  XPspectra  of  the  STO:Nb 
before  and  after  the  03  cleaning. 


Figure  4.  The  XPspectra  near  the  valence 
band  of  the  STO:Nb  before  and  after 
the  03  cleaning. 


101 


use  reactive  oxidizing  agent  to  prepare  the  oxide  films  by  CVD.  In  case  of  the  pulsed  laser 
deposition  and  sputtering  techniques,  it  should  be  taken  care  that  target  material  and  introduced 
oxygen  gas  should  contain  organic  impurities  as  low  as  possible.  Using  high-purity  oxidizing 
agent,  such  as  high-purity  ozone  gas,  is  considered  to  be  more  and  more  important  when 
fabricating  of  device  quality  oxide  films. 

Deep  level  characterization  of  the  Au/STO:Nb  junctions 


In  conventional  semiconductors,  characterization  of  deep  levels  due  to  defects  and/or 
impurities  is  important  for  junction  devices,  because  they  act  as  trap  centers  and/or 
recombination  centers  for  free  carriers.  Moreover,  electronic  states  near  surface  region  of  a 
semiconductor  may  cause  the  Fermi  level  pinning  phenomenon  when  concentration  of  the  deep 
levels  is  higher  than  about  1010  cm'2  [10].  Therefore  it  will  be  also  important  to  characterize  the 
deep  levels  in  the  dielectric  oxides  when  we  consider  junction  properties  of  the  metal/dielectric 
oxides  as  well  as  when  they  are  applied  to  ULSI  technology.  Although  deep  level  transient 
spectroscopy  (DLTS)  is  known  to  be  one  of  the  suitable  method  to  investigate  the  deep  levels  in 
the  conventional  semiconductors,  it  is  difficult  to  use  it  to  investigate  the  deep  levels  in  the 
dielectric  oxides.  Since  the  capacitance  of  these  oxides  reflects  the  temperature-dependence  and 
electric  field-dependence  of  the  electrostatic  permittivity,  transient  capacitance  in  the  DLTS 
measurement  also  includes  these  effects  beside  with  the  transient  property  of  the  space  charge 
density  in  the  depletion  region.  Although  isothermal  capacitance  transient  spectroscopy  (ICTS) 
measurement  was  found  to  be  more  suitable  for  the  oxides  when  such  temperature  dependence 
was  considered  [8,9],  it  is  also  difficult  to  investigate  the  Au/STO:Nb  junctions  by  the 
conventional  ICTS  measurements  since  they  show  anomalous  transient  curves  even  in  the 
isothermal  conditions,  which  might  be  induced  by  the  electric  field  dependence  of  the 
permittivity.  We  have  adopted  the  photocapacitance  method  to  the  Au/STO:Nb  junctions,  which 
is  performed  under  constant  electrical  field  and  the  isothermal  conditions. 

Figure  5  shows  typical  steady-state  photocapacitance  spectra  of  the  Au/STO:Nb  in  the 
photon  energy  range  between  1.55  eV  and  3.65  eV.  The  AC  in  the  fig.  5  represents  the  difference 
of  the  capacitance  from  that  of  at  1 .55  eV  photon  energy.  It  is  noted  that  a  half  of  the  bandgap 
energy  of  the  STO  (3 .2-3. 3  eV  at  room  temperature)  is  about  1 .6  eV.  Observed 
photocapacitance  spectra  clearly  indicates  the  existence  of  the  deep  levels  in  the  Au/STO:Nb 
junctions.  Since  rapid  increase  of  photocapacitance  above  around  3.3  eV  is  probably  due  to  band 
gap  excitation  of  the  STO,  there  observed  four  features  in  a  photocapacitance  spectrum  which  is 
considered  to  be  due  to  deep  levels  in  the  Au/STO:Nb  junctions:  that  is  capacitance  increase  in 
the  range  of  1 .7-2.0  eV,  2.3-2. 5  eV  and  2. 5-3.0  eV  and  capacitance  decrease  in  the  range  of 
2. 0-2.2  eV.  Considering  that  capacitance  increase  corresponds  to  existence  of  deep  levels  below 


102 


mid  gap  energy  and  that  capacitance  decrease  corresponds  to  that  above  mid  gap  energy,  we 
attribute  the  four  features  in  the  photocapacitance  spectra  mainly  to  four  deep  levels  as  shown  in 
fig.  6.  We  denote  these  four  deep  levels  as  ET1(1. 0-1.2  eV  from  the  conduction  band  edge),  ET2 
(1. 7-2.0  eV),  ET3  (2. 3-2. 5  eV)  and  ET4(2. 5-3.0  eV).  When  deep  level  concentrations  of  the 
ET,~ET4  are  estimated  from  2AC/C  using  space  charge  densities  which  are  roughly  estimated 
from  the  C2-V characteristics,  they  are  1013~1014  cm'3  (ETI,  E^,  ET3)  and  1014~1015  cm3  (ET4), 
respectively.  It  is  noted  from  the  estimation  that  the  deep  level  concentrations  are  much  lower 
than  doping  concentration  of  Nb  and  are  too  low  to  make  Fermi  level  pinning  at  the  interface. 
However,  when  these  deep  levels  also  exist  in  undoped  STO  films,  they  may  affect  the  electrical 
properties  of  the  junction  devices  as  charge  trap  centers  and/or  recombination  centers. 


Intrinsic  low  permittivity  layer  at  metal/STO:Nb  interface 


There  is  a  possibility  that  surface  and/or  interface  of  the  dielectric  oxide  has  different 
dielectric  property  from  the  bulk,  since  interdipole  interaction  is  reduced  at  the  surface  and/or 
interface  [11].  Moreover,  atomic  rearrangement  of  the  oxide  at  the  surface  and/or  interface  will 
cause  different  lattice  properties  from  the  bulk  [12-15],  which  will  originate  the  different 
dielectric  property.  Thus,  both  macroscopic  and  microscopic  model  suggest  that  intrinsic 
interface  layer,  which  show  different  dielectric  property  from  the  bulk  STO,  exists  at  the 
metal/STO:Nb  interface.  Since  such  interface  layer  will  affect  the  electrical  properties  of  the 
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Figure  5.  Typical  photocapacitance  spectra  Figure  6.  Schematic  drawing  of  deep  levels 

of  the  Au/STO:Nb  junctions.  in  a  Au/STO:Nb  junction. 
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oxide  junction,  it  will  be  more  and  more  important  to  determine  whether  such  interface  layer 
actually  exists  and  to  understand  the  nature  of  the  interface  layer  if  exists  for  controlling 
electrical  properties  of  the  oxide  based  junction  devices. 

The  Au/STO:Nb  (001)  junctions  which  were  fabricated  on  the  ozone  cleaned  surface  were 
investigated  in  detail  to  clear  out  intrinsic  junction  properties  of  metal/STO:Nb  systems  [2]. 
Figure  7  and  figure  8  show  temperature  dependencies  of  J-V and  photocuurent  characteristics  of 
a  Au/STO:Nb  (001)  SB  junction.  The  SB  heights  estimated  from  the  J-V  characteristics  using 
the  thermionic-emission  theoiy  are  also  shown  as  arrows  in  the  fig.8.  According  to  the  Fowler 
theory,  a  straight  line  should  be  obtained  in  the  square  root  of  the  photoresponse  plotted  as  a 
function  of  photon  energy  and  the  SBH  should  be  directly  given  as  the  extrapolated  value  on  the 
energy  axis.  As  shown  in  the  fig.  8,  the  threshold  energy  of  the  photoresponse  seems  to 
approximately  coincide  with  the  SBH  estimated  from  the  J-V  results.  It  is  noted  that  both  J-V 
and  photocurrent  characteristics  indicate  that  the  SBH  of  the  Au/STO:Nb  junction  decreases 
with  temperature  decreases.  In  case  of  C-  V  characteristics,  different  properties  from  the 
conventional  SB  junctions  were  observed  as  shown  in  fig.9.  The  C-V characteristics  show 
temperature  dependence,  which  reflects  the  temperature  dependence  of  the  permittivity  of  the 
STO.  The  C  2  plot  deviates  from  the  linear  relation  to  the  voltage  especially  at  low  temperatures, 
which  reflects  the  electric- field  dependence  of  the  permittivity  of  the  STO.  These  results  are 
characteristic  junction  properties  of  metal/dielectric  oxide  systems.  The  flat  band  voltage,  which 
is  estimated  from  the  intersection  of  C”2  vs.  V plot  with  the  voltage,  is  found  to  be  temperature 


Figure  7.  Temperature  dependence  of 
J-  ^characteristics  of  a  Au/STO:Nb 
junction.  Solid  lines  represent 
simulated  J-  ^characteristics. 


Figure  8.  Photocurrent  spectra  of  a 
Au/STO:Nb  junction.  Arrows  indicate 
corresponding  SBHs  estimated  from 
J-  ^characteristics  at  292,  146,  101  K. 
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independent  as  shown  in  the  fig.  9,  while  the  J-V  results  indicate  temperature  dependence  of  the 
SBH  as  described  above. 

It  is  found  that  when  the  intrinsic  low  permittivity  layer  at  metal/STO:Nb  interface  is 
considered,  as  schematically  shown  in  fig.  10,  all  these  results  can  be  explained  quantitatively. 

In  the  fig.  10,  the  thickness  of  the  layer  is  noted  as  8n  the  relative  permittivity  is  noted  as  e{ .  The 
space  charge  densities  within  the  interface  layer  and  in  the  depletion  layer  are  assumed  to  be  0 
and  constant  (denoted  as  Nd),  respectively.  We  assumed  the  relationship  between  E  and  P  in  the 
depletion  region  as  E—cuP+jSP 3  according  to  the  Devonshire  theory.  It  is  noted  that 
sB(T)-(asoy!  in  the  limit  of  zero  electric  field,  where  sB(T)  is  the  temperature-dependent 
relative  permittivity  expressed  by  Barret’s  equation  as 


_ M _ 

(V2)coth(7;/2r)-70 


(2) 


Here  M=  9.0  X  104  K,  T0=  38  K,  T,=  84  K  and  Tis  the  temperature  of  the  sample. 

For  the  simulation  of  the  J-V  characteristics,  tunneling  probability  of  the  currents  through  the 
intrinsic  low  permittivity  layer  was  assumed  as  unity  and  the  thermionic-emission  theory 
without  series  resistance  of  the  junction  was  used. 

When  fitting  parameters  of  Nd  -  8.08  X  1023  m'3,  5.66  X  108  Vm5C 3,  and  <$/$  =  10.4 

Vm2C'1  are  used,  simulated  J-Fand  C  '2-V characteristics  well  coincide  with  measurement 


Figure  9.  Temperature  dependence  of 

C  2-  Fcharacteristics  of  a  Au/STO:Nb  Figure  10.  Schematic  model  of  a  Au/STO:Nb 
junction.  Solid  lines  represent  junction  with  an  intrinsic  low  permittivity 

simulated  C2-  Fcharacteristics.  layer  at  the  interface. 
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results,  as  shown  by  solid  lines  in  fig.  7  and  the  fig.  9.  The  agreement  between  measured  and 
simulated  electrical  properties  proves  the  model  shown  in  the  fig.  10.  Thus,  it  is  confirmed  from 
the  electrical  properties  that  the  intrinsic  low  permittivity  layer  actually  exists  at  the  interface 
between  Au  and  STO:Nb. 

Chemical  trends  of  SBH  of  the  Au/STO:Nb  junctions 

Formation  mechanism  of  the  SBH  is  still  unclear  yet.  The  J-V  characteristics  of  various 
metal/STO:Nb  junctions  indicate  an  order  of  SBH(Au)  >  SBH(Pt)  >  SBH(Ag)  >  SBH(Cu)  > 
SBH(Ti),  SBH  (Al)  as  shown  in  fig.  1 1 ,  while  work  functions  <l>m  of  the  metals  are  reported  to  be 
^mCPt)  >  ^ra(Au)  >  Om(Cu)  >  <Dm(Ti)  >  Om(Al)  >  <J>m(Ag)  [6]  [16].  Since  the  sequence  of  the 
SBH  seems  to  be  rather  related  to  Pauling’s  electronegativity,  reactivity  of  the  metal  (may  be 
reactivity  to  oxygen)  probably  correlates  with  the  SBH  of  the  junctions.  Therefore,  both  the 
Fermi  level  position  and  the  reactivity  of  the  metals  should  be  considered  to  understand  the 
formation  mechanism  of  SBH  of  the  metal/oxide  junctions. 


0  0.5  1 


Voltage  (V) 

Figure  11.  Chemical  trends  of  J-  ^characteristics 
of  the  metal/STO:Nb  junctions. 
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CONCLUSIONS 


Electrical  properties  of  STO:Nb  SB  junctions  have  been  investigated  in  detail  for  a 
comprehensive  understanding  of  metal/oxide  interfaces.  Using  a  high-purity  ozone  surface 
treatment,  rectification  ratio  over  9th  order  of  magnitude  has  been  successfully  obtained,  while 
without  the  surface  treatment,  anomalous  large  reverse  bias  leak  currents  were  observed  in  the 
current-voltage  characteristics.  The  XPS  shows  that  carbon  contaminants,  adsorbed  on  STO:Nb 
surface  in  air,  induce  surface  states  in  the  band  gap  of  the  STO:Nb,  which  probably  originate  the 
large  reverse  bias  leak  currents  of  the  metal/STO:Nb  junctions.  Thus  we  present  importance  of 
surface  treatment  for  oxides  to  obtain  controllability  and  reproducibility  of  the  electrical 
properties  of  the  oxide  devices.  Using  these  high  quality  metal/STO:Nb  junctions,  firstly 
photocapacitance  spectroscopy  has  been  performed  to  investigate  deep  levels.  Deep  levels  in  the 
Au/STO:Nb  junctions  are  of  the  order  of  1013~1015  cm'3  and  these  densities  are  too  low  to  arise 
Fermi  level  pinning.  Secondly  we  have  shown  some  interesting  electrical  properties, 
characteristic  of  the  SB  junction  of  the  dielectric  oxide  compared  with  that  of  the  conventional 
semiconductor’s.  In  order  to  explain  all  the  characteristic  properties  of  the  metal/STO:Nb 
junctions  mentioned  in  the  text,  the  schematic  band  diagram  of  the  Au/STO:Nb  junction  with 
the  intrinsic  low  permittivity  layer  at  the  interface  has  been  proposed.  Considering  the  chemical 
trend  of  the  SBH  estimated  from  the  J-V  results,  we  have  pointed  out  the  importance  of  the 
metal  reactivity  for  understanding  the  mechanism  of  the  SBH  formation. 
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ABSTRACT 

Single  phase  Na0.5K0.sNbO;?  (NKN)  thin  films  have  been  pulsed  laser  deposited  on 
SiO2/Si(001)  wafers  and  LaA103(001)  and  MgO(OOl)  single  crystals.  Radio  frequency  (up 
to  1  MHz)  and  microwave  (up  to  50  GHz)  dielectric  spectroscopy  studies  have  been  carried 
out  to  characterize  thin  NKN  films  for  electrically  tunable  microwave  device  applications. 
Films  on  single  crystal  oxide  substrates  showed  tunabilities  as  high  as  30-40  %  at  40  V  bias 
and  dissipation  factor  of  0.01-0.02  at  1  MHz.  The  films  on  Si  substrates  showed  low 
dielectric  losses  of  <0.01,  and  low  leakage  currents.  Dielectric  properties  of  ferroelectric 
films  on  Si  substrates  at  low  frequencies  are  greatly  influenced  by  the  depletion  capacitance 
and  the  resistance  inserted  by  semiconductor  substrate.  Microwave  frequency  measurements 
for  NKN  film  on  Si  wafers  yield  more  than  10  %  tunability  at  50  GHz  and  loss  tan  <5  <0.1  at 
10  GHz. 


INTRODUCTION 

Because  of  their  outstanding  dielectric  properties,  perovskite  ferroelectric  thin  films  attract 
strong  renewed  interest  for  microwave  applications,  such  as  frequency  and  phase  agile 
materials  for  electronically  steered  antennas,  components  for  signal  storing  and  processing, 
remote  sensing,  and  communication  applications.  Films  in  the  paraelectric  phase,  such  as 
(Ba,Sr)Ti03  and  incipient  ferroelectrics  SrTi03  and  KTa03  have  long  time  been  regarded  as 
superior  candidates  to  ferroelectric  films  in  polar  phases  such  as  Pb(Zr,Ti)03  and  BaTi03 
since  they  possess  significantly  lower  microwave  losses.  However,  recent  results  on 
magnetron  sputtered  Nao.5Ko.5NbO;?  (NKN)  films  on  LaA103  (LAO)  [1]  and  pulsed  laser 
deposited  NKN  films  on  SiO^Si  wafers  [2,3]  have  demonstrated  high  tunabilities  with  low 
losses  tan £<0.01,  although  NKN  films  were  strictly  in  the  polar,  ferroelectric  phase.  In  this 
paper,  we  report  on  the  dielectric  properties  of  NKN  films  on  single  crystal  oxide  substrates 
and  Si(001)  substrates  with  ultra-thin  Si02  buffer  layers  at  radio  frequencies  and 
microwaves. 


EXPERIMENTAL  PROCEDURES 

Highly  resistive  (p  ~  10  kflxcm)  and  lowly  resistive  (p  ~  0.01  Qxcm)  n-Si(001)  wafers 
with  ultra- thin  Si02  buffer  layers  and  LaAlO3(001)  (LAO)  and  MgO(OOl)  single  crystals 
were  used  as  substrates.  A  KrF  excimer  laser  (Lambda  PhysiK-300,  X  =  248  nm,  pulse 
width  of  25  nm)  was  used  to  ablate  stoichiometric  NKN  target  at  the  energy  density  of  4-5 
J/cm2  and  repetition  rate  of  15  Hz.  NKN  films  on  various  substrates  were  grown  at  650  °C  in 
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an  ambient  oxygen  partial  pressure  around  400  mTorr.  The  deposition  was  followed  by  in- 
situ  annealing  at  400  °C  in  500  Torr  oxygen  for  30  min.  Film  thickness  was  controlled  by 
deposition  time  and  deposition  rate,  which  was  calibrated  by  Atomic  Force  Microscope 
(AFM).  To  measure  dielectric  properties,  interdigital  capacitor  (IDC)  structures  were 
defined  by  photolithographic  patterning.  Both  lift-off  of  0.5  pm  thick  Au/Cr  layer  (for  the 
films  on  oxide  substrates)  and  ion  milling  in  0.4  pm  thick  Au/Ti  layer  (for  the  films  on  Si 
wafers)  were  used  to  define  upper  metal  electrodes.  Radio  frequency  (up  to  1  MHz)  C-V  and 
tan S-V  characteristics  were  measured  using  HP4284A  and  HP4285  LCR  meters,  while  the 
microwave  frequency  (up  to  50  GHz)  dielectric  spectroscopy  was  performed  by  HP8510C 
vector  network  analyzer.  I-V  measurements  were  done  by  HP  4145B  semiconductor 
parameter  characteriograph.  The  surface  morphology  of  deposited  films  was  analyzed  by 
Digital  Instruments  multimode  Scanning  Probe  Microscope  (SPM)  used  in  the  tapping 
mode. 


RESULTS  AND  DISCUSSION 


Figs.  1  a-c  show  x-ray  diffraction 
(XRD)  patterns  of  NKN  films  on:  a  - 
Si(001),  b  -  LAO(OOl),  and  c  - 
MgO(OOl)  substrates.  The  diffraction 
patterns,  shown  in  logarithmic  scale, 
indicate  all  the  films  are  single  phase, 
despite  the  highly  volatile  components 
Na  and  K.  We  have  explained  that  the 
congruent  transfer  of  material  from  the 
NKN  target  to  the  substrate  can  be 
achieved  at  sufficiently  high  ambient 
oxygen  pressure  through  the  process  of 
complete  thermalization  of  plasma  plume 
and  subsequent  forming  of  the  shock- 
wave.  [3]  NKN  films  on  Si  wafer  exhibit 
high  c-axis  orientation  with  anomalously 
intensive  "quadrupled"  superlattice 
structure.  This  can  be  attributed  to  strong 
Jahn-Teller  distortions  of  NbOe  octahedra 
in  NKN  perovskite  unit  cell.  [4]  The 
NKN  films  on  Si(001)  substrates  with 
various  thickness  of  ultra-thin  Si02  buffer 
layers  show  crystalline  properties  similar 
to  that  seen  in  Fig. la,  and  were  discussed 
in  detail  elsewhere.  [5] 

The  films  deposited  onto  different 
oxide  substrates  (see  Figs,  lb  and  lc) 
show  quite  different  diffraction  patterns, 
although  both  substrates  have  similar 
crystalline  structures.  The  films 
deposited  on  LAO  substrate  are 
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Fig.  1  Patterns  of  C\xKa  x-ray  diffraction 
(XRD)  for  NKN  films  on  different  substrates, 
a  -  0.9  fim  thick  film  on  SiO2(native)/Si(001) 
wafer,  b  -  0.65  jim  thick  film  on  a 
LA103(001)  substrate,  c  -  0.65  (im  thick  film 
on  a  MgO(OOl)  substrate.  The  hkl  Bragg 
peaks  indicate  the  NKN  reflections. 


exclusively  oriented  in  the  [001]  direction,  while  the  film  deposited  on  MgO  substrate 
showed  mixed  [001]  and  [Oil]  orientation.  The  reason  of  these  different  preferential 
orientations  could  be  found  in  film-substrate  lattice  mismatch,  since  both  of  the  films  have 
been  deposited  under  the  same  process  conditions.  The  orthorhombic  NKN  bulk  ceramic  has 
lattice  constants  of  a  =  b  =  4.02,  c  =  3.93  A  at  room  temperature  [6],  while  pseudocubic 
LAO  and  cubic  MgO  single  crystals  have  lattice  constant  of  3.787  A  [(«nkn -  alaoV^lao  =  + 
6.15  %  mismatch]  and  4.213  A  ([(ankn  -  «Mgo)/aMgo  =  -  4.58  %  mismatch),  respectively. 
Therefore,  if  one  assumes  that  the  NKN  films  grow  in  the  epitaxial  cube-on-cube 
relationship  on  both  single  crystals,  then  NKN  films  should  experience  compressive  stress  in 
the  lateral  direction  on  LAO  and  tensile  stress  on  MgO  substrate.  The  0-20  XRD  patterns  of 
NKN  films  on  MgO  substrates  (Fig.  lc)  imply  that  the  relaxation  of  the  tensile  stress  occurs 
through  developing  considerable  amount  of  [011]-oriented  crystallites.  Furthermore,  91-scan 
XRD  patterns  (not  shown)  indicate  both  [001]-  and  [011]-oriented  crystallites  have  a  strong 
in-plane  texture  in  strict  relation  with  the  MgO  substrate.  Bi-axial  texture  in  NKN/MgO  film 
structures  has  significant  implication  on  the  nature  of  NKN  film  growth,  and  will  be 
reported  elsewhere. 


Low  frequency  C-V  and  tan 8-  V 
characteristics  of  the  NKN  films 
on  oxide  substrates  were  traced  at 
1  MHz  and  are  shown  in  Figs.  2a 
and  ?h  NKN  films  on  LAO  and 
MgO  substrates  have  the  same 
thickness  of  270  nm  as  well  as  the 
sa  ne  dimensions  of  the  upper  IDC 
electrodes  (5  pairs  of  1 .0  mm  long 
fingers  with  4  pm  gap).  The 
capacitance  of  the  NKN/LAO  IDC 
is  3.54  pF  at  zero  bias  voltage  (Co) 
and  2.46  pF  at  40  V  bias  voltage, 
hence  the  tunability  (1-  CWCo) 
was  calculated  to  be  as  high  as 
30.5  %  at  40  V.  For  the  case  of  the 
MgO  substrate,  Co  =  3.30  pF  and 
C40V  =  1.99  pF,  thus  the  tunability 
is  about  39.70  %  at  40  V,  which  is 
a  little  bit  higher  then  that  of 
NKN/LAO  capacitor.  Slightly 
opened  C-V  hysteresis  loops 
indicate  that  both  films  are  in  the 
ferroelectric  state.  The  dissipation 
factors  for  both  films  are  also 
different.  In  the  case  of  MgO,  the 
tan  8  vs.  V  characteristics  are 
almost  reversible  and  very 
symmetric,  while  this  is  not  true 
for  LAO.  The  asymmetry  and  the 
irreversibility  of  tan  8  -  V 
characteristics  in  NKN/LAO 
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Fig.  2  C-V  and  tanS  -  V  characteristics  @  1 
MHz  for  4  pm  slot  IDC  structures:  a  -  270  nm 
thick  NKN  film  on  LAO  substrate,  b  -  270 
nm  thick  NKN  film  on  MgO  substrate. 
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capacitor  could  be  attributed  to  the  excess  of  monovalent  Na+  and  K+  ions  and/or  oxygen  O2' 
vacancies.  Since  the  compressive  stress  in  the  NKN/LAO  films  is  not  released  through  the 
formation  of  the  [01  lfphase,  it  can  cause  the  appearance  of  vacancies  of  the  most  slightly 
bonded  ions.  Nevertheless  the  dissipation  factors  for  both  films  are  rather  low  and  decrease 
with  the  applied  bias  voltage:  at  zero  bias,  tanS is  2.3  %  for  both  LAO  and  MgO  substrates, 
and  it  decreases  to  1.0  %  for  LAO  and  to  1.4  %  for  MgO  substrate,  respectively. 

Fig.  3a  shows  C-V  and  tanS  -  V  characteristics  measured  at  1  MHz  for  a  0.9  (im  thick 
NKN  film  IDC  prepared  on  a  highly  resistive  Si  wafer.  A  schematic  representation  of  the 
IDC  structure  and  a  simplified  equivalent  circuit  are  shown  in  Figs.  3b  and  3c.  As  shown  in 
Fig.  3a,  the  tunability  is  abnormally  high,  approximately  89  %  at  15  V  of  bias  voltage.  The 
dissipation  factor  is  57  %  at  zero  bias  voltage,  increases  with  increasing  bias  voltage,  and 
reaches  the  value  of  200  %  at  15  V.  These  large  changes  of  the  real  and  imaginary  parts  of 
the  dielectric  permittivity  in  an  applied  electric  field  are  attributed  to  charge  injection 
processes. 


Fig.  3  a  -  C-V  and  tan  8  -  V  characteristics  of  a  0.9  pm  thick  NKN  film  on  a  Si 
wafer  with  4  pm  slot  interdigital  capacitor  (IDC)  structure  similar  to  that  shown  in 
b,  b  -  schematic  representation  of  the  IDC  structure  used  for  the  characterization  of 
NKN  films  on  Si  substrates,  c  -  eauivalent  electric  circuit  to  the  IDC  shown  in  b. 


As  we  have  reported  earlier,  the  dissipation  factor  is  approximately  linearly  proportional 
to  the  serially  connected  resistance  of  the  bottom  electrode  (in  our  case  Rsi).  [7]  As  the  bias 
voltage  increases,  RSi  also  increases,  since  the  carriers  in  the  semiconductor  are  accumulated 
or  depleted  with  the  bias  voltage.  The  abnormally  high  tunability  can  also  partly  come  from 
the  Si  wafer.  The  depletion  capacitance  (Gin  Fig.  3c)  of  the  highly  resistive  Si  substrate 
decreases  with  the  bias  voltage  since  the  depletion  depth  increases,  and  Cd  finally  becomes 
much  smaller  than  C±,  which  is  the  main  component  of  the  NKN  capacitor.  [2]  Therefore, 
die  serially  connected,  small  Cd  considerably  diminishes  the  measured  capacitance  with 
increasing  bias  voltage.  The  reproducible  C-V  and  tanS  -  V  hysteresis  loops,  clearly  seen  in 
Fig.  3a,  indicate  that  both  /?s;  and  Cd  are  strongly  influenced  by  the  polarization  switching  in 
NKN  the  film.  Thus,  it  is  confirmed  once  again  that  NKN  films  on  Si  substrates  are  in  the 
ferroelectric  state. 
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Fig.  4  depicts  the  frequency  dependencies  of  the  capacitance  and  the  dielectric  loss  of  the 
NKN  IDC  (dimension  are  as  shown  in  Fig.  3b)  on  a  highly  conductive  (phosphorous 
concentration  Afo  >  1019/cm3)  Si  (001)  substrate  with  a  40  A  thick  Si02  buffer  layer.  In  the 
case  of  such  a  highly  doped  Si  substrate,  the  Debye  length  is  very  short,  so  that  the 
difference  between  the  measured  flat-band  capacitance  and  the  real  capacitance  insulator 
(1.3  pm  NKN/40  A  Si02)  was  found  to  be  less  than  1  %,  while  the  resistivity  of  the  Si 
substrate  was  less  than  0.05  Oxcm.  Therefore,  we  deduced  the  dielectric  permittivity  f1  from 
the  measured  capacitance  neglecting  Cd  and  RSl.  The  dielectric  permittivity  was  found  to 
decrease  slightly  (by  6  %)  from  114.0  to  107.2  in  the  frequency  range  from  1  kHz  to  1  MHz 
and  can  be  straightened  in  log/ scale:  £  =  114.0  - 1.8  log  if!  1  kHz).  In  contrast  to  the  case 
of  the  highly  resistive  Si  substrate,  the  measured  loss,  a  major  barrier  for  high-frequency 
applications  of  ferroelectric  materials,  is  very  low.  The  loss  decreases  slightly  with 
increasing  frequency  up  to  10  kHz  and  is  then  almost  invariant  up  to  1  MHz  at  a  level  of 
approximately  0.9  %.  Considering  the  increasing  contribution  of  the  resistance  of  the  Si 
substrate  (/?&)  to  the  measured  tan 8  [7]  with  increasing  frequency,  the  loss  from  the  NKN 
film  should  be  even  lower.  Such  a  low  loss  is  an  indirect  indication  of  large  domain  sizes 
and  the  right  stoichiometry  of  PLD-made  NKN  films,  since  domain  wall  motion  and  charge 
transfer  due  to  the  loss  of  constituents  are  the  main  sources  of  electrical  losses  in 
ferroelectric  films.  Furthermore,  it  reveals  that  there  are  little  oxygen  interdiffusion, 
chemical  reaction,  and/or  structural  defects  at  the  NKN/Si02  interface,  which  would  result 
in  an  "interfacial  dead  layer"  considered  as  the  main  reason  of  the  degradation  of  properties 
in  thin  dielectric  films.  [8]  In  spite  of  all  the  above  explanations,  separate  studies  of 
intrinsic  loss  mechanisms  in  NKN  films  are  required  to  fully  understand  such  low  losses  in 
ferroelectric  film  that  are  strictly  in  the  polar  state. 


Fig.  4  Frequency  dependence  of  dielectric  permittivity  and  tan  8  for 
Au/Ti/Nao.5Ko.5Nb03(1.3|Lim)/Si02(40A)/Si(001)  thin  film  interdigital  capacitor 
structure. 
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We  investigated  the  surface 
morphology  of  films  deposited 
onto  SiC>2  (40  A)/Si(001)  by  using 
a  Scanning  Probe  Microscope 
(SPM).  Grains  with  areas  up  to 
several  pm2  are  visible  in  the  8  x 
8  pm2  scan  depicted  in  Fig.5. 
These  grains  are  orders  of 
magnitude  larger  than  those  of 
epitaxial  films  on  oxide  substrates. 
[9]  Moreover,  the  film  surface  has 
been  found  to  be  extremely 
smooth,  the  average  roughness  in 
the  area  shown  in  Fig.  5  is  6.0  A 
(corresponding  to  1.5  times  the 
height  of  the  NKN  unit  cell).  No 
particulates  were  observed  in  the 
film,  though  particulates  are 
common  to  many  films  prepared 
by  PLD.  [10]  We  attribute  these 
SPM  analysis  results  to  strong 


Fig.  5  AFM  image  of  1.3pm  thick  NKN  film  on 
SiC>2(40A)/Si(001)  substrate 


interactions  between  Nb06  octahedra,  the  high  volatility  of  Na  and  K,  and  the  polar  faces  in 
the  A+1B+503 2  type  perovskite  NKN  unit  cell  [3].  The  interaction  between  NbOe  octahedra 
results  in  the  "quadrupled"  structure  shown  in  Fig.  la,  and  could  be  one  of  the  reasons  for  the 
large  grains.  The  high  volatility  enables  Na  and  K  adatoms  to  migrate  along  the  film  surface 
despite  the  relatively  high  ambient  gas  pressure  of  about  400  mTorr  and  the  moderate 
process  temperature  of  650  °C,  while  alternating  net  charges  in  adjacent  adatom  layers 
promote  the  "layer  by  layer"  growth  mode.  Nevertheless,  more  theoretical  work  is  required 
to  fully  understand  and  interpret  the  observed  results. 


Fig.  6  shows  I-V 
characteristics  of  an  NKN 
IDC  (shown  in  Fig.  3b)  on 
a  highly  resistive  Si  wafer. 
Three  successive  I-V 
curves,  which  coincide 
well,  show  the  hysteresis 
caused  by  the  polarization 
switching  of  the  NKN 
film.  The  ferroelectric 
material  retains  charges  on 
its  surfaces  when  it  is 
polarized.  When  the 
direction  of  polarization  is 
switched,  a  switching 
current  is  required  to  store 
oppositely  signed  charges 
on  the  surfaces.  [11]  An 
NKN  IDC  on  a  lowly 


Fig.  6  I-V  characteristics  for  NKN  IDC  (as  in  Fig. 
3b)  on  high  resistive  Si  wafer. 


resistive  Si  substrate  also  showed  similar  I-V  hysteresis  loops  with  a  low  leakage  current 
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level.  Recently,  we  observed  maximum  conductance  at  the  center  of  the  polarization 
switching  field  in  a  Au/NKN/Si02/Si  structure  [5],  which  corresponds  to  these  results. 
Currents  flowing  in  opposite  direction  to  the  bias  field  are  observed  in  low  voltage  regimes: 
from  0  V  to  -8.4  V  for  negative  and  from  0  V  to  +8.4  V  for  positive  bias  voltages.  This 
clearly  indicates  that  the  polarization  switching  is  the  dominant  conducting  mechanism  in 
the  low  voltage  regime.  Although  the  I-V  hysteresis  loop  is  widely  opened,  low  leakage 
currents  (of  the  order  of  pA)  are  measured.  The  small  leakage  currents  could  be  partly 
attributed  to  the  surface  barriers  onto  silicon-insulator  interface  that  are  equivalent  to  back- 
to-back  connected  diodes  Q  in  Fig.  3c.  A  leakage  current  might  also  flow  along  the  grain 
boundaries  [12]  -  the  large  size  of  the  grains  (see  Fig.  5)  would  then  explain  its  low  level. 
The  right  stoichiometry  of  the  deposited  film  could  be  the  reason  for  the  reproducibility  of 
the  I-V  loop:  excess  ions  or  ion  vacancies  could  act  as  charge  carriers  and  result  in 
irreversible  I-V  characteristics. 

NKN  films  on  Si02/Si  substrates  are  promising  not  only  for  varactors  but  also  for  other 
high  frequency  devices,  such  as  surface  acoustic  wave  (SAW)  devices  and  piezoelectric 
transducers,  for  the  following  reasons.  Firstly,  bulk  ceramic  NKN  shows  a  high  maximum 
radial  coupling  coefficient  of  0.39  and  a  piezoelectric  coefficient  J33  of  160,  which  is  one 
order  of  magnitude  higher  than  that  of  other  candidates  such  as  ZnO.  [13]  The  exclusively 
polar  axis  oriented  film  texture  (see  Fig.  la)  with  only  small  mosaic  broadening  [14],  which 
was  observed  in  NKN  films  on  Si02/Si  substrates,  promises  enhanced  piezoelectricity.  [15, 
16]  Moreover,  high  piezo-activity  is  also  expected  at  high  frequencies  up  to  10  GHz  (see  the 
results  on  high  frequency  polarizability  later).  Secondly,  the  moderate  dielectric  permittivity 
and  the  low  loss  (see  Fig.4),  the  low  leakage  current  and  the  high  breakdown  voltage  (see 
Fig.6)  are  ideal  for  these  applications.  Thirdly,  the  surfaces  are  smooth  and  free  of 
particulates  in  an  area  comparable  with  the  area  of  a  device,  therefore,  the  attenuation  of 
acoustic  waves  propagating  along  the  film  surface  (in  the  case  of  SAW)  and  normal  to  the 
film  surface  (in  the  case  of  Bulk  Acoustic  Waves  (BAW))  should  be  low.  The  attenuation 
caused  by  a  rough  surface  is  known  to  be  a  major  limitation  of  PLD  deposited  piezoelectric 
films  for  applications  in  acoustic  wave  devices.  [17,18]  Ferroelectric  films  on  (ultra- 
thin)Si02/Si  substrates  could  be  incorporated  into  integrated  circuits  and  are  compatible 
with  the  Si  micromachining  process.  Recent  reports  on  the  propagation  of  surface  acoustic 
waves  (SAW)  in  metal/piezoelectric/semiconductor  structures  favor  thinner  buffer  layers  to 
obtain  higher  SAW  phase  velocities  as  well  as  maximum  coupling  coefficients  x2  [19], 
while  a  thermally  grown  thin  Si02  layer  could  be  used  as  an  effective  etch  stop  layer  in  the 
Si  etching  process. 

Even  though,  dielectric  properties  of  NKN  film  on  Si  wafer  are  crucially  influenced  by 
substrate  property,  electrically  tunable  material  on  Si  substrate  has  significant  technical 
importance  for  realization  of  Silicon  Microwave  Monolithic  Integrated  Circuits  (SiMMIC). 
To  characterize  NKN(0.9pm)/Si02(native)/Si(001)  thin  film  structure  at  microwave 
frequencies,  IDCs  with  straight  slots  of  2  pm  gap  were  photolithographically  defined  in 
Au/Ti  layer  by  ion  milling.  The  frequency  dependence  of  NKN  planar  structure  capacitance 
at  zero  and  10  V  DC  bias  voltages  has  been  measured  by  sweeping  the  frequency /in  the 
range  45  MHz  to  50  GHz  using  the  vector  network  analyzer.  To  compute  the  capacitance 
and  effective  loss  tan 5  from  measured  complex  reflection  coefficient,  5n,  we  used  the 
following  expression  for  complex  impedance: 


Z=r-i- 
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where  rand  C  are  resistance  and  capacitance  of  equivalent  to  DUT  circuit,  andZ0  =  50  Q. 
The  accuracy  of  the  measurement  is  estimated  better  than  5  %.  Fig.  7a  shows  the 
capacitance  while  Fig.  7b  shows  the  deduced  tunability  vs.  f  The  capacitance  at  zero  bias 
and  tunability  steeply  decrease  with  the  frequency  increase  up  to  several  GHz.  Most 
probably  this  frequency  dispersion  is  caused  by  Maxwell  relaxation  in  silicon  wafer.  In  a 
wide  frequency  band,  10  to  50  GHz,  low  dielectric  dispersion  has  been  observed.  In  this 
high  frequency  range  the  capacitance  dispersion  is  predominantly  due  to  NKN  film  for  the 
following  reasons.  First,  the  thickness  of  the  Au/Ti  electrodes  (~  0.5  pm)  is  the  order  of  skin 
depth,  thereby  no  substantial  dispersion  may  be  expected  due  to  the  skin  effect.  The 
dielectric  (Maxwell)  relaxation  frequency  for  the  silicon,  fM=  =  l/(2%£Si£0psd  is 

about  15  MHz  is  the  relaxation  time).  Thus,  there  is  no  dielectric  dispersion  in  silicon 
substrate.  Furthermore,  since  the  resistance  and  the  dielectric  permittivity  of  NKN  film  are 
much  larger  than  that  of  silicon,  the  interfacial  (Maxwell-Wagner)  frequency  may  be 
approximated  by  /w  =  tl{2Sjtgpsi£0£NKN) .  For  the  given  geometry  and  material 
parameters  /mw  ~  0.25  MHz  and  the  interfacial  relaxation  also  does  not  contribute  in  the 
dispersion  at  frequencies  above  10  GHz.  Measured  tunability  is  decreased  to  several 
percent  at  around  15  GHz  and  slightly  increases  with  frequency  reached  about  10  %  at  50 
GHz  at  10  V  bias. 
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Fig.  7  a  -  the  capacitance  of  0.9  pm  thick  NKN  planar  capacitor  at  zero  and  10  V 
bias  at  microwave  frequencies;  b  -  associated  tunability,  deduced  from  the 
measurement  shown  in  a. 


Figs.  8  show  C-V  and  tan  S-  V  characteristics  of  NKN/Si  IDC  measured  at  10  GHz.  More 
than  10  %  tunability  and  loss  tan  S~  0.1  is  observed.  It  is  somehow  unexpected  to  observe 
two  typical  maxima  in  bias  dependent  capacitance  at  about  ±  10  V  in  Fig.  8a.  Maxima  in 
bias  dependent  dielectric  permittivity  (capacitance)  are  typically  observed  in  C-V 
characteristics  in  ferroelectric  state  at  low  frequencies.  This  indicates  that  ferroelectric 
activity  (thereby  piezoelectric  activity  as  well)  in  NKN  film  remains  at  frequency  as  high  as 
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10  GHz.  After  one  cycle  of  voltage  sweep,  both  of  capacitance  and  tan  J  are  reduced  which 
have  not  appeared  in  epitaxial  NKN  films  on  oxide  substrates  (see  Figs.  2).  One  possible 
explanation  for  this  phenomenon  is  the  neutralization  of  entrapped  alkali  ions  (Na+  and  K+) 
on  the  NKN/Si02  and/or  Si02/Si  interface  by  injected  electrons  from  n-Si  substrate.  [5] 
Nevertheless,  more  than  10  %  tunability  and  low  loss  of  ~  0.1  observed  in  these  not  yet 
optimized  capacitor  structure  is  quite  promising  for  applications  in  microwave  devices. 


a 


b 


Fig.  8  a  -  C  -  V  and  b  -  tanS -  V  characteristics  of  NKN/Si  IDC  at  10  GHz. 


SUMMARY  AND  CONCLUSIONS 

Dielectric  properties  of  highly  c-axis  oriented  NKN  thin  films  on  SiO2/Si(001)  wafers  and 
epitaxial  films  on  LaA103(001)  and  MgO(OOl)  single  crystals  have  been  studied  for 
electrically  tunable  microwave  device  applications.  C-V  and  tanS  -  V  characteristics  at  radio 
frequencies  (up  to  1  MHz)  measured  for  the  NKN  film  4  jim  gap  interdigital  capacitor 
structures  yield  30-40  %  tunabily  at  40V  bias  and  loss  tanS  as  low  as  0.023.  NKN  film  on 
low  resistive  Si  wafer  showed  low  loss  <  0.01,  while  the  film  on  high  resistive  Si  substrate 
showed  abnormally  high  loss  and  tunability.  These  substrate  dependencies  have  been 
dedicated  to  the  depletion  capacitance,  Q,  and  inserted  resistance,  R&  in  Si  substrates.  Large 
grain  size  and  with  very  smooth  film  surface,  reproducible  I-V  hysteresis  loops  with  very 
low  leakage  current  were  observed  in  NKN  films  on  SiCVSi  substrate.  Dielectric 
spectroscopy  of  NKN  films  on  Si  wafers  performed  at  microwave  frequencies  showed  more 
than  10  %  tunability  up  to  50  GHz  under  10  V  bias  and  less  than  10  %  loss  tanSdX  10  GHz, 
which  indicate  NKN  films  on  Si  to  be  a  promising  candidate  for  SiMMICs  devices. 
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ABSTRACT 

Thin  Bao.2Sro.8Ti03  films  were  pulsed  laser  deposited  at  laser  pulse  repetition  rates  of  1,  5 
and  20  Hz  in  order  to  assess  the  effect  of  grain  size  on  pyroelectric  properties.  Scanning  electron 
microscopy  reveals  an  increase  in  columnar  grain  size  with  decreasing  laser  pulse  rate,  as 
expected.  Substrate  bending  measurements  show  an  increase  in  tensile  stress  with  increasing 
grain  size,  suggesting  some  form  of  stress  relaxation  has  occurred.  X-ray  diffraction  studies 
reveal  all  films  to  be  epitaxial  and  oriented,  while  Rutherford  Backscattering  Spectroscopy  finds 
no  significant  differences  in  film  composition.  The  films  grown  at  5  and  20  Hz  display  a 
suppressed  dielectric  permittivity  as  a  function  of  temperature,  while  the  film  deposited  at  1  Hz 
displays  an  unusually  sharp  and  large  dielectric  permittivity  peak.  A  variation  on  current  theory 
concerning  phase  transitions  of  stressed  ferroelectric  thin  films  is  proposed  to  explain  these 
results. 

INTRODUCTION 

Thin  Bai.xSrxTi03  films  are  being  developed  as  the  active  layer  in  a  passively-cooled 
pyroelectric  detector  to  be  utilized  aboard  Earth-orbiting  satellites  in  their  90  K  environment. 
For  this  application,  the  Ba/Sr  ratio  has  been  tailored  so  that  the  bolometric  pyroelectric 
coefficient,  which  is  proportional  to  the  change  in  the  film’s  dielectric  permittivity  with 
temperature,  is  a  maximum  near  90  K.  Bulk  KTai.xNbx03  crystals  with  Curie  temperatures  in 
this  range  display  a  bolometric  sensitivity,  or  normalized  change  in  capacitance  with  temperature 
(!/C*dC/dT),  of  10-15  %/K.1  Thin  Ba!.xSrxTi03  films  with  similar  Curie  temperatures,  however, 
display  sensitivities  of  only  1  %/K.  This  suppression  of  Curie-Weiss  behavior  in  thin  films  is 
widely  observed  and  mechanisms  involving  interfacial  capacitance,  film  thickness  and  stress 
have  been  proposed  in  explanation.2,3,4 

THEORETICAL  CONSIDERATIONS 

One  model  proposed  by  Pertsev  et  al5  attributes  the  Curie-Weiss  deviation  to  the  effect 
of  the  two-dimensional  clamping  at  the  film-substrate  interface.  Their  theory  applies  to 
ferroelectric  thin,  epitaxial  films  grown  on  cubic  substrates,  and  calculates  that  the 
thermodynamically  stable  phases  differ  significantly  from  a  freestanding  crystal.  In  the  specific 
case  where  the  thermal  expansion  mismatch  produces  a  two-dimensional,  in-plane  tensile  stress 
in  BaTi03  films,  the  first  ferroelectric  phase  transition  upon  cooling  is  predicted  to  be  a 
paraelectric  to  ferroelectric,  orthorhombic  phase  with  an  in-plane  spontaneous  polarization.  This 
phase  change,  which  occurs  above  the  theoretical  Curie  temperature,  is  preferred  because  the 
tensile  stress  can  be  relaxed  by  the  orthorhombic  unit  cell  distortion.  Further,  Pertsev  et  al. 
calculate  that  this  phase  transition  will  be  accompanied  by  modified  Curie-Weiss  behavior.  The 
dielectric  permittivity  will  increase  more  rapidly  with  temperature  above  the  transition,  but  the 
transition  will  display  only  a  small  permittivity  peak  instead  of  a  discontinuity.  Since  more 
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stress  increases  this  modified  slope,  one  could,  in  a  limited  way,  increase  a  film’s  bolometric 
sensitivity  by  increasing  the  film’s  tensile  stress. 

Pertflf  a/  ’s  theory  onJy  considers  crystals  with  a  single  domain.  Yet,  domain 
structures  of  90  twins  have  been  predicted  and  observed  in  ferroelectric  thin  films.  Indeed  the 
same  two-dimensional  tensile  stress  which  can  be  accommodated  by  an  in-plane  orthorhombic 
distortion  can  also  be  accommodated  by  in-plane,  90°  twinned  tetragonal  distortions.7  Further 
the  tetragonally  distorted  unit  cell  volume  is  larger  than  the  pseudocubic  orthorhombic  unit  cell.® 
This  suggests  that  the  tetragonal  transition  may  be  preferred  in  films  under  greater  stress.  In  this 
case,  the  phase  transition  should  be  accompanied  by  a  large  dielectric  peak  since  in-plane 
tetragonal  transitions  display  such  peaks  in  bulk  crystals.9 

Yet,  this  transition  may  not  appear  in  thin  films  due  to  the  small  columnar  grain  size. 
The  number  of  90  domains  has  been  observed  to  diminish  significantly  in  bulk  ceramics  as  the 
grain  sjze  is  reduced  below  1  pm.10  In  the  case  of  columnar  grains,  it  is  the  column  diameter 
which  would  be  the  limiting  factor  for  the  formation  of  an  in-plane  domain  structure.  Thus  the 
proposed  m-plane,  90  twinned  tetragonal  phase  transition  may  only  appear  in  large-grained 
films  under  large  tensile  stress.  6  * 


In  the  materials  system  of  Bai.xSrxTi03  thin  films  deposited  on  SrTi03  (STO)  tensile 
thermal  mismatch  stresses  will  be  generated.  By  depositing  films  of  various  grain  sizes,  we  have 
attempted  to  create  a  film  with  a  large  grain  size  and  in-plane  tensile  stress.  In  this  way,  we 

oped  to  observe  the  in-plane  tetragonal  phase  transition  and  its  associated  increase  in 
bolometnc  sensitivity. 


EXPERIMENT 


Thin  Film  Growth 


Bao.2Sra8Ti03/Lao.5Sro.5Co03  (BST/LSCO)  thin  films  were  pulsed  laser  deposited  onto 
sing  e  crystal  (001)  exact-cut  STO  substrates  in  a  300  mTorr  oxygen  ambient.  Ablation  occurred 
via  a  248  nm  KrF  excnner  laser  with  an  energy  density  of  2.4  3/cm2.  The  substrate  temperature 
was  set  to  680  C  while  the  target  to  substrate  distance  was  approximately  5  cm  The  LSCO 
layers  were  deposited  at  a  laser  pulse  repetition  rate  of  5  Hz  while  the  BST  layers  were  grown  at 
1,  5,  and  20  Hz.  Total  pulse  count  was  varied  to  achieve  a  BST  thickness  of  4000  A. 

Characterization 


Film  stress  was  calculated  by  measuring  substrate  bending  both  pre-  and  post-deposition 
usmg  a  Tencor  Flexus  FLX2320  laser  interferometer  stress  gauge.  Surface  morphology  was 
examined  usmg  a  LEO  Gemini  1550  field-emission  scanning  electron  microscope  (SEM).  Film 
compositions  were  calculated  from  Rutherford  backscattering  spectroscopy  (RBS)  measurements 
utilizing  a  1.95  MeV  He  beam  with  a  silicon  detector  positioned  at  165°  with  respect  to  the 
beam.  X-ray  diffraction  (XRD)  0-20  scans  were  performed  on  a  Siemens  4000  high  resolution 
Cu  K„  x-ray  diffractometer,  equipped  with  a  4-circle  goniometer  and  a  4-crystal  Ge 
monochrometer.  Temperature-dependent  capacitance-voltage  measurements  were  performed 
usmg  an  evacuated  liquid  nitrogen-capable  dewar  and  a  HP  4277  LCZ  meter  with  a  60  mVp.  ,  10 
kHz  test  signal.  Top  contacts  were  200  pm  diameter  circles  of  Au/Ti  electron-beam  deposited 
through  a  shadow  mask.  The  LSCO  bottom  electrode  was  accessed  through  a  1500  urn  diameter 
contact  pad  connected  in  series  to  the  capacitor  of  interest. 
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RESULTS 


Grain  Size 


The  grain  size  of  the  film  grown  at  1  Hz  is  estimated  to  be  around  40  nm  based  upon  the 
scanning  electron  micrograph  shown  in  Figure  1.  The  films  grown  at  5  and  20  Hz  had  grain 
sizes  smaller  than  the  resolution  limit  of  the  SEM.  This  increase  in  grain  size  with  decreasing 
laser  pulse  rate  was  expected  since  the  increased  time  between  pulses  allows  for  more  Ostwald 
ripening  of  the  BST  islands  prior  to  coalescence. 


Figure  1.  Scanning  electron  micrograph  of  the  BST  film  grown  at  1Hz 


Film  Stress 


According  to  Hoffman,11  grain  coalescence  generates  tensile  stress  at  the  grain 
boundaries.  Nix  and  Clemens12  calculated  that  the  average  tensile  film  stress  depends  inversely 
on  the  square  root  of  the  grain  size.  That  is,  in  the  absence  of  relaxation,  as  grain  size  decreases, 
film  tensile  stress  increases.  The  dependence  of  film  stress  on  laser  pulse  repetition  rate  is 
plotted  in  Figure  2. 


Figure  2.  Film  stress  as  a  function  of  laser  pulse  repetition  rate 
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It  is  apparent  that  some  kind  of  relaxation  has  occurred  in  the  films  deposited  at  5  and  20  Hz, 
since  the  film  stress  is  shown  to  decrease  with  decreasing  grain  size.  One  possibility  is  the 
creation  of  misfit  dislocations.  The  film  grown  at  20  Hz  initially  should  have  generated  the 
largest  tensile  stress.  Since  all  films  are  approximately  the  same  thickness,  one  would  expect 
this  film  to  generate  the  largest  number  of  misfit  dislocations  and  experience  the  most  relaxation. 

Nix  and  Clemens  suggest  another  relaxation  mechanism.  Once  the  tensile  grain 
boundaries  have  formed,  atoms  arriving  at  the  growth  surface  will  be  attracted,  and  thus  adhere 
preferentially,  to  the  grain  boundaries.  As  atoms  fill  the  “gaps”,  the  film’s  tensile  stress  will 
decrease.  By  this  mechanism,  Nix  and  Clemens  suggest  that  a  higher  surface  diffusion  rate 
allows  a  greater  proportion  of  arriving  atoms  to  diffuse  to  the  grain  boundaries,  resulting  in 
greater  relaxation. 

One  should  also  be  able  to  apply  this  theory  to  films  with  equivalent  surface  diffusion 
rates  but  different  grain  sizes.  Among  the  films  grown  at  1,  5  and  20  Hz,  the  film  grown  at  20 
Hz  can  be  expected  to  have  the  smallest  grain  size  and  thus  should  have  the  highest  film  stress 
prior  to  relaxation.  However,  the  distance  between  grain  boundaries  is  smallest,  too.  Thus,  for 
equivalent  surface  diffusion  rates,  a  larger  portion  of  the  arriving  atoms  could  migrate  to  the 
grain  boundaries.  In  addition,  Chang  et  al. 13  observed  that  the  thickness  at  which  coalescence  of 
YB2C3O7-X  islands  occurred  varied  inversely  with  laser  pulse  rate.  It  is  expected,  therefore,  that 
the  BST  film  grown  at  20  Hz  would  coalesce  earliest,  leaving  more  deposition  time  for 
relaxation.  It  appears  in  the  cases  of  the  films  deposited  at  5  and  20  Hz  that  the  balance  in  grain 
size  between  grain  boundary  stress  and  relaxation  is  dominated  by  the  relaxation  mechanism. 

Film  Composition  and  Orientation 

RBS  results  show  no  significant  differences  in  film  composition.  XRD  scans  reveal  the 
films  to  be  both  epitaxial  and  oriented.  Unfortunately,  the  close  lattice  match  between  the  BST 
and  the  STO  substrate,  along  with  the  tensile  strain,  cause  the  BST  and  STO  peaks  to  overlap 
significantly,  making  a  determination  of  the  exact  BST  lattice  parameters  difficult. 

Bolometric  Sensitivity 


Comparisons  of  the  BST  bolometric  sensitivity  dependencies  on  temperature  and  laser 
pulse  rate  are  shown  in  Figure  3. 


Figure  3.  Sensitivity  (a)  vs  temperature  and  (b)  vs  laser  pulse  rate 
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While  the  films  deposited  at  5  and  20  Hz  display  similar  curves  with  no  prominent  peak,  the  film 
grown  at  1  Hz  displays  an  extremely  sharp  sensitivity  peak  at  125  K.  The  peak  sensitivity  of  the 
film  deposited  at  1  Hz  is  225%  larger  than  that  grown  at  5  Hz.  For  reference,  given  the  Ba/Sr 
ratio  of  2/8  in  these  films,  the  theoretical  Curie  temperature  is  predicted  to  be  120  K. 

The  films  grown  at  5  and  20  Hz  show  very  similar  sensitivities,  though  the  film  deposited 
at  5  Hz  displays  a  slightly  higher  sensitivity  at  all  temperatures.  Pertsev  et  aV s  theory  predicts 
such  an  increase  in  the  bolometric  sensitivity  with  increasing  stress.  The  prominent  sensitivity 
peak  occurring  at  125  K  in  the  film  grown  at  1  Hz,  however,  is  not  predicted  by  their  theory. 
The  theory  suggests  that  the  in-plane  two-dimensional  tensile  stress  distorts  the  unit  cell  into  an 
orthorhombic  shape,  leading  to  stress  relaxation  when,  at  the  transition  temperature,  such  a 
distortion  becomes  stable.  In  effect,  the  energetic  barrier  at  the  transition  is  reduced,  allowing 
the  transition  to  occur  more  easily.  With  increasing  stress,  the  stress  relaxation  increases, 
leading  to  an  increase  in  the  transition  temperature.  If  the  sensitivity  peak  observed  in  the  film 
grown  at  1  Hz,  which  has  the  largest  in-plane  tensile  stress,  were  associated  with  the 
paraelectric-orthorhombic  transition,  it  should  occur  above  the  sensitivity  peaks  in  the  films 
grown  at  5  and  20  Hz. 

A  more  detailed  look  at  the  theory  finds  a  prediction  of  a  transition  from  the  orthogonal 
phase  to  a  phase  with  an  out-of-plane  polarization  component  that  should  show  a  dielectric  peak. 
However,  this  transition’s  temperature  should  increase  with  decreasing  stress,  and  a  similarly 
shaped  peak  is  not  observed  in  the  films  grown  at  5  or  20  Hz.  Thus,  the  measured  sensitivity 
peak  observed  in  the  film  grown  at  1  Hz  does  not  correspond  to  any  predicted  transition, 
suggesting  that  an  alternate  transition  has  occurred.  A  paraelectric-tetragonal  transition  with  90° 
in-plane  twinned  domain  structure  is  a  likely  candidate  since  it  would  be  accompanied  by  a  sharp 
sensitivity  peak.  Still,  the  grain  diameters  in  this  film  are  only  40  nm,  and  it  is  unclear  whether  a 
ferroelectric  domain  structure  could  exist.  It  is  possible  that  the  grains  themselves  act  as 
domains,  with  the  domain  structure  created  by  the  twinning  of  neighboring  grains. 


CONCLUSIONS 

Thin  pyroelectric  films  deviate  from  the  Curie-Weiss  behavior  commonly  observed  in 
bulk  ferroelectric  crystals.  Theory  suggests  that  this  is  the  result  of  a  preferential  paraelectric  to 
in-plane  orthogonal  phase  transition  due  to  the  two-dimensional,  in-plane  tensile  stress  generated 
from  thermal  expansion  mismatch  between  the  film  and  substrate.  The  theory,  however,  does 
not  include  the  possibility  of  ferroelectric  domain  structure.  Thus,  a  second  transition  to  an  in¬ 
plane,  90°  twinned  tetragonal  transition  may  also  occur  under  the  same  stress  conditions, 
assuming  the  film’s  grain  size  is  large  enough  to  support  domain  boundaries.  Unlike  the 
transition  to  the  orthogonal  phase,  a  transition  to  this  tetragonal  phase  should  be  accompanied  by 
a  large  sensitivity  peak.  Due  to  the  larger  unit  cell  distortion,  this  alternative  transition  may  be 
preferred  in  films  with  large  tensile  stresses.  BST  thin  films  were  pulsed  laser  deposited  with 
identical  growth  parameters  except  the  laser  pulse  repetition  rate.  The  film  grown  at  1  Hz  has 
the  largest  grain  size,  measured  the  largest  stress,  and  displayed  a  sharp  permittivity  peak  as  a 
function  of  temperature.  This  peak  increased  the  BST  bolometric  sensitivity  more  than  225% 
over  the  other  films. 
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ABSTRACT 

We  have  investigated  the  dielectric,  insulating,  structural,  microstructural,  interfacial,  and 
surface  morphological  properties  of  Bao60Sr040Ti03  thin  films  Mg  doped  from  0  to  20  mol%.  A 
strong  correlation  was  observed  between  the  films  structural,  dielectric  and  insulating  properties 
as  a  function  of  Mg  doping.  Non  textured  polycrystalline  films  with  a  dense  microstructure  and 
abrupt  film-Pt  electrode  interface  were  obtained  after  annealing  at  750°C  for  30  min.  Single 
phase  solid  solution  films  were  achieved  at  Mg  doping  levels  up  to  5  mol%,  while  multiphased 
films  were  obtained  for  Mg  doping  levels  of  20  mol%.  Decreases  in  the  films  dielectric  constant, 
dielectric  loss,  tunability  and  leakage  current  characteristics  were  paralleled  by  a  reduction  in 
grain  size  as  a  function  of  increasing  Mg  dopant  concentration.  Our  results  suggest  that  Mg 
doping  serves  to  limit  grain  growth  and  is  thereby  responsible  for  lowering  the  dielectric  constant 
from  450  to  205.  It  is  suggested  that  Mg  behaves  as  an  acceptor-type  and  is  responsible  for  the 
doped  films  low  dielectric  loss  and  good  leakage  current  characteristics.  Performance-property 
trade-offs  advocates  the  5  mol%  Mg  doped  Ba060Sr040TiO3  film  to  be  an  excellent  choice  for 
tunable  microwave  device  applications. 

INTRODUCTION 

Ba,.xSrxTi03  (BST)  is  a  promising  material  for  tunable  microwave  device  applications  such 
as  electronically  tunable  mixers,  delay  lines,  filters,  capacitors,  oscillators,  resonators  and  phase 
shifters.  The  tunability  of  this  material  arises  because  it  is  possible  to  change  its  dielectric 
constant  with  application  of  an  electric  field  [1].  Bulk  ceramic  BST  phase  shifters,  in  a 
microstrip  geometry,  have  been  demonstrated  at  5-10  GHz  [2].  However,  the  relatively  high  loss 
tangent  of  these  materials,  especially  at  microwave  frequencies,  have  precluded  their  use  in 
phase  shifter  applications.  Recently,  the  dielectric  properties  of  theses  bulk  materials  have  been 
improved,  that  is,  the  loss  tangents  were  reduced  to  less  than  0.006  at  10  GHz  [3].  This  reduction 
in  loss  tangent  was  achieved  by  the  addition  of  MgO  to  form  BST/MgO  bulk  ceramic 
composites.  Utilization  of  these  BST/MgO  materials  as  phase  shifting  elements  in  this  bulk 
ceramic  form  is  still  quite  limited  due  to  the  large  voltages,  on  the  order  of  >1000  V,  needed  to 
bias  these  bulk  materials  in  a  microstrip  geometry  [4].  However,  fabrication  of  this  BST/MgO 
based  material  in  the  thin  film  form,  reduces  the  needed  bias  voltages  to  less  than  a  100  V,  which 
is  compatible  with  the  voltage  requirements  of  present  semiconductor  based  systems  [4,  5]. 
Additionally,  the  thin  film  material  regime  allows  high  frequency  device  operation  (>15  GHz) 
thereby  enhancing  the  S/N  ratio,  and  direct  integration  opportunities  with  other  semiconductor 
components  and  devices.  In  this  work  we  report  an  investigation  of  the  dielectric,  insulating, 
structural,  microstructural,  interfacial,  and  morphological  properties  of  Ba^S^TiC^  thin  films 
as  a  function  of  Mg  dopant  concentration  from  0  to  20  mol%.  The  properties  were  measured  and 
correlated  in  order  to  evaluate  the  long-term  reliability  and  to  define  the  trade-offs  between  film 
structure,  composition,  dielectric  loss,  tunability,  and  insulating  characteristics  for  tunable  device 
applications. 
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EXPERIMENTAL 


Undoped  and  Mg  doped  (5,  20  mol%)  Ba06Sr04TiO3  films  were  fabricated  via  the 
metalorganic  solution  decomposition  (MOSD)  technique.  Barium  acetate,  strontium  acetate,  and 
titanium  isopropoxide  were  used  as  precursors  to  form  BST.  Acetic  acid  and  2-methoxyethanol 
were  used  as  solvents  and  magnesium  methoxide  was  employed  as  the  dopant  precursor.  The 
precursor  films  were  spin  coated  onto  Pt-coated  silicon  substrates.  Crystallinity  was  achieved  via 
post-deposition  annealing  at  750°C  for  30  min.  in  an  oxygen  ambient.  The  films  were 
characterized  for  structural,  microstructural,  compositional,  dielectric  and  insulating  properties. 
X-ray  diffraction,  was  employed  to  assess  film  crystallinity  and  phase  formation.  Field  emission 
scanning  electron  microscopy  (FESEM)  and  atomic  force  microscopy  (AFM)  were  employed  to 
assess  film  microstructure  and  surface  morphology.  Cross-sectional  transmission  electron 
microscopy  (X-TEM),  combined  with  energy  dispersive  spectroscopy  (EDS)  analysis,  was  used 
to  detail  the  film  microstructure,  compositional  uniformity,  phase  formation,  and  the  nature  of 
the  film-substrate  interface.  Rutherford  backscattering  spectroscopy  (RBS)  was  employed  to 
determine  film  composition.  Elemental  distribution  within  the  film  and  across  the  film-Pt 
interface  was  determined  by  Auger  electron  spectroscopy  (AES).  The  dielectric  and  insulating 
measurements  were  conducted  on  the  films  in  the  metal-insulator-metal  (MIM)  capacitor 
configuration.  The  film  Capacitance  (Cp)  and  dissipation  factor  (tan  8)  were  measured  with  an 
HP  4 194 A  impedance/gain-phase  analyzer.  The  insulating  properties  of  the  films  were  evaluated 
via  I-V  measurements. 

RESULTS  AND  DISCUSSION 

Table  I  summarizes  the  dielectric  and  insulating  properties  of  the  0,  5,  and  20  mol%  Mg 
doped  BST  films  at  100  MHz.  Table  I  shows  that  the  amount  of  Mg  dopant  has  a  strong 
influence  on  the  dielectric  and  insulating  properties  of  BST  thin  films.  Specifically  the  dielectric 
and  insulating  properties  decrease  with  increasing  Mg  doping  concentration.  However,  in  order 
to  fully  assess  the  usefulness  and  reliability  of  these  films  for  device  applications  the  influence  of 
the  Mg  content  on  the  film  structure,  microstructure,  surface  morphology,  compositional 
uniformity,  and  nature  of  the  film-substrate  interface  must  be  determined.  X-ray  diffraction  was 
utilized  to  assess  film  structure  and  crystallinity.  Figure  1  displays  the  x-ray  diffraction  patterns 
of  the  Mg  doped  (0  -  20  mol%)  BST  thin  films  annealed  at  750°C  for  30  min.  The  x-ray  results 
demonstrated  that  all  films  possessed  a  non-textured  polycrystalline  structure.  There  was  no 
apparent  change  in  peak  intensity  resultant  of  the  Mg  doping  indicating  that  all  films  were  well 
developed  at  this  annealing  temperature  and  time.  The  full-width-at-half-maximum  (FWHM)  of 
the  most  intense  diffraction  peaks  increased  with  increasing  Mg  content.  This  peak  broadening  is 
indicative  of  a  decrease  in  grain  size  [6],  The  x-ray  results  showed  that  the  0  and  5  mol%  Mg 
doped  films  were  single  phase.  In  contrast,  the  x-ray  pattern  of  the  20  mol%  Mg  doped  film 
exhibited  an  extra  peak  at  20  =33.01°.  Additional  peaks  in  the  x-ray  data  are  indicative  of 
secondary  or  complex  phase  formation  [7],  and  in  this  instance  is  most  likely  related  to  excess 
Mg.  A  secondary  phase,  representative  of  MgO,  should  exhibit  an  intense  peak  at  20  =37° 
(2.4 13 A);  however,  the  presence  of  a  peak  in  this  region  would  not  be  evident  due  to  masking  by 
the  Pt  peak  from  the  bottom  electrode.  In  order  to  delineate  the  nature  of  this  complex  phase 
formation  noted  in  the  x-ray  results,  selected  area  electron  diffraction  (SAD)  experiments  were 
performed  on  all  films.  The  electron  diffraction  analyses  supported  the  x-ray  results  by 
demonstrating  that  all  films  were  polycrystalline  with  no  preferred  crystallographic  orientation. 
The  electron  diffraction  patterns  taken  from  the  0,  5,  and  20  mol%  Mg  doped  BST  films 
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consisted  of  reflections  corresponding  to  the  d-spacings  of  2.80A,  2.29 A,  1.98A,  1.77A,  1.40A, 
and  1.32A  which  matched  the  (100),  (111)  (200)  (210),  (220)  and  (221)  reflections  of 
Ba60Sr40TiO3.  However,  the  SAD  results  for  the  20  mol%  Mg  doped  film  differed  markedly 
from  the  0  and  5  mol%  Mg  doped  films,  in  that,  additional  diffraction  data  were  present  in  the 
SAD  pattern.  The  d-spacings  of  the  additional  rings,  1.2lA,  1.05A,  and  0.95A,  matched  the 
(222),  (400),  and  (331)  reflections  of  MgO.  Thus,  based  on  the  SAD  results,  the  20  mol%  Mg 
doped  film  was  not  a  single  phase  film  and  the  secondary  phase  was  determined  to  be  MgO. 
Therefore,  from  these  experimental  results  the  x-ray  peak  existing  at  20  =  33.01°  in  figure  1  is 
concluded  to  be  resultant  of  a  second  phase,  MgO,  within  the  film. 


Table  I.  Summary  of  the  effects  of  Mg  doping  on  the  dielectric  and  insulating  properties  of 
BanfinSr04nTiO3  thin  films.  Tunability  and  IL  were  measured  at  E  =  200  kV/cm. 

Mg  (mol%) 

£r 
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Tunability  (%) 
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450 

28.1 

1.0  xlO10 
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17.2 

6.5  x  10  n 

20 

205 

0.009 

7.9 

2.0  x  10" 

Angle  (20) 


Fig.  1.  X-ray  diffraction  patterns  of  the  Mg  doped  (0  -  20  mol%)  BST  annealed  films. 


Energy  dispersive  spectroscopy  (EDS)  nanoanalysis  via  X-TEM,  RBS  and  AES  elemental 
depth  profiles  were  employed  to  determine  the  films  compositional  uniformity,  interdiffusion 
and  quality  of  the  film-electrode  interface.  The  0  and  5  mol  %  Mg  doped  films  showed  no 
appreciable  compositional  variation,  as  a  function  of  vertical  and  horizontal  EDS  probe  position. 
The  EDS  analyses  detected  Ba,  Sr,  Ti,  and  O  peaks,  representative  of  the  BST  film  composition. 
In  contrast,  the  EDS  analysis  of  the  20  mol%  Mg  doped  film  demonstrated  significant 
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compositional  variations  with  respect  to  probe  position  within  the  film.  The  EDS  spectra  for 
various  probe  points  differed  primarily  in  the  presence  or  absence  of  the  Mg  signal.  This 
compositional  heterogeneity  is  supportive  of  a  multiphased  film.  The  RBS  results  for  the 
undoped  and  20  mol%  Mg  doped  BST  films  are  displayed  in  figure  2.  The  sharp  edges  of  the 
peaks,  indicate  that  the  interface  between  the  film  and  substrate  was  sharp  and  that,  within  the 
resolution  of  RBS,  no  diffusion  took  place  between  the  film  and  substrate.  A  small  peak  in  the 
RBS  spectrum  is  noted  between  channels  240  and  300  (figure  2b).  This  small  peak  is  due  to  Mg 
and  its  presence  in  the  RBS  spectrum  further  confirms  the  Mg  signal  noted  in  the  EDS  data. 

7x104 
6 

5 

<§3 
2 


0 

(a) 

Fig.  2.  The  RBS  spectra  for  the  undoped  BST  film  (solid  line)  and  the  20  moI%  Mg  doped  BST 
film  (dotted  line).  Fig.  2(b)  is  an  enlargement  spectrum  (2a)  of  between  channels  120  -  440. 
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Fig.  3.  The  AES  elemental  depth  profile  for  the 
5  mol%  Mg  BST  film. 


Fig.  4.  Plan-view  FESEM  image  of  the  20 
mol%  Mg  doped  BST  film 


The  AES  profile  (figure  3)  revealed  a  relatively  sharp  interface  with  little  interdiffusion  of 
constituent  elements  between  the  dielectric  film  and  Pt  electrode.  The  depth  profile  also  revealed 
that  each  element  component  of  the  film  possessed  a  uniform  distribution  from  the  film  surface 
to  the  interface  of  the  Pt  electrode  substrate.  This  data  substantiates  the  fact  that  the  film  and  the 
platinized-silicon  substrate  maintain  chemical  and  thermal  stability  at  processing  temperatures  up 
to  750°C  (the  annealing  temperature).  No  impurities  were  observed  in  the  AES  profile,  which 
without  doubt,  contributed  to  the  films  excellent  dielectric  properties  and  low  leakage  current 
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Contaminants  provide  a  negative  impact  on  the  films  dielectric  and  leakage  current  properties. 
This  impurity  free  film  composition  was  also  observed  in  the  EDS  analysis.  The  films  surface 
morphology  was  evaluated  via  plan-view  FESEM  and  AFM.  The  films  were  crack  free  and  the 
surface  roughness  was  smooth  to  within  20A.  Observation  of  the  films  surface  morphologies 
showed  a  dependence  of  grain  size  on  composition.  The  0  and  5  mol%  Mg  doped  films  displayed 
a  granular  uniform  structure,  however,  this  was  not  the  case  for  the  higher  doped  film.  A  non- 
uniform,  bimodal  grain  size  distribution  was  clearly  representative  of  the  20  mol%  Mg  doped 
film  (fig.  4).  A  bimodal  grain  size  distribution  is  common  for  multiphased  materials  [8]. 


Fig.  5.  Field  emission  SEM  (images  of  the  0,  5,  and  20  mol%  Mg  doped  Ba0  60Sr04OTiO3  films. 


Figure  5  displays  the  FESEM  cross-sectional  images  of  the  0,  5,  and  20  mol%  doped  BST 
films.  The  X-FESEM  micrographs  clearly  delineate  the  BST  film/Pt  electrode/Si02/Si  wafer 
structure.  No  amorphous  layer  or  voiding  was  observed  at  the  interface  between  the  BST  film 
and  the  bottom  Pt  electrode.  This  defect  free,  and  structurally  abrupt  interface  bodes  well  for  the 
excellent  mechanical  integrity  and  good  adhesion  characteristics  of  the  BST  film-Pt  coated  Si 
substrate  at  all  doping  levels.  The  microscopy  results  demonstrated  that  the  doped  and  undoped 
BST  films  possessed  a  well  crystallized,  and  dense,  void  free  microstructure.  This  microstructure 
is  most  likely  responsible  for  the  low  leakage  current  of  these  films  since  poor  electrical  behavior 
is  usually  attributed  to  existence  of  an  amorphous  phase  between  grain  boundaries,  high  defect 
densities,  voids,  and  poor  quality  of  the  film/electrode  interface  [9].  All  films  were 
polycrystalline  and  were  composed  of  granular  multi-grains  randomly  distributed  throughout  the 
film  thickness.  Dark  field  TEM  analyses  revealed  that  the  films  grain  size  decreased  from  36  nm 
to  25  nm  as  the  Mg  dopant  increased  from  0  to  5  mol%,  respectively.  A  decrease  in  z,  paralleled 
this  reduction  in  grain  size,  which  is  in  agreement  with  previous  findings  reported  in  the 
literature  [8,  10].  The  20  mol%  Mg  doped  film  possessed  a  bimodal  grain  size  distribution  with 
grain  sizes  averaging  21  nm  for  the  smaller  grains  and  60  nm  for  the  larger  grains.  This  bimodal 
grain  size  distribution,  in  combination  with  the  x-ray,  SAD  and  EDS  results  strongly  supports  a 
multiphased,  non  solid-solution  film  structure. 

CONCLUSIONS 

Our  results  have  shown  that  Mg  doping  dramatically  changed  the  film  microstructure, 
dielectric  and  insulating  properties.  Specifically,  the  Mg  doping  reduced  the  grain  size,  dielectric 
loss,  dielectric  constant,  and  leakage  current  but  at  the  same  time  reduced  the  dielectric  tuning. 
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At  Mg  doping  levels  from  0  to  5  mol%  the  films  were  single  phase  and  at  the  Mg  concentration 
of  20  mol%  the  film  was  multiphased.  The  compositional  and  microstructural  non-uniformity  of 
multiphased  films  is  detrimental  to  long  term  reliability  and  processing-property  reproducibility. 
Therefore,  the  trade-offs  between  film  structure,  composition,  dielectric  loss,  leakage  current, 
and  tunability  must  be  considered.  Our  results  suggest  the  5  mol%  Mg  doped  BST  film  to  be  the 
most  suitable  for  high  performance,  reproducible,  reliable,  and  tunable  device  applications.  The 
5  mol%  Mg  doped  BST  film  was  single  phase  with  low  dielectric  loss  (tan  §  =0.007),  low  IL 
(6.5xl0'M  at  applied  field  of  200  kV/cm)  and  possessed  the  necessary  er  of  386  for  impedance 
matching  purposes.  The  tunability,  17.2%  at  200  kV/cm,  was  much  lower  than  tunable  devices 
demand,  however  the  overall  applied  voltage  translates  to  only  ~5.2  V.  Thus,  the  film  tunability 
can  be  easily  elevated  toward  the  necessary  50  %  mark  as  desired  for  high  frequency  phase 
shifter  applications,  by  applying  higher  field  strength.  However,  the  IL  at  this  elevated  applied 
field  must  also  be  low  for  this  to  be  useful  in  device  applications. 
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ABSTRACT 

An  electrode  plays  an  important  role  in  realising  a  ferroelectric  thin  film  as  a  potential 
memory  device.  We  have  investigated  LaNi03  (LNO)  as  a  potential  electrode  material 
and  evaluated  the  ferroelectric  properties  of  oxide  materials  like  strontium  bismuth 
tantalate  (SBT)  and  barium  titanate(BT).  We  have  successfully  deposited  epitaxial  films 
of  LNO  on  Pt  coated  Si(100)  and  LaA103  (LAO)  substrates  using  the  pulsed  excimer 
laser  deposition  technique.  We  are  able  to  grow  high  quality  SBT  and  BT  films  on  top  of 
this  LNO  layer.  The  X-ray  diffraction  revealed  the  epitaxy  of  the  LNO,  SBT  and  BT 
films.  The  ferroelectric  properties  of  SBTand  BT  were  investigated  using  the  RT66A 
ferroelectric  tester. 


INTRODUCTION 

Recently  much  attention  has  been  attracted  in  the  fabrication  of  ferroelectric 
capacitors  for  high  speed  non-volatile  random  access  memories  (NVRAM)[1,2],  high 
storage  capacity  of  the  insulator  for  memory  cells  of  dynamic  random  access  memories 
(DRAM)[3,4]  and  for  integrated  micro-mechanical  devices.  In  the  random  access 
memory  applications  (DRAMs  and  NVRAMs)  both  the  conducting  and  insulating 
properties  of  the  oxides  are  utilized.  In  such  applications  a  ferroelectric  material  is 
sandwitched  between  two  conducting  electrodes.  The  reliability  of  a  ferroelectric 
capacitor  depends  on  the  bottom  and  top  electrodes  and  recent  research  has  attracted 
conducting  oxides  as  the  promising  electrodes[4-8].  The  oxide  electrodes  contribute  in 
controlling  the  long  term  properties  of  ferroelectric  capacitors.  The  top  and  bottom  metal 
electrodes  have  been  shown  to  detiorate  the  switched  polarization  fatigue  and  leakage 
currents,  a  reliability  problem  hindering  the  progress  of  integrated  ferroelectric  devices, 
which  are  related  to  the  quality  of  electrode/ferroelectric  interface.  The  successful 
utilization  of  oxide  electrodes  in  memory  devices  depend  on  factors  such  as  :  their 
chemical  inertness  with  the  substrates  and  ferroelectric  material  at  the  deposition 
temperature,  their  ability  to  maintain  the  post-deposition  desired  compositional  and 
electrical  properties  and  structural  compatibility  with  the  perovskite  phase  of  ferroelectric 
layer.  To  overcome  the  problems  of  degradation,  these  factors  have  prompted  the  use  of 
Ru02,  LaSrCo3,  SrRu03,  etc.  as  the  promising  electrodes  for  the  metal  /insulator/metal 
structure  since  they  act  as  a  sink  for  oxygen  vacancies  and  hence  improve  the  interface 
quality [4-8].  Among  the  various  oxide  electrodes,  perovskite  electrodes  are  more 
attractive  since  they  fall  in  the  similar  category  of  those  of  ferroelectric  insulating 
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materials  and  hence  no  lattice  mismatch  is  seen,  thus  facilitating  the  smooth  growth  of 
electrode/ferroelectric/electrode  structures.  In  quite  a  few  cases  it  is  shown  that  the 
perovskite  electrodes  enhance  the  phase  stability  of  the  ferroelectric  materials. 

In  this  paper  we  report  our  investigation  on  LaNi03  as  an  electrode  to  evaluate  the 
ferroelectric  properties  of  SBT  and  BaTi03.  We  have  fabricated 
LaNi03/ferroelectric/LaNi03  structures  on  substrates  like  Pt  coated  Si  (100)  and  LaA103 
(100)  by  the  pulsed  laser  ablation  technique.  The  ferroelectric  properties  have  been 
evaluated  by  utilizing  RT66A  ferroelectric  test  instrument. 


EXPERIMENTAL 

Thin  films  of  LaNi03  (LNO),  SrBi2Ta209  (SBT)  and  BaTi03  (BT)  were  fabricated 
utilizing  the  pulsed  excimer  laser  ablation  technique.  An  excimer  KrF  laser  with  a 
wavelength  of  248  nm  was  focussed  onto  the  respective  targets  to  produce  a  fluence  of  2 
J/cm2.  The  LaNi03  films  were  deposited  at  750°C  with  oxygen  ambient  pressure 
maintained  at  200  mTorr  during  deposition.  The  substrate  temperature  for  SBT  growth 
was  maintained  at  600°C  and  the  deposition  carried  out  in  250  mTorr  oxygen  ambient. 
The  BT  films  were  deposited  at  750C  in  an  oxygen  ambient  of  2X1 0‘3  Torr.  The  laser 
pulse  repetition  rate  was  maintained  at  5  Hz  for  all  the  deposition  cases.  LNO  and  SBT 
were  cooled  in  760  Torr  oxygen  ambient,  while  the  BT  films  were  cooled  in  the  oxygen 
ambient  at  which  they  were  deposited.  The  electrode/ferroelectric/electrode  structures 
were  fabricated  to  evaluate  the  ferroelectric  properties.  The  capacitor  structures  were 
grown  on  Pt  coated  Si(100)  and  LaA103  (100)  (LAO)  substrates.  The  bottom  electrodes 
were  approximately  1500  Athick  and  the  ferroelectric  layers  were  about  2500  A. 

The  phases  of  the  films  deposited  were  identified  by  X-ray  diffraction  technique 
with  CuKa  radiation.  The  hysterisis  loop  and  the  fatigue  of  the  ferroelectric  structures 
were  measured  using  the  RT66A  ferroelectric  tester. 

RESULTS  AND  DISCUSSION 

LaNi03  is  a  metallic  oxide  having  a  provskite  structure  as  that  of  most 
ferroelectric  materials[9,10].  LaNi03  has  an  excellent  crystallographic  compatibility 
with  several  perovskite  type  materials  (super-conducting  as  well  as  insulating).  It  is 
rhombohedral  metal  oxide  with  a  lattice  constant  of  0.383  nm,  and  a  surface  resistivity  of 
the  order  of  250  pO  cm  .  There  are  quite  a  few  reports  where  LaNi03  has  been  utilized 
as  an  electrode  to  evaluate  the  ferroelectric  properties  of  PZT  and  BST[3,5,1 1].  We  have 
utilized  LNO  as  an  electrode  to  evaluate  the  ferroelectric  properties  of  SBT  and  BT. 

As  described  in  the  previous  section  we  have  grown  LNO  on  Pt  coated  Si(100) 
and  LAO  substrates  and  used  as  bottom  and  top  electrodes  to  evaluate  the  ferroelectric 
properties  of  SBT  and  BT.  The  structural  perovskite  phase  in  the  deposited  films  were 
determined  by  the  X-ray  diffraction. 

Fig.  1  shows  the  X-ray  diffraction  spectra  of  LNO  films  grown  on  Pt  coated 
Si(100)  and  LAO  substrates  at  725°C.  The  films  are  epitaxial  and  highly  oriented.  Only 
LNO  (100)  and  LNO  (200)  peaks  at  20  =  23°  and  47°  are  seen  in  the  X-ray  spectrum. 
We  dia  not  see  formation  of  any  impurity  phase  of  the  LNO  films.  The  room  temperature 
surface  resistivity  of  these  LNO  films  were  of  the  order  of  100  pQ  cm.  Such  low  surface 
resistivity  of  LNO  electrodes  reduces  the  distortion  of  measured  ferroelectric  properties. 
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Since  the  lattice  constants  of  LAO  and  LNO  are  close  to  each  other,  the  (001)  peaks  of 
LAO  and  LNO  could  not  be  separated  in  the  X-ray  pattern.  Nevertheless  the  low  surface 
resistivity  of  the  LNO  films  confirms  the  formation  of  crystalline  LNO  phase  on  LAO 
substrates.  Thus  our  X-ray  patterns  for  LNO  are  consistent  with  those  reported  in 
literature. 
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Fig.l  X-ray  diffraction  spectra  for  LNO  on  (a)  Pt 

coated  Si(100)and  (b)  LaA103  (100)  substrates. 
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Fig.2  X-ray  diffraction  spectrum  for  LNO/SBT/LNO 
structure  on  (a)LaA103  and  (b)Pt  coated  Si(100) 


Fig.3  X-ray  diffraction  spectrum  for  LN0/BaTi03/LN0 
structure  on  LaAI03  (100)  substrates. 

Once  the  LNO  films  were  successfully  grown  on  LAO  and  Pt  coated  Si(100) 
substrate,  we  deposited  SBT  and  BT  films  on  the  LNO  layers  and  then  fabricated 
LNO/ferroelectric/LNO  structures.  Fig.  2  shows  the  X-ray  pattern  for  the  SBT  films 
grown  on  LNO  layers  on  Pt  coated  Si  (100)  and  LAO  substrates  at  a  substrate 
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Fig.4  Hysterisis  loop  of  LNO/SBT/LNO 
on  Pt  coated  Si. 
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Fig.5  Fatigue  curve  for  LNO/SBT/LNO 

capacitor  on  Pt  coated  Si. 
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Fig.6  Hysterisis  loop  of  a  LNO/SBT/LNO 
capacitor  on  LAO  substrate. 
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Fig.7  Fatigue  curve  for  LNO/SBT/LNO 
capacitor  on  LAO. 
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temperature  of  600°C.  The  SBT  films  were  highly  oriented  along  the  c-axis.  In  Fig.2  no 
phases  other  than  SBT  (006),  SBT  (008)  and  SBT  (0010)  are  seen,  thus  confirming  the 
high  quality  of  the  grown  SBT  films.  The  sharpness  of  the  peaks  in  the  spectra  suggests 
the  high  crystalline  nature  of  the  deposited  films.  The  SBT  films  were  highly  insulating 
with  the  room  temperature  resistance  of  more  than  20  MQ.  Thus  the  SBT  films  grown  are 
of  high  quality. 

Fig.  3  shows  the  X-ray  spectrum  for  BT  films  grown  on  LNO  layers  on  the  LAO 
substrates.  These  films  are  also  of  high  quality  in  nature  as  envisaged  from  Fig.  3.  The 
films  are  highly  oriented  with  sharp  crystalline  peaks  along  the  a-axis.  BT  (100)  and 
BT(200)  peaks  can  be  distinctively  seen  in  Fig.  3.  The  BT  films  too  were  highly 
insulating  at  room  temperature. 
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The  LNO/ferroelectric/LNO  structures  were  then  tested  for  their  ferroelectric 
behavior  by  the  RT66A  ferroelectric  tester.  Measurements  performed  include;  hysterisis 
loop  (polarization  versus  electric  field )  and  fatigue  characterization  (retained  polarization 
versus  switching  cycles).  Fig.  4  shows  the  hysterisis  loop  of  SBT  ferroelectric  capacitor 
fabricated  on  Pt  coated  Si  substrates  using  the  pulse  voltages  of  ±  10  V.  The  remnant 
polarization  (Pr)  is  about  13  pC/cm2  and  the  saturation  polarization  (Ps)  is  about 
20|nC/cm2.  From  the  fatigue  measurements,  it  could  be  seen  that  the  SBT  capacitors 
showed  no  polarization  degradation  upto  108  switching  cycles.  The  fatigue 
characteristics  were  performed  using  ±  5V,  100  kHz  square  pulses.  Fig.  6  and  Fig.  7 
show  the  hysterisis  loop  and  fatigue  characteristics  of  SBT  capacitors  fabricated  on  LAO 
substrates.  These  SBT  capacitors  showed  similar  behaviour  as  that  of  fabricated  on  Si 
substrates.  The  remnant  polarization  was  measured  to  be  11  pC/cm2  and  the  saturation 
polarization  was  32  pC/cm2.  The  fatigue  characteristics  showed  a  little  improvement  as 
can  be  seen  from  Fig.7.  The  polarization  is  retained  to  fairly  better  amount  upto  109 
switching  cycles. 

Our  SBT  films  are  highly  oriented  along  the  c-axis  and  it  is  reported  that  the 
remnant  polarization  values  are  low  for  c-axis  oriented  SBT  films.  Thus  our  results  are 
consistent  with  those  reported  in  literature!  12, 13]. 


Fig.8  Hysterisis  loop  for  LNO/BT/LNO  Switching  cycles 

on  LAO  substrate.  Fig.9  Fatigue  curve  for  LNO/BT/LNO  capacitor. 


Fig.  8  and  Fig.  9  show  the  hysterisis  and  fatigue  characteristics  for  a  BT  capacitor 
fabricated  on  LAO  substrates  with  the  LNO  electrodes,  measured  using  pulse  voltages  of 
±  8  V.  The  remnant  polarization  was  measured  to  be  around  20  pC/cm2  and  the  saturation 
polarization  was  about  90  pC/cm2.  These  values  are  well  within  the  requirements  of  a 
ferroelectric  memoryand  agree  with  the  available  literature!  14, 15].  From  Fig.  9  it  is 
evident  that  the  BT  capacitor  fairly  retains  its  polarization  upto  106  switching  cycles,  but 
beyond  106  cycles  the  capacitor  undergoes  fatigue  and  the  capacitor  deteriorates. 
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CONCLUSION 

Capacitor  structures  of  SBT  and  BT  are  successfully  fabricated  with  LNO  as  the 
top  and  bottom  electrodes  .  It  is  shown  that  the  films  deposited  by  the  pulsed  laser 
ablation  technique  are  of  high  quality  and  highly  oriented.  SBT  and  BT  capacitor 
structures  with  LNO  electrodes  showed  improved  ferroelectric  characteristics. 
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ABSTRACT 

High  quality  films  of  barium  hexaferrite  (BaFe12019)  were  deposited  by  pulsed  laser 
ablation  onto  MgO  (111)  substrates.  In  contrast  to  previous  films  deposited  onto  c-plane  sapphire 
(A1203),  these  films  were  expected  to  have  compressive  biaxial  stress,  and  indeed  showed  no 
indications  for  either  cracking  or  delamination  to  a  film  thickness  of  32  pm.  All  films  were  found 
to  be  highly  c-axis  textured  by  both  x-ray  diffraction  measurements  and  magnetization  results. 
The  saturation  magnetization  (4ttMs  =  4.2  kG)  and  uniaxial  anisotropy  field  (HA  =16  kOe)  values 
for  these  films  approach  bulk  values.  Ferrimagnetic  resonance  measurements  on  a  calcined  3  pm 
thick  film  show  a  narrow  linewidth  (AH  ~  100  Oe)  for  the  uniform  resonance  mode.  The 
properties  of  these  films  approach  those  required  for  self-biased  millimeter  wavelength  devices. 

INTRODUCTION 

Hexaferrite  materials  having  the  hexagonal  magnetoplumbite  structure  are  the  material  of 
choice  for  incorporation  into  planar  nonreciprocal  devices  that  can  be  integrated  with 
semiconductors  and  dielectrics  into  microwave  integrated  circuits  [1].  These  materials  have  good 
saturation  magnetization  values,  high  dielectric  constants  and  low  dielectric  loss  tangents,  and 
low  magnetic  losses  [2].  Most  importantly,  these  materials  show  a  very  large  uniaxial 
magnetocrystalline  anisotropy  with  the  magnetic  easy  axis  coincident  with  the  crystallographic  c- 
axis.  Thus,  when  samples  of  the  hexaferrites  are  well  aligned  they  can  be  used  as  permanent 
magnets,  which  is  a  property  that  can  be  used  to  good  advantage  in  microwave  devices  since  the 
presence  of  the  strong  uniaxial  anisotropy  field  along  the  c-axis  can  be  used  to  self-bias  the 
ferrimagnetic  resonance  field  at  which  moments  uniformly  precess  within  the  material  to 
frequencies  of  over  30  GHz  [3].  In  contrast,  the  spinel  ferrites  and  garnets  that  are  commonly 
used  in  nonreciprocal  devices  have  small  values  for  their  cubic  magnetocrystalline  anisotropy, 
and  thus  self-resonate  at  frequencies  of  1  GHz  or  less.  Therefore,  devices  made  from  the  latter 
materials  require  large  external  magnets  to  operate  at  higher  frequencies,  while  devices  made 
from  the  hexaferrites  can  operate  without  external  magnets. 

In  order  to  be  viable  for  planar  nonreciprocal  devices,  the  hexaferrite  materials  must  be 
obtained  as  films,  where  these  films  must  be  epitaxial  and  must  have  a  thickness  of  50-100 
microns,  depending  on  the  device  operating  frequency  and  design.  To  date,  researchers  have 
concentrated  on  depositing  films  of  the  prototypic  hexaferrite  material  barium  hexaferrite 
(BaFe|20,9)  onto  sapphire  (A1203)  substrates  by  pulsed  laser  deposition  techniques.  However,  it 
has  proven  impossible  to  obtain  thick  films  of  these  materials  in  usable  form  for  devices,  due  to 
the  substantial  thermally-induced  biaxial  tensile  stress  in  the  BaFe12019/Al203  system  that  causes 
films  having  thicknesses  above  ~15  microns  to  crack  and  delaminate  upon  cooling  from  the 
growth  temperature  [1]. 
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Another  promising  substrate  for  this  application  is  magnesium  oxide  (111),  which  has  a 
face  centered  cubic  (fee)  structure  such  that  the  continuity  of  close-packed  oxygen  planes  across 
the  interface  serves  as  a  template  for  an  (001)  BaFel2019  film.  Here  the  room  temperature  lattice 
parameter  of  MgO  is  slightly  larger  than  that  of  BaFe12019,  with  a  lattice  mismatch  of -1%  [4][5], 
and,  most  importantly,  the  BaFe12019  film  will  be  under  compression  since  the  thermal  expansion 
coefficient  of  MgO  is  greater  than  that  of  BaFe12019  [6][7].  Here  we  present  results  on  the  growth 
and  characterization  of  epitaxial  BaFe]20,9  (001)  films  on  MgO  (111)  substrates  for  application 
in  planar  microwave  devices. 

EXPERIMENT 

The  barium  hexaferrite  films  characterized  here  were  deposited  onto  optically  polished 
MgO  (111)  substrates  by  pulsed  laser  ablation  deposition  using  a  Compex  205  KrF  excimer  laser 
(X  =  248  nm)  at  an  energy  density  of  4  -5  J/cm2  and  a  repetition  rate  of  50  Hz.  For  the  thicker 
films  discussed  here,  three  2  in.  diameter  targets  of  pressed  and  sintered  BaFe12019  were  used  in  a 
rotating  target  carrousel,  such  that  they  could  be  rotated  and  rastered  to  maximize  target  surface 
usage.  The  ambient  oxygen  pressure  was  set  to  the  optimal  pressure  (20  mTorr)  found  for 
growing  thick  BaFe,2019  films  on  A1203  (001)  substrates.fi] [8]  The  substrate  temperature  was  set 
at  925°C,  where  both  an  in  situ  halogen  lamp  and  a  conductive  heater  were  used  to  maximize  the 
film  surface  temperature  throughout  the  deposition.  Films  were  deposited  having  thicknesses  of 
from  ~1  micrometer  to  over  30  micrometers,  with  selected  films  being  characterized  by  x-ray 
diffraction,  magnetometry,  and  ferrimagnetic  resonance  measurements. 

RESULTS 

Our  initial  depositions  have  demonstrated  that  barium  hexaferrite  films  can  be  deposited 
onto  MgO  substrates  to  a  thickness  of  almost  twice  that  attainable  on  sapphire  without  fracture  in 
either  film  or  substrate,  and  with  the  film  retaining  good  c-axis  texture  and  excellent  magnetic 
properties.  Figure  1  shows  an  electron  micrograph  cross-section  of  a  32  pm  BaFe12Ol9  film  on  a 
MgO  substrate,  where  the  sample  was  fractured  along  the  cleave  planes  of  the  substrate,  which 
are  not  perpendicular  to  the  surface.  Here,  the  tom  film  is  shown  to  be  very  dense,  with  surface 
outgrowths  of  order  a  few  microns  in  height  scattered  on  the  top  surface. 
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Figure  1  Cross-section  of  a  32pm  thick 
epitaxial  BaFe,2019  /  MgO  film. 
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The  film  texture  and  c-axis  lattice  parameters  were  found  from  x-ray  diffraction 
measurements,  with  the  results  for  two  films  of  thickness  14  pm  and  28  pm  being  shown  in 
Figure  2.  Both  films  display  excellent  c-axis  texture,  as  shown  by  the  presence  of  all  of  the 
dominant  (OOn)  diffraction  peaks  in  the  spectra,  with  only  a  few  peaks  corresponding  to  non-c- 
axis  oriented  crystal  planes  being  apparent  in  the  thicker  film  [4]  [5].  It  has  been  noted  that 
diffraction  patterns  taken  on  films  having  a  thickness  near  30  pm  show  a  considerable  reduction 
in  intensity  compared  to  that  of  the  15  pm  films,  especially  in  the  intensity  of  the  higher  order 
reflections. 
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Figure  2  Diffraction  patterns  are  shown  for  a  14  pm 
film  (solid  line)  and  a  28  pm  film  (x  5  -  dashed  line). 

Rocking  curves  were  taken  on  the  (008)  diffraction  peak  of  these  films  to  appraise  the 
lattice  dispersion  within  the  sample.  Figure  3  shows  the  result  for  the  same  14  pm  film  as  shown 
in  Figure  2,  where  20  was  fixed  at  30.663°,  and  reveals  an  asymmetric  peak  having  a  full-width- 
half-maximum  value  of  1 .24°.  Similar  measurements  on  the  thicker  films  show  very  broad  lines 
having  widths  up  to  4°.  All  of  these  results  may  arise  from  strain  effects.  However,  they  may  also 


Figure  3  Rocking  curve  results  for  a  14  pm  film. 
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arise  from  the  displacement  of  the  film  surface  away  from  the  diffractometer  focusing  circle 
either  due  to  the  surface  outgrowths  that  were  noted  in  Figure  1 ,  or  due  to  substrate  curvature. 

The  film  magnetic  properties  were  measured  by  magnetometer  measurements  where  the 
applied  magnetic  field  (H)  lay  either  in  the  film  plane  (parallel)  or  along  the  normal  to  the  surface 
(perpendicular).  Figure  4  shows  results  for  the  same  32  pm  film  as  shown  in  Figure  1 .  A  distinct 
difference  in  the  hysteresis  curves  is  noted  for  the  two  orientations,  as  expected  for  a  near- 
epitaxial  permanent  magnet  material.  In  particular,  the  hysteresis  along  the  film  normal  shows 
excellent  square  loop  behavior,  where  the  curve  has  been  skewed  from  the  vertical  because  of  the 
film  demagnetizing  field.  In  contrast,  the  data  taken  with  H  in  the  film  plane  has  a  linear 
approach  to  saturation  due  to  the  torque  required  to  overcome  the  strong  uniaxial  anisotropy  field 
(Ha)  and 


Figure  4  Hysteresis  curves  are  shown  for  a  32  pm  film 
with  H  in  the  film  plane  (||)  and  normal  to  the  plane  (j_). 

rotate  the  magnetization  into  the  film  plane.  Here,  the  available  13  kOe  field  is  not  strong  enough 
to  fully  rotate  the  magnetization  into  the  film  plane.  A  mean  value  for  the  saturation 
magnetization  of  4jiMs  =  4.2  kG  was  found  from  the  saturation  moments  and  volumes  of  six 
BaFe12019  films  having  thicknesses  above  20  pm,  in  good  agreement  with  bulk  values  [2],  The 
coercive  field  (Hc)  values  of  these  films  are  quite  low,  typically  between  600  Oe  to  900  Oe,  and 
indicate  that  the  film  microstructure  is  relatively  homogeneous  with  few  domain  pinning  centers. 
However,  this  low  coercive  field  value  is  not  in  accords  with  that  desired  for  devices,  because 
these  films  demagnetize  too  readily  and  are  not  good  permanent  magnets  in  their  present 
condition.  Thus,  to  ensure  good  device  performance  either  the  film  microstructure  must  be 
modified  after  deposition  to  increase  Hc,  or  an  applied  magnetic  field  of  order  4.5  kOe  must  be 
applied  to  saturate  the  film,  as  shown  by  the  normal  oriented  hysteresis  curve  of  Figure  4. 

The  microwave  magnetic  characteristics  were  determined  from  ferrimagnetic  resonance 
(FMR)  measurements  using  a  shorted  waveguide  technique  at  frequencies  of  from  40  GHz  to  60 
GHz,  where  H  was  oriented  along  the  film  normal.  In  general,  the  FMR  linewidths  of  thicker 
films  had  values  of  AH  ~  0.6  -  0.7  kOe,  while  those  of  thinner  films  (~  3  pm)  were  of  order  0.2 
kOe.  Since  earlier  results  on  BaFe,2Ol9  films  on  c-plane  sapphire  (A1203)  have  shown  distinct 
differences  in  the  attainable  FMR  linewidth  value  for  films  deposited  at  high  (300  mTorr)  and 
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low  (20  mTorr)  oxygen  pressures,  pieces  of  the  3  pm  film  were  calcined  for  various  lengths  of 
time  and  temperatures  of  from  900°C  to  1000°C  to  examine  changes  in  the  FMR  linewidth. 
Figure  5  shows  an  FMR  spectrum  for  a  3  pm  film  annealed  for  two  hours  at  1000°C.  Here  a 
single  sharp  resonance  corresponding  to  the  uniform  mode  is  seen  at  an  applied  field  of  ~  9  kOe. 
The  FMR  linewidth  of  this  mode  is  -100  Oe,  which  is  approximately  three  times  larger  than  the 
FMR  linewidth  value  found  for  a  thin  (<0.5  pm)  BaFe12019  film  deposited  onto  Al203at  300 
mTorr  [9].  An  extrapolation  of  the  resonance  field  position  of  this  mode  to  zero  frequency 
indicated  that  this  film  has  a  self-resonant  frequency  of  32.7  GHz,  which  yields  a  uniaxial 
anisotropy  field  value  of  HA  =  16  kOe.  This  value  is  less  than  those  found  for  bulk  materials  [2], 
but  is  in  good  agreement  with  values  found  for  films  deposited  onto  sapphire  [1][8]. 
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Figure  5  A  57  GHz  FMR  spectra  is  shown  for  a  3  pm 
film  after  calcining  at  1000°C  for  two  hours. 


CONCLUSIONS 

It  has  been  shown  that  BaFe,20I9  films  deposited  onto  MgO  (111)  substrates  can  be 
grown  to  a  much  greater  thickness  than  films  deposited  onto  A1203  substrates,  without  sacrificing 
the  excellent  film  magnetic  and  microwave  magnetic  properties.  Such  films  show  excellent  c- 
axis  texture,  and  may  be  epitaxial.  The  effects  of  strain  may  be  apparent  in  the  broadening  of  the 
rocking  curve  and  also  in  ferrimagnetic  resonance  spectra.  Altogether,  the  characteristics  of  these 
films  match  most  of  the  requirements  needed  to  make  hexaferrite  films  viable  for  usage  in 
nonreciprocal  microwave  integrated  circuits. 
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ABSTRACT 

Epitaxial  thin  films  of  PbZro.52Tio.4sO3  (PZT)  have  been  synthesized  successfully  on 
SrRu03/SrTi03/Mg0/TiN/Si  heterostructures  by  pulsed  laser  deposition.  The  films  were  single 
phase  and  had  (001)  orientation.  The  deposition  parameters  were  varied  to  obtain  the  best 
epitaxial  layer  for  each  of  the  compounds.  Transmission  electron  microscopy  indicated  good 
epitaxy  for  the  entire  heterostructure  and  sharp  interfaces  between  the  epilayers.  Dielectric  and 
P-E  hysteresis  loop  measurements  were  carried  out  with  evaporated  Ag  electrodes.  The  dielectric 
constant  for  the  films  was  found  to  be  between  400-450.  The  value  of  saturation  polarization  Ps 
was  between  55-60  pC/cm2  and  the  coercive  field  Ec  varied  from  60-70  kV/cm.  Integration  of 
PZT  films  with  silicon  will  be  useful  for  future  memory  and  micromechanical  devices. 

INTRODUCTION 

Recently,  there  has  been  an  extensive  research  on  oxide  based  ferroelectric  materials 
since  their  ferroelectric  and  dielectric  properties  have  potential  applications  in  microelectronic 
circuitry,  which  includes  nonvolatile  memory  elements,  microsensors,  capacitors  for  dynamic 
random  access  memories,  surface  acoustic  wave  (SAW)  devices  and  optical  waveguides.  PZT  is 
a  perovskite-type  ferroelectric  material  with  excellent  piezoelectric,  dielectric  and  ferroelectric 
properties.  The  synthesis,  processing  and  electrical  properties  of  PZT  thin  films  have  been 
studied  intensively  since  it  can  be  used  for  SAW  delay  lines,  ferroelectric  field  effect 
transducers,  pyroelectric  sensors,  radiation-hard  nonvolatile  random  access  memories  and 
dynamic  random  access  memories  [1,2].  Potential  applications  of  nonvolatile  ferroelectric 
random  access  memories  include  smart  cards,  high-speed  telecommunications,  RF  tags,  etc.  [3] 

There  have  been  ongoing  efforts  to  integrate  ferroelectric  thin  films  with  existing  silicon 
technology  to  fabricate  reliable  nonvolatile  memories.  Conventionally,  polycrystalline 
ferroelectric  thin  films  such  as  PZT  are  grown  on  silicon  substrates  with  Pt  as  the  bottom 
electrode:  Pt/Ti/SiCVSi  has  been  used  very  commonly  [4,5].  Pt  has  been  used  because  of  its 
good  metallic  properties  and  its  high  oxidation  resistance.  However,  PZT  capacitors  with  Pt  top 
and  bottom  electrodes  tend  to  show  a  strong  loss  of  switchable  polarization.  Conducting  oxide 
electrodes  have  been  used  to  overcome  the  problem  of  fatigue  in  nonvolatile  memory  capacitors 
using  PZT  [6].  PZT  films  with  superior  properties  have  been  synthesized  successfully  with 
SrRu03  and  (La,Sr)Co03  as  bottom  electrodes  [7,8].  Earlier,  we  have  reported  the  successful 
growth  of  epitaxial  thin  films  of  PZT  on  YBa2Cu303-s/SrTi03/Mg0/TiN/Si  heterostructure  [9]  as 
epitaxial  films  have  a  low  density  of  scattering  centers  such  as  dislocations  and  low  high  angle 
grain  boundaries  and  hence,  possess  better  properties  than  the  polycrystalline  films  [10]. 

In  this  communication,  we  report  the  growth  of  epitaxial  PZT  thin  films  on  silicon 
substrates  by  pulsed  laser  deposition  (PLD)  with  TiN,  MgO,  SrTi03  (STO)  and  SrRu03  (SRO) 
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as  the  intermediate  layers.  The  growth  conditions  have  been  optimized  so  as  to  obtain  perfect 
epilayers  for  each  of  the  compounds.  The  films  have  been  characterized  by  X-ray  diffraction 
(XRD)  and  transmission  electron  microscopy  (TEM)  and  were  found  to  possess  good  electrical 
properties. 

EXPERIMENTAL 

The  composition  of  PZT  that  has  been  used  is  Pb(Zr0.52Tio,48)03  since  the  composition 
near  the  morphotropic  phase  boundary  has  been  known  to  exhibit  good  ferroelectric  properties 
[11].  The  films  were  grown  by  PLD.  A  KrF  excimer  laser  (Lambda  Physik)  was  operated  at  248 
nm  for  the  purpose  of  ablation.  During  all  ablation  experiments,  the  laser  pulse  width  was  25  ns 
and  the  pulse  repetition  rate  was  10  Hz  for  all  the  compounds.  The  Si  substrates  were  cleaned 
with  acetone  and  methanol  for  15  min  each,  by  ultrasonication  and  were  then  dipped  in  10%  HF 
for  a  minute.  They  were  mounted  on  a  heater  block  parallel  to  the  target  at  a  distance  of  5.0  cm. 
The  targets  of  TiN,  MgO,  STO,  SRO  and  PZT  were  99.9%  pure  and  stoichiometric.  The 
substrate  temperature  was  controlled  to  within  ±5°C  with  a  Eurotherm  temperature  controller. 
The  laser  beam  was  scanned  over  the  target  by  mounting  it  on  a  stepper  motor  controlled  scanner 
to  prevent  local  heating.  Ablation  was  carried  out  in  vacuum  for  TiN  and  in  oxygen  partial 
pressures  for  the  other  oxides.  An  oxygen  rich  atmosphere  was  maintained  in  the  chamber  (240 
mTorr)  to  obtain  proper  stoichiometry  for  the  SRO  and  PZT  films  and  at  the  end  of  each  run  the 
chamber  was  flooded  with  oxygen  and  then  the  films  were  cooled  slowly.  After  the  deposition  of 
SRO,  the  films  were  covered  at  the  comer  with  a  piece  of  silicon  to  expose  the  bottom  electrode. 
The  growth  conditions  for  each  of  the  films  were  optimized  with  respect  to:  (a)  substrate 

temperature,  (b)  substrate-  target  distance,  (c)  oxygen  pressure  inside  the  chamber,  (d)  pulse 

repetition  rate  and  (e)  the  laser  pulse  energy. 

The  crystallinity  and  the  phase  purity  of  the  films  were  checked  by  a  Rigaku  X-ray 
diffractometer.  Rocking  curves  of  the  (001)  reflection  of  PZT  were  carried  out  to  estimate  the 
quality  of  the  film.  The  microstructure  of  the  different  epilayers  in  the  film  was  studied  by  TEM. 
Silver  electrodes  of  200  jam  diameter  were  deposited  on  top  of  PZT  by  electron  beam 
evaporation  to  serve  as  the  top  electrode  and  SRO  was  used  as  the  bottom  electrode.  The 

thickness  of  the  silver  dots  was  150  nm.  Dielectric  hysteresis  behavior  was  studied  using  a 

Radiant  Technology  RT66A  loop  tracer.  The  capacitance  and  the  loss  tangent  of  the  films  were 
measured  at  100  kHz  and  at  a  oscillation  voltage  of  1  volt  using  a  HP  4192A  LCZ  meter  in  a 
standard  parallel  plate  geometry. 

RESULTS  AND  DISCUSSIONS 

Growth  and  Microstructure 


Figure  1  shows  the  XRD  pattern  of  the  five  layered  film  deposited  on  silicon.  The  film  is 
free  from  impurity  phases  that  occur  due  to  reactions  at  the  interfaces  and  shows  perfect  (001) 
orientation.  XRD  pattern  was  noted  for  each  of  the  films  after  the  deposition.  The  optimized 
growth  parameters  for  each  of  the  epilayers  have  been  listed  in  Table  1.  The  full  width  at  half 
maximum  (FWHM)  of  the  rocking  curve  for  these  samples  is  between  0.6°-0.7°  indicating  the 
high  quality  of  the  single  crystal  films.  The  growth  of  TiN  on  Si  occurs  through  domain 
matching  epitaxy  where  four  lattice  constants  of  TiN  match  with  three  of  Si.  This  happens  since 
the  lattice  mismatch  between  TiN  (a=0.424  nm)  and  Si  (0.54301)  is  24.6%  whereas  the  domain 
mismatch  is  only  4.03%.  The  lattice  mismatch  between  TiN  and  MgO  (0.4216  nm)  is  0.56%  and 
that  between  MgO  and  STO  (a=0.3905)  is  7.7%.  The  lattice  mismatch  between  STO  and  SRO 
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(a=0.391  nm)  is  0.0023%  and  that  between  SRO  and  PZT  (a=0.404  nm)  is  3.1%.  Hence,  all  the 
other  layers  grow  by  lattice  matching  epitaxy. 

Table  1.  The  optimized  growth  conditions  for  the  different  epilayers  grown  on  silicon: 


Compound 

Growth 

Temperature 

(°C) 

Laser  Energy 
(mJ) 

Chamber 

Pressure 

(Torr) 

Substrate- 

Target 

distance  (cm) 

Pulse 

Repetation 
Rate  (Hz) 

TiN 

540 

240 

7x  10*7 

5 

10 

MgO 

600 

240 

wrlSESB 

5 

10 

SrTi03 

750 

200 

1.5x1 0'3 

5 

10 

SRO 

700 

240 

2.6xl0"1 

5 

10 

PZT 

650 

220 

2.4x1 0’1 

5 

10 
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Figure  1.  X-ray  diffraction  pattern  of  the  PZT  film  grown  on  the  silicon  substrate  with  TiN, 
MgO,  STO  and  SRO  as  the  epilayers  between  the  substrate  and  PZT. 
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Figure  2  shows  the  cross-sectional  TEM  image  of  a  five  layer  thin  film  heterostructure 
comprising  PZT/SRO/STO/MgO/TiN  on  silicon  substrate.  The  interfaces  are  very  sharp.  The 
thickness  of  the  mutilayer  was  about  1.3  \i  and  the  typical  thickness  of  a  PZT  film  was  0.45  p  for 
30  mins  deposition.  Figure  3(a)  shows  the  selective  aperture  diffraction  pattern  (SADP)  of  the 
superimposed  Si  substrate  ([Oil]  zone  axis)  and  all  the  films.  Although  SAD  pattern  is 
complicated,  a  good  epitaxial  relationship  for  the  whole  structure  is  evident.  Fig.  3(b)  shows  the 
SAD  pattern  of  the  superimposed  PZT,  SRO  and  STO  layers.  In  few  places,  the  lattice  was 
observed  to  be  rotated  by  ~  70°  and  such  weak  spots  have  been  marked  by  squares  in  the  figure. 
The  SADP  for  the  Si/TiN/MgO/STO  layers  have  been  found  to  be  epitaxial  and  have  been 
reported  earlier  [9].  The  (111)  planes  of  Si  are  parallel  to  the  (111)  planes  of  TiN  and  MgO 
which  in  turn  are  aligned  with  the  (111)  planes  of  the  perovskite  oxides  deposited  on  top  of 
MgO. 


0.6  jam 


Si 


Figure  2.  Cross-sectional  bright  field  image  of  the  PZT  film  whose  X-ray  diffraction  has  been 
shown  in  figure  1. 

Electrical  Properties 

The  capacitance  and  the  loss  tangent  was  measured  for  each  of  the  silver  electrodes  on 
the  top  of  the  film  with  respect  to  the  SRO  bottom  electrode.  The  capacitance  of  the  sample 
holder  was  subtracted  in  each  measurement  to  obtain  the  corrected  value  of  the  capacitance  of 
the  films.  The  dielectric  constant  for  the  PZT  films  varied  between  400  and  450  for  the  films 
deposited  at  650°C  and  the  loss  tangent  for  the  PZT  films  varied  between  0.06  and  0.08. 
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Figure  3.  (a)  SAD  pattern  of  superimposed  Si  substrate  ([Oil]  zone  axis)  and  all  the  films.  The 
areas  of  superimposed  diffraction  spots  are  marked.  A  good  epitaxial  relationship  for  the  whole 
structure  is  evident  from  this  image,  (b)  SAD  pattern  of  superimposed  PZT,  SRO  and  STO 
layers.  Circles  mark  areas  where  epitaxial  relationship  is  good.  Weak  spots  are  marked  by 
squares  corresponding  to  few  features  on  TEM  images  where  rotation  of  the  lattice  by  and  angle 
-70°  are  observed. 


Figure  4  shows  the  hysteresis  loop  for  the  best  PZT  film.  The  value  of  the  spontaneous 
polarization  (Ps)  for  this  film  is  58.3  pC/cm2  and  the  value  of  the  remnant  polarization  (Pr)  is 
30.2  pC/cm2.  These  values  are  comparable  to  those  obtained  previously  by  others  [12,13].  The 
high  values  obtained  by  us  are  possibly  due  to  the  excellent  epitaxial  quality  of  the  PZT  films. 
The  coercive  field  (Ec)  for  this  film  is  70  kV/cm.  The  electrical  properties  have  been  found  to  be 
the  best  for  the  films  deposited  at  650°C.  Films  deposited  at  700°C  and  higher  temperatures  have 
shown  low  values  for  the  electrical  parameters  and  are  not  very  epitaxial  in  nature  possibly  due 
to  lead  loss  taking  place  in  them.  Films  deposited  at  temperatures  lower  than  650°C  also  showed 
low  values  for  the  spontaneous  and  remnant  polarization.  It  would  be  interesting  to  use  SRO  as 
the  top  electrode  for  better  dielectric  and  hysteresis  properties  and  to  study  fatigue  effects  in 
these  films. 

CONCLUSION 

In  conclusion,  we  have  been  successful  in  growing  the  five  layer  epitaxial  heterostructure 
PZT/SRO/STO/MgO/TiN  on  silicon.  The  films  are  (001)  oriented,  free  from  impurities  and  are 
epitaxial  in  nature.  HRTEM  studies  on  these  films  have  shown  sharp  interfaces  between  each  of 
the  bilayers.  The  films  have  also  exhibited  very  good  electrical  properties. 
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ABSTRACT 

Sol  gel  solutions  have  been  modified  with  hydrogen  peroxide  to  improve  the  durability  of 
photo-irradiated  films  to  water  and  acidic  solvents  for  photo-patterning.  The  solutions  used  for 
film  fabrication  are  aqueous  based  and  contain  acetylacetonate  (acac).  UV-Vis  absorption 
studies  indicate  that  peroxide  modifies  the  acetylacetonate  ligand  (in  this  case  the  zirconium 
precursor)  creating  a  new  absorbing  species  at  longer  wavelength  which  also  affects  the  response 
of  the  acac  ligand  to  UV  radiation.  Precursor  modification  and  UV  treatments  have  also  been 
shown  to  impact  the  texture  and  improve  the  microstructure  of  resulting  films.  Depth  profiling 
by  radio-frequency  glow  discharge  atomic  emission  spectroscopy  indicates  reduction  in  the 
carbon  to  hydrogen  ratios  of  films  crystallized  after  exposure  to  UV  radiation. 

INTRODUCTION 

Thin  films  of  ferroelectric  materials  such  as  lead  zirconate  titanate  (PZT),  which  are 
based  on  the  AB03  perovskite  structure,  are  being  investigated  for  a  number  of  applications  such 
as  capacitors,  ferroelectric  random  acces  memory  devices  (FERAM)  [1],  infrared  detectors,  and 
microelectromechanical  systems  (MEMS)  [2].  As  for  synthesis,  aqueous  based  “chelate”  routes 
for  the  preparation  of  these  films  have  been  under  investigation  because  of  their  ease  of  solution 
preparation  (avoid  the  use  of  “Schlenk”  line  techniques),  use  of  less  toxic  solvents,  and  lower 
crystallization  temperatures  [3,4].  However,  aging  of  the  solutions  also  has  been  reported  and 
such  effects  impact  the  final  properties  of  films  prepared  by  these  processes.  To  date  the 
mechanistic  pathways  of  such  effects  undetermined  [5].  Hydrogen  peroxide  initially  was  used  in 
these  systems  as  a  surface  wetting  agent  to  improve  film  quality,  and  subsequently  was  shown  to 
have  an  impact  on  the  aging,  microstructure,  and  electrical  properties  as  well  [3,5].  The  use  of 
these  modifying  ligands  to  tailor  processing  behavior  of  ferroelectric  thin  films  is  currently  under 
investigation. 

In  addition  to  low  temperature  processing,  the  fine  patterning  of  ferroelectric  films  is 
essential  for  device  application  [6].  The  use  of  “chelate”  solution  modifiers  such  as  (3- 
diketonates  (such  as  acetylacetonate,  acac)  in  sol-gel  processes,  which  lead  to  photosensitive 
solutions  has  been  reported  for  single  component  (Zr  and  Ti)  as  well  as  multicomponent  systems 
(PZT,  BST)  [6,7,8].  This  paper  reports  on  the  investigation  of  [3-diketone  (acac)  use  in  aqueous 
based  PZT  solutions  modified  with  hydrogen  peroxide,  as  well  as  its  application  to  fine 
patterning  and  its  impact  on  the  structural  evolution  and  properties  of  resulting  films. 

EXPERIMENTAL 

The  PZT(53/47)  films  with  the  chemical  formula  Pbu(Zr  53Ti.47)03  were  fabricated  by  a 
chemical  solution  deposition  process  (CSD).  The  chemistry  of  the  multicomponent  solution  was 
based  on  an  aqueous  acetate  PZT  system  used  by  Webb  [4]  and  Francis  [5].  A  0.8M  PZT 
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solution  was  prepared  by  combining  titanium  isopropoxide  (TIP)  with  glacial  acetic  acid  (HO Ac) 
(15:1  molar  ratio  HOAc:TIP)  in  a  dry  nitrogen  glove  box.  After  10  minutes  stirring,  the 
TIP/HOAc  solution  was  then  combined  with  distilled  water  (32:1  H2O:  TIP).  The  hydrolyzed 
precursor  formed  a  white  precipitate,  which  was  dissolved  under  ultrasonic  agitation  for  45 
minutes.  Zirconium  acetylacetonate,  Zr(OC(CH3)CHCOCH3)4,  and  lead  acetate  trihydrate, 
Pb(OCOCH3)2  3H20,  powders  were  then  added  to  the  TIP/HOAc/water  solution  and  refluxed 
under  constant  stirring  for  approximately  1  hour.  The  PZT  solution  then  was  split  in  two 
portions  with  one  being  modified  with  hydrogen  peroxide,  H202  (addition  of  peroxide 
corresponds  to  10%  of  the  PZT  solution  volume). 

Single  component  mixtures  were  synthesized  similarly  to  the  multicomponent  solutions. 
The  single  component  Ti  solution  was  prepared  by  the  same  procedure  as  performed  in  the  PZT 
synthesis.  Pb  solutions  were  prepared  by  dissolving  precursor  powders  in  acetic  acid/water 
(same  ratio  as  in  the  PZT  solution)  and  heating  to  100°C  while  stirring.  Zr  solutions  were 
prepared  from  the  starting  alkoxides  and  modified  with  acac  (1:1  Zr  to  acac)  according  to  Tohge 
[6].  Solutions  were  modified  by  additions  (in  volume  %)  of  peroxide  where  indicated. 

Films  for  microstructure  and  crystal  structure  determination  were  prepared  on  Pt  coated 
silicon  substrates  (Pt/Ti/Si02/Si)  by  spin  coating  at  3000  rpm  for  30  seconds.  Following 
deposition,  solvent  removal  and  organic  pyrolysis  was  achieved  by  heat  treatment  to  ~300°C  or 
100°C  for  5  and  10  minutes  respectively  on  a  hot  plate.  Multiple  layers  (where  indicated)  were 
deposited  and  pyrolyzed  followed  by  firing  at  higher  temperatures.  The  films  of  PZT  and  PZTH 
(peroxide  modified)  specimens  were  then  fired  at  700°C  for  30  minutes  at  a  ramp  rate  of 
50°C/min.  Films  for  UV-Vis  studies  were  spin  coated  at  2000  rpm  for  30  seconds  on  a  quartz 
substrate  and  dried  at  50°C  for  1  hour  (for  single  component)  and  100°C  for  10  minutes  (for  PZT 
to  mimic  patterning  process  of  films;  conditions  were  experimentally  determined  by  the 
solubility  of  the  dried  film  in  solvent  before  irradiation).  Film  thickness  was  obtained  using  a 
stylus  profilometer.  UV  treatments  were  performed  using  an  Oriel  high  pressure  Hg  lamp  at  an 
intensity  of  180mJ/cm2.  Patterning  of  zirconia  (with  and  without  peroxide  modification)  films 
was  performed  according  to  Tohge  by  drying  the  film  at  50°C  for  1  hour  before  UV  treatment 
and  subsequent  leaching  in  acidic  solvents.  Investigation  of  PZT  patterning  was  accomplished 
by  drying  the  film  at  100°C  for  lOminutes  (experimentally  determined)  followed  by  subsequent 
UV  treatments  and  leaching. 

The  elemental  depth  profiles  of  the  sol-gel  prepared  PZT  and  PZTH  modified  layered 
systems  were  performed  on  a  Jobin-Yvon  (Division  of  Instruments,  SA,  Edison,  NJ)  5000  RF  rf- 
GD-AES  spectrometer  system,  which  has  been  described  in  detail  previously  [9,10].  X-ray 
diffraction  was  performed  on  Scintag  XDS2000.  FESEM  was  performed  on  a  Hitachi  S4700. 
UV-Vis  spectra  were  obtained  on  a  Perkin  Elmer  Lamda  900  spectrometer. 

RESULTS  AND  DISCUSSION 

Preliminary  experiments  indicate  that  peroxide  additions  to  this  system  (10%  by  volume) 
improve  the  durability  of  photo-irradiated  regions  to  acidic  solvents.  The  UV-Vis  spectra  of  the 
aqueous  PZT  solution  spun  onto  quartz  is  shown  in  Figure  1.  The  spectrum  shows  a  shoulder 
around  300nm.  This  absorption  peak  has  been  observed  to  decrease  with  UV  radiation  exposure. 
Differences  in  the  absorption  response  (area  between  the  absorption  peak  before  and  after  UV 
treatment)  of  the  films  treated  with  UV  were  observed  in  specimens  prepared  with  and  without 
addition  of  hydrogen  peroxide.  These  differences  are  hard  to  resolve  in  the  multicomponent 
spectrum,  therefore  single  component  specimen  spectra  were  investigated.  Figure  1  shows  the 
PZT,  Pb,  Ti,  and  Zr  spectra  in  an  attempt  to  deconvolute  the  relative  contributions  of  each 
cationic  species  in  the  multicomponent  spectrum.  From  this  data  we  see  that  the  shoulder  is  due 
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Figure  1 .  UV-vis  of  single  and  multicomponent  spectra. 

in  fact  to  the  zirconium  precursor  (acac  absorption)  and  that  the  main  UV  cutoff  below  300nm  is 
due  to  the  a  combination  of  the  Zr  and  Ti  precursors.  The  lead  does  not  seem  to  play  a  role 

where  the  absorption  differences  are  observed. 

Peroxide  was  added  to  single  component  solutions  in  order  to  investigate  the  observed 
difference  in  PZT  absorption  response  to  precursor  modification.  In  addition,  changes  in  the 
physical  characteristics  (precipation,  color  change,  reactions)  were  observed.  No  changes  were 
observed  in  the  Pb  system,  while  the  Ti  and  Zr  systems  showed  evidence  of  chemical 
modification.  The  Ti  system  changed  color  from  clear  to  yellow/orange  as  has  been  previously 
reported  [5],  The  absorption  spectra  was  not  significantly  different  but  it  should  be  noted  that 
the  peroxide  modified  solution  gelled  before  the  unmodified  solution.  The  zirconium  system 
showed  a  slight  color  change  from  yellow  to  slightly  darker  yellow,  while  the  absorption  spectra 
showed  significant  changes.  UV-Vis  spectra  obtained  from  freshly  prepared  peroxide  modified 
solutions  showed  an  increase  in  absorption  at  wavelengths  near  350  nm.  The  intensity  of  this 
absorption  peak  increased  with  age  (Figure  3  shows  the  spectra  of  1  month  old  solution). There 
also  was  observed  a  difference  in  the  response  of  the  acac  peak  to  UV  radiation,  as  evidenced  by 
the  2:1  decrease  of  the  Zr  solution  compared  with  the  3:1  decrease  of  the  acac  peak  in  peroxide 
modified  solutions.  The  identity  of  this  peak  (defect  structure  of  acac)  and  possible  kinetic 
modifications  to  the  acac  response  with  peroxide  additions  currently  are  under  investigation. 
Absorption  spectra  of  acac  solutions  modified  with  peroxide  indicate  a  reaction  creating  species 
that  absorb  at  longer  wavelengths.  Studies  on  the  oligomeric  differences  caused  by  precursor 
modification  in  these  single  component  systems  and  multicomponent  systems  are  underway  to 
identify  the  species  responsible  for  this  change  in  optical  properties. 

With  regard  to  the  patterning  of  the  single  component  Zr  system  the  impact  of  peroxide 
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Figure  2  UV-vis  of  zirconium  acac  film  Figure  3.  UV-Vis  of  peroxide  modified  zirconium 


151 


modification  are  inconclusive.  Although  differences  are  observed  in  the  absorption  spectra,  no 
dramatic  improvements  are  currently  seen  in  the  application  of  this  modifier  to  the  patterning  of 
these  materials.  While  the  addition  of  peroxide  has  been  shown  to  improve  the  durability  of 
photo-irradiated  areas  in  aqueous  PZT  containing  acetylacetonate,  there  are  still  problems 
regarding  pattern  definition  and  the  quality  of  the  remaining  film  after  leaching  that  must  be 
addressed.  Nevertheless,  this  result  provides  evidence  that  small  amounts  of  organic  free 
modifiers  can  alter  the  nature  of  the  oligomeric  species  and  affect  the  processing  behavior  of  sol- 
gel  solutions.  Understanding  these  mechanisms  may  provide  for  further  technical  advances  in  the 
field  of  patterning  and  tailoring  of  film  properties  by  solution  precursor  modification. 

The  addition  of  precursor  modifiers  has  been  shown  to  affect  the  properties  of  materials 
prepared  by  chemical  solution  deposition  techniques  [11].  Figure  4  shows  that  the  peroxide 
modifications  also  lead  to  differences  in  the  texture  of  the  final  crystalline  films.  The  peroxide 
suppresses  the  (100)  diffraction  peak  (leaving  the  (110)  peak  unaffected)  in  this  case  leading  to  a 
(111)  film  texture.  The  integrated  intensities  of  the  (100)  and  (111)  peaks  in  films  were 
normalized  by  those  obtained  from  powder  samples  to  quantify  texture.  It  should  be  noted  that 
texture  differences  resulting  from  peroxide  addition  have  also  been  seen  in  other  material 
systems  such  as  strontium  titanate  [12].  This  gives  evidence  of  a  chemical  approach  to  texturing 
without  the  use  of  seed  layers  or  other  electrode  technologies.  Figure  5  gives  additional  evidence 
that  peroxide  modifies  the  aging  behavior  of  solutions  resulting  in  more  stable  film  properties 
over  a  time  period  of  a  month  for  the  multicomponent  PZT  solutions.  Improvements  in  the 
electrical  properties  of  PZT  films  with  peroxide  additions  have  been  previously  reported  to  result 
from  the  elimination  of  the  pyrochlore  phase.  We  have  not  investigated  this  effect  yet,  however 
we  have  observed  the  elimination  of  “rosette”  type  structures  associated  with  pyrochlore  which 
are  known  to  degrade  optical  and  electrical  properties. 
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Figure  6.  Film  texture  vs.  precursor  modification  and  UV  treatment. 

Figure  6  indicates  differences  in  texture  for  both  peroxide  modified  films  and  those 
treated  with  UV  irradiation.  We  see  that  the  peroxide  in  this  case  again  supresses  the  formation 
of  the  (100)  diffraction  peak.  These  films  were  dried  at  100°C,  exposed  to  UV,  then  heat  treated 
to  700°C.  The  effect  of  UV  treatments  before  crystallization  is  to  increase  the  (100)  texture  of 
the  films  in  both  peroxide  modified  and  standard  PZT  solutions,  although  the  peroxide  modified 
seems  to  have  a  greater  change  in  texture  after  UV  exposure. 

Compositional  depth  profiling  of  these  films  by  radio  frequency  glow  discharge  atomic 
emission  spectroscopy  (rf-GDAES)  was  used  to  investigate  the  effects  of  precursor  modification 
and  UV  treatments  on  the  elemental  content  of  these  multicomponent  films.  Monitoring  the 
carbon  and  hydrogen  content  of  films  during  processing  provides  information  on  pyrolysis 
behavior.  Additionally  residual  organic  material  in  crystalline  compounds  may  degrade  the 
electrical  properties.  We  have  observed  differences  in  the  C  and  H  signal  intensities  between  the 
PZT  and  PZT  modified  with  peroxide.  The  “spikes”  at  the  surface  may  be  attributed  to  plasma 
instability  and  sample  contamination  [13].  The  PZT  with  peroxide  films  have  more  carbon 
relative  to  hydrogen;  this  has  been  previously  seen  with  TGA  of  vacuum  dried  powders  where 
the  addition  of  peroxide  delays  the  pyrolysis  to  a  higher  temperature.  Pretreatment  with  UV 
radiation  (after  drying  at  100°C)  before  crystallization  at  700°C  results  in  a  decrease  in  the  C/H 
ratio  of  the  films  in  both  the  standard  and  peroxide  modified  films.  It  should  be  emphasized  that 
these  are  not  stoichometric  ratio’s  of  C/H,  but  the  representative  relative  amounts  without 
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Figure  7.  RF-GDAES  determined  C/H  ratio  in  PZT  thin  films  heat  treated  at  700°C 
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standards.  Standards  need  to  be  employed  to  accurately  assess  the  actual  amounts  of  carbon  and 
hydrogen.  Nevertheless,  qualitative  comparisons  may  be  made  and  these  results  seems  to 
indicate  elimination  of  residual  organics  in  ciystalline  material  with  UV  pretreatments. 

CONCLUSIONS 

The  results  of  these  investigations  indicate  peroxide  additions  enhance  the  durability  of 
photo-irradiated  areas  to  water  and  acidic  solvents  in  aqueous  based  PZT  with  acetylacetonate 
absorbing  ligands  present.  Investigations  into  the  single  component  solutions  show  that  peroxide 
reacts  with  acac,  and  creates  new  species  in  the  zirconia  acac  system  which  absorb  at  a  longer 
wavelength.  The  applicability  of  this  process  is  currently  limited  due  to  problems  with  pattern 
definition  and  film  quality  after  leaching.  Studies  of  the  effects  of  peroxide  additions  indicate 
improvements  in  microstructure  and  texture  control  through  solution  precursor  modification. 
Ultraviolet  radiation  also  has  been  shown  to  affect  the  processing  of  these  materials  producing 
films  with  different  texture  and  carbon  to  hydrogen  content. 
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FERROELECTRIC  Nao.5Ko.5Nb03/Si02/Si  THIN  FILM  STRUCTURES 
FOR  NONVOLATILE  MEMORY 


C.-R.  CHO,  A.  M.  GRISHIN 

Condensed  Matter  Physics,  Department  of  Physics,  Royal  Institute  of  Technology, 
Stockholm,  S-100  44,  Sweden. 


ABSTRACT 

Highly  c-axis  oriented  Nao.5Ko.5Nb03  (NKN)  films  have  been  prepared  on  thermally 
grown  thin  Si02  template  layer  onto  Si (001)  wafer  by  pulsed  laser  deposition  technique.  X- 
ray  diffraction  0-20-scan  data  show  multiple-cell  structuring  along  the  polar  axis  in  NKN 
films  grown  onto  Si02  with  thickness  up  to  45  nm.  On  the  other  hand,  the  film  deposited 
onto  amorphous  ceramic  (Coming)  glass  is  a  mixture  of  slightly  c-axis  oriented  NKN  and 
pyrochlore  phases,  while  the  film  onto  Pt(l  1 1)/Ti/Si02/Si(001)  shows  perfect  [111] 
orientation.  This  implies  small  amount  of  Si02  crystallites  distributed  in  amorphous  silica 
matrix  inherits  Si (001)  orientation  and  serves  as  a  key  factor  in  highly  oriented  growth  of 
NKN  films.  Au  upper  electrodes  have  been  defined  on  the  top  of  NKN(270nm)/SiO2/Si 
structures  to  investigate  Metal-Ferroelectric-Insulator-Silicon  (MFIS)  diode  characteristics 
for  Field  Effect  Transistor  (MFIS-FET)  nonvolatile  memory  applications.  C-V 
measurements  yield  memory  window  of  4.14  V  at  10  V  of  gate  voltage. 


INTRODUCTION 

Silicon,  the  essential  material  of  the  semiconductor  industry,  is  one  of  the  most  desirable 
substrate.  Recent  years  there  have  seen  extensive  studies  on  the  synthesis  of  perovskite 
materials:  high  temperature  superconductors,  giant  and  colossal  magnetoresistors,  and 
ferroelectrics  for  integration  with  semiconductor  devices.  One  of  the  main  difficulties  in 
fabrication  of  high  quality  multi-component  oxide  film  directly  onto  Si  substrate  lies  in 
interdiffusion  of  cations  through  the  film-substrate  interface,  though  there  is  a  favourable 
pseudoepitaxial  affinity  between  the  size  of  the  edge  of  Si  cubic  cell  and  the  diagonal  of  the 
perovskite  unit  cell  in  (ab)  plane.  Therefore  a  lot  of  materials  such  as  yttrium  stabilized 
zirconia  (YSZ),  Ce02,  MgO,  and  SrTi03  have  been  introduced  as  a  buffer  layer  between  Si 
substrate  and  perovskite  films.  [1]  However,  the  fabrication  of  a  buffer  layer  of  exceptional 
quality  has  turned  out  a  very  difficult  problem.  Thermally  grown  Si02  film  seems  to  be  the 
ideal  buffer  layer  since  it  shows  a  remarkably  small  number  of  electronic  defects  [2],  hence 
superior  performances,  i.e.  capacitance-voltage  (C-V)  and  current-voltage  (7-V) 
characteristics  are  expected  in  Si02/Si  structure  based  devices.  Nevertheless,  only  few 
studies  on  crystalline  relation  between  perovskite  thin  film  and  Si02/Si  substrates  have  been 
reported.  In  this  article,  we  present  highly  c-axis  oriented  NKN  thin  films  on  thermally 
grown  ultra-thin  Si02  layer  onto  Si(001)  wafers,  and  memory  properties  of 
Au/NKN/Si02/Si  (MFIS)  structure. 
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EXPERIMENTAL  PROCEDURES 


Thin  Si02  layers  with  various  thickness  from  native  to  45  nm  have  been  thermally  grown 
onto  Si(001)  substrates.  The  details  of  oxidation  processes  are  described  elsewhere.  [3]  A 
KrF  excimer  laser  (Lambda  physik-300,  X  =  248  nm,  pulse  width  of  25  nm)  has  been  used 
to  ablate  stoichiometric  NKN  target  with  the  energy  density  of  4-5  J/cm2  and  repetition  rate 
of  15  Hz.  NKN  films  onto  Si02/Si  substrates  have  been  grown  at  the  substrate  temperature 
of  650  °C  in  a  ~  400  mTorr  ambient  oxygen  partial  pressure.  The  deposition  was  followed 
by  in-situ  annealing  at  400  °C  in  500  Torr  oxygen  for  30  min.  Au  both  top  and  backside 
electrodes  (0  =0.55  mm)  were  deposited  by  thermal  evaporation  at  room  temperature. 


RESULTS  AND  DISCUSSION 


Figs.l  show  x-ray  diffraction  (XRD)  0-20  scans  for  NKN  films  onto  Si02  buffer  layers  of 
various  thickness.  High  degree  of  preferential  c-axis  orientation  is  clearly  seen  in 
logarithmic  scale.  There  are  no  pronounced  reflections  except  (00/)  peaks  for  NKN  films 
onto  native,  4  nm,  and  10  nm  thick  Si02  buffer  layers.  Further  increase  of  Si02  thickness  up 
to  45  nm  causes  the  appearance  of  non  c-axis  oriented  NKN  textures,  such  as  NKN- 102  and 
-310.  Nevertheless  the  intensity  of 


NKN-310  Bragg  reflection  is  more 
than  ten  times  smaller  than  that  of 
NKN-OO'/i  Strong  superlattice 
NKN-0014  and  -OOV2  reflections, 
which  come  from  the  periodic 
distortion  of  Nb06  octahedrals  in 
NKN  perovskite  unit  cell  [4],  are 
observed  in  all  samples. 

After  the  prediction  of  a  boundary 
layer  of  microcristallites  for  a 
thermally  grown  oxide  a  number  of 
groups  reported  on  epitaxial 
interfacial  Si02  layers  in  thermally 
grown,  native  and  wet  oxides.  The 
epitaxial  oxide  is  twofold 
symmetric  and  had  been  believed  to 
be  disordered  into  amorphous  silica 
thicker  than  ~  7  A.  However, 
comprehensive  investigations  of 
thermally  oxidized  thin  films  using 
crystal  truncation  rod  (CTR)  x-ray 
scattering  suggested  that  Si02  films 
are  not  purely  amorphous  but  many 
small  crystallites,  so  called 
pseudocry stoballites,  are  distributed 
within  amorphous  matrix, 
maintaining  an  epitaxial  relation 
with  the  Si  substates.  [5] 
Differential  x-ray  reflection  (DRX) 


Fig.  1  The  X-ray  diffraction  (XRD)  0-20 
scans  in  CuATa  radiation  for 
NKN/SiO2/Si(0Ol)  structure  with  various 
thickness  of  Si02  buffer  layers 
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easurements  [6]  indicated  the  pseudocrystoballites  especially  populate  the  Si02/Si  interface 
and  their  density  decreases  exponentially  inside  the  film,  and  evaluated  to  be  less  than  a  few 
%  even  very  near  to  the  interface.  There  is  a  close  coincidence  between  Si  cubic  cell  edge 
size  (5.43  A)  and  the  size  of  the  face  diagonal  of  NKN  perovskite  cell  (5.67  A,  4.4  % 
mismatch). 


Based  upon  above  considerations,  we 
suggest  nano-scale  pseudocrystobalites 
inherit  crystallographic  orientation  of  Si 
wafer  and  facilitate  pseudoepitaxial 
growth  of  NKN  film,  seeding  the 
preferential  orientation  of  NKN  textures 
at  the  early  nucleation  and  coalescence 
stage.  This  conclusion  is  encouraged  by 
the  x-ray  0-20  scans  (Figs.  2a  and  2b)  for 
NKN  films  grown  at  the  same  process 
conditions  onto  ceramic  glass  and 
Pt(lll)/Ti/SiO2/Si(001)  wafers.  In 
comparison  with  Fig.  1,  the  x-ray 
diffraction  pattern  of  NKN  film  on 
amorphous  ceramic  (Coming)  glass  (Fig. 
2a),  which  has  same  stoichiometry  as 
thermally  grown  Si02  layer,  shows  worse 
crystallinity,  much  higher  background 
radiation  and  pyrochlore  phases.  On  the 
other  hand,  the  film  deposited  onto 
Pt(lll)  template  layer  on  silicon  substrate 
(see  Fig.  2b)  shows  high  degree  of  [111]- 
axis  orientation.  These  results  indicate 
that  the  orientation  of  NKN  crystallites  at 
some  degree  is  influenced  by  substrate 
texture,  although  the  phenomenon  of  self¬ 
assembling  of  NKN  films  in  [001]- 
direction  [7]  remains  the  leading  factor. 


Fig.  2  X-ray  diffraction  0-20  scan  for 
NKN  films:  a  -  1.3  pm  thick  NKN 
film  deposited  onto  amorphous 
ceramic  (Coming)  glass;  b  -  0.9  pm 
thick  Pt/Ti  layer  onto  SiO2/Si(001) 
substrate. 


Superior  ferroelectric  performance  of  NKN  films,  which  have  been  reported  earlier  [7], 
and  strong  polar  axis  orientation  on  Si02/Si  substrate  challenged  us  to  study  memory  effects 
in  the  Metal-Ferroelectric-Insulator-Si  (MFIS)-diode  structure.  We  deposited  270  nm  thick 
NKN  films  onto  7,  10,  and  20  nm  thick  Si02  layers,  which  were  grown  onto  highly  doped 
(phosphorous  concentration  ND  >  10I9/cm3)  Si(001)  substrates.  Capacitance-voltage  (C-V) 
and  Conductance-voltage  (G-V)  characteristics  of  Au/NKN(270nm)/SiO2/Si/Au  capacitors 
have  been  measured  by  HP4284A  LCR  meter  at  the  frequency  of  1  MHz.  The  signal  voltage 
and  bias  voltage  sweeping  rate  were  fixed  at  10  mV  rms  and  0.2  V/sec,  respectively. 


Fig.3  shows  the  C-V  and  G-V  curves  for  270  nm  thick  NKN  film  capacitor  fabricated  onto 
10  nm  thick  Si02  buffer  layer.  Counterclockwise  C-V  hysteresis  loop  is  obtained  and  the 
memory  window  reached  to  4.14  V  at  10  V  bias.  Simultaneously  performed  G-V  tracing  has 
close  correlation  with  the  C-V  measurement.  At  the  accumulation  regime  (point  a  in  Fig.3), 
the  conductance  saturates  to  1x10^  S  and  does  not  show  any  anomalies  up  to  10  V  bias.  At 
the  descending  branch  of  the  C-V  hysteresis  loop,  the  conductance  remains  almost 
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invariable  until  3.5  V, 
and  then  starts  to 
increase  and  reached 
maximum  value  of 
1.3x1  O'4  S  at  the  steep 
segment  of  C-V 
characteristic  (point  b  in 
Fig.  3).  After  that  the 
conductance  decreases 
conspicuously  and 
saturates  to  5.5xlO'5  S 
accompanied  with  the 
saturation  of  the 
capacitance  (segment  c  in 
Fig.  3).  At  the  ascending 
branch,  the  conductance 
showed  similar  behavior: 
reaches  the  maximum 
value  near  the  transition 
point  d  (Fig.  3)  and 
saturates  again.  The 
abrupt  increase  in 
conductance  at  the  steep 
segments  of  the  C-V 
characteristic  can  be 
attributed  to  the  charge 
injection  when  the 


-io  -5  0  5  io 

Applied  bias,  V 


Fig.  3  Hysteresis  in  the  capacitance-voltage  ( C-V)  and 
conductance-voltage  (G-V)  characteristics  for 
Au/NKN(270nm)/Si02(10nm)/Si(001)  thin  film  structure. 
Inset  shows  typical  current- voltage  (7-V)  curve  for 
Au/NKN(270nm)/SiO2(20nm)/Si  (001)  structure  with  the 
upper  electrode  area  of  2.37xl0'3  cm2.  The  positive 
direction  of  the  applied  voltage  is  designated  for  the 
positive  biasing  of  the  top  Au  electrode  with  respect  to  the 
ohmic  contact  on  the  back  side  of  Si  wafer. 


ferroelectric  film  switches  the  polarization  direction.  There  is  a  close  coincidence  between 
forward  and  reverse  maximum  conductance  voltages:  Vfor  (Gmax)  =  -  0.56  V  ,  Vrcv  (Gmax)  =  + 
3.60  V  and  two  switching  voltages:  Vfor  =  -  0.60  V  and  Frev  =  +  3.55  V.  The  higher 
conductance  at  the  accumulation  state  than  that  in  the  inversion  state  can  be  also  explained 
in  the  model  of  MFIS-diode  structure.  All  the  features  of  G-V  curve  in  Fig.  3  indicate  that 
eventual  C-V  hysteresis  is  caused  by  polarization  switching  in  NKN  film,  not  from  other 
reasons,  such  as  a  drift  of  excess  ions  in  ferroelectric  film,  since  their  motion  is  irreversible 
and  depends  on  the  polarity  of  the  starting  bias.  [3]  The  inset  in  Fig.  3  shows  I-V  curve  for 
Au/NKN(270nm)/SiO2(20nm)/Si/Au  structure.  Typical  diode  behavior  has  been  observed 
and  extremely  small  leakage  current  (<  100  pA)  has  been  measured  in  MFIS-diode  with  the 
upper^electrode  area  of  2.37x10  3  cm2  in  the  range  -  10  to  +  3  V  (current  density  <  4.2x10 8 
A/cm  ).  There  is  no  considerable  difference  in  I-V  curves  for  7  and  10  nm  thick  Si02  buffer 
layer  compared  to  the  inset  in  Fig.3. 


Fig.  4  shows  normalized  C-V  curves  measured  for  MFIS-diodes  with  various  thickness  of 
Si02  layer.  These  curves  clearly  illustrate  two  results:  firstly,  as  the  Si02  thickness  increases 
the  C-V  curves  move  to  the  forward  direction.  The  center  voltage  of  hysteresis  C-Floop  is  - 
0.94  V  for  10  nm,  +  0.19  V  for  10  nm,  and  +  1.51  V  for  20  nm  thick  Si02  films, 
respectively.  Secondly,  the  squareness  of  the  C-V  loop  improves  with  the  oxide  thickness 
increase.  Ideally,  the  center  of  two  voltage  edges  of  memory  window  Vfb  (flat-band  voltage) 
in  MFIS-diode  is  estimated  from  the  metal  work  function  and  the  electron  affinity  of  the 
semiconductor.  Experimentally,  Ffb  often  deviates  from  this  estimate  due  to  the  existence  of 
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m  ^  [8] °Ur  Sp6CiflC  Case'  311  the  capacitors  were  made  up  of  .he 

™LThT  K  Tg  the  same  processes  except  the  Si02  layer  thickness.  Thus  we  are 

™heTOionnr  to  ^e  entrapped  alkali  ions,  i.e.  Ha*  and  K‘, 

on  the  NKN/S,02  or  Si02/Si  interfaces.  The  trapped  positive  charges  create  built-in  electric 
le  d.  in  negative  (reverse)  direction  if  alkali  ions  trapped  onto  NKN/Si02  interface  and  in 
posmve  (forward)  direction  if  they  trapped  onto  the  <£o2/Si  interface  the 

direct  1m  ^  K  K,aUSeu-  Shift  0f  the  C'K  l0°P  towards  the  reverse/forward  voltage 
direc  ion.  Most  probably,  this  interdiffusion  of  the  alkali  occurs  during  the  deposition  sinfe 

lgh  temperature  and  high  bombardment  energy  of  evaporants  in  laser  ablated  plasma  plume 

as\  dtffiSonli^er  »  °t  th£  PL?  11  ‘S  naturalI>' t0  su«Sest  the  performance  of  Si02 

layers  occurs  aU*KN/S  o' °"T  T*  ^  ^  Charge  traPPh,S  for  ultra-thin  sior 

hfcker  sl  lll  ll  T  (negatlVe  l00p  0ffset)  while  P°sitive  ‘“OP  offset  for 
chil  i  °2  y?  l?C~Uld  by  Charge  traPPin8  onto  the  Si02/Si  interface.  The  trapped 
arge  also  impedes  the  field  generated  by  polarization  switching,  hence  causes  the  decrease 
of  the  switching  rate  (reduces  the  squareness)  of  the  C-V curve. 


slUreblNOr,ma"ZelC;V  hysteresis  l0°Ps  for  MFS-diode  with  7, 10,  and  20  nm  thick 
canabihw  lfterlnnl  ‘nSet  vf  ‘he  time  dePendent  capacitance  (retention 
sSoKJectS1"8  Pr0g“le  V°'tage  °f  +  8  V  <°  symb°la)  and  -  8  V  (. 


To  charactenze  retention  capability,  we  studied  the  decay  of  the  remnant  polarization 
measuring  the  low  signal  capacitance  (100  kHz,  50  mV  rms)  of  the  MFIS-diode  in  the  time 
Althrareh  It!  af  ,r  p0  lng  tbe  fe™c'ec.ric  capacitor  with  +  8  V  and  -  8  V  bias  voltage 

retenh o8h’  016  I,etent'0n  ,S  a  major  bamer  for  realization  of  MFIS-FETs  memory  good 
retention  properties  are  not  numerously  reported,  even  though  several  groups  observed  an 
extension  of  retention  time  by  applying  appropriate  bias.  [9]  Applying  bias  to^mprove  retain 

fereXnri  meiXPTHly  “  destroys  a  concept  of^nS 

MFTk  didcc  m  i  T  !f°re’  We  characterized  retention  time  without  applied  bias.  For 
MHS -diodes  with  7  nm  and  20  nm  thick  Si02  buffer  layers  two  remnant  capacitances  Ct8  v 
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and  C  gv  approached  to  each  other  and  merged  in  a  few  minutes,  while  the  MHS-diode  with 
10  nm  Si02  buffer  layer  possesses  much  better  retention  characteristics  (see  the  inset  to  the 
Fig.  5).  The  process  of  the  polarization  decay  has  a  typical  "creep"  behavior  indicated  by 
logarithmic  dependence  of  "stored"  capacitance  on  time:  C+8V  (0  -  323.2  -  15.8xlog  (r /I 
sec)  and  C.8v  (0  =  226.1  +  8.2xlog  ( t  / 1  sec).  According  to  above  relationships,  it  takes 
more  than  104sec  before  two  state  of  capacitance  become  equal.  From  above  results,  we  can 
conclude  that  memory  retention  properties  are  more  likely  related  to  the  ferroelectric 
hysteresis  behavior  of  Vfb  rather  than  interface  states. 

SUMMARY  AND  CONCLUSIONS 

In  summary,  nearly  perfect  oriented  "quadrupled  e-axis"  NKN  films  have  been  prepared 
by  pulsed  laser  deposition  technique  on  thin  Si02  layers  thermally  grown  onto  Si(001) 
wafers  Through  the  comparison  with  NKN  films  fabricated  onto  the  amorphous  ceramic 
glass  and  [lll]-oriented  Pt  template  layer,  we  suggest  a  small  amount  of  “Stnouted 
epitaxial  nano-scale  pseudocrystoballites  play  an  important  role  in  oriented  NKN  film 
growth  We  first  investigate  NKN  film  for  MFIS-FETs  type  nonvolatile  memory  NKN 

films  onto  ultrathin  (up  to  20  nm)  Si02  layers  show  highly “"“fo  n^nnm VSi 
structure  4.14  V  memory  window  has  been  obtained  in  Au/NKN(270nm)/SiO2(10nm)/Si 
MHS-diode  structure  at  10  V  of  gate  voltage.  The  improvement  of  squareness  of  hysteresis 
C-V  loop  as  well  as  its  shift  towards  forward  voltage  direction  with  the  buffer  layer 
thickness  increase  support  the  model  of  alkali  ions  trapping  at  the  interface  of  Si02  Si  It 
should  be  emphasized  that  the  improvement  of  memory  retention  is  directly  related  to  t  e 
flat  band  voltage  Vfb- 
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ABSTRACT 

We  grew  Ba.Sr^TiC^  (BST)  films  on  MgO  single  crystal  substrates  by  pulsed  laser 
deposition  (PLD).  We  report  the  in-plane  (a)  and  out-of-plane  (c)  lattice  parameters  of  BST 
films  deposited  in  a  range  of  02  deposition  pressures  [P(02>],  as  measured  by  asymmetric 
rocking  curve  diffraction.  As  P(02)  increases,  the  films’  biaxial  strain  changes  from 
compression  ( a  <  c ),  to  cubic  (a,  =  c),  and  then  to  tension  (a  >  c ).  Furthermore,  both  a  and  c  are 
larger  than  the  lattice  constant  for  bulk  BST  of  the  same  composition.  This  indicates  the 
presence  of  a  hydrostatic  strain  component  in  addition  to  the  biaxial  component.  From  the 
measured  lattice  parameters,  we  calculate  the  total  residual  strain  in  terms  of  biaxial  and 
hydrostatic  components.  We  also  examine  the  effects  of  a  post-deposition  anneal. 

Characterizing  residual  strain  and  understanding  its  origin(s)  are  important  since  strain  affects 
the  dielectric  properties  of  BST  films  and  thereby  the  properties  of  devices  which  incorporate 
them. 

INTRODUCTION 

Ba;cSr1_JTi03  (BST)  films  have  been  heavily  investigated  for  their  potential  use  in  tunable 
microwave  and  radio-frequency  (RF)  devices  [1,2].  The  basic  mechanism  which  lends  BST,  and 
other  ferroelectric  materials,  to  these  applications  is  the  decrease  of  their  dielectric  constant  (e/e0) 
with  applied  electric  field,  i.e.,  “tuning.”  The  tuning  effect  can  be  used  in  different  ways  to  make 
devices  such  as  tunable  resonators,  tunable  filters,  delay  lines,  phase  shifters,  steerable  antennas, 
etc..  The  main  materials  issue  is  to  maximize  the  tuning  and  minimize  the  dielectric  loss.  One 
of  the  film  properties  that  has  been  shown  to  affect  the  dielectric  properties  is  strain  [3],  either 
residual  or  externally  applied.  Therefore,  the  characterization  of  residual  strain  is  important  for 
understanding  both  its  origin  and  its  contribution  to  the  overall  dielectric  and  ferroelectric 
response  of  BST  and  other  dielectric  materials. 

EXPERIMENT 

Film  Growth.  Post-Deposition  Annealing,  and  Typical  Properties 

The  BST  films  were  grown  by  PLD  using  a  KrF  ( X  =  248  nm)  laser  running  at  10  Hz  and 
focused  to  a  fluence  of  3  J/cm2  at  the  Bao4Sr0.6Ti03  target.  The  MgO(lOO)  substrates  were  rinsed 
in  isopropyl  alcohol  and  then  attached  with  Ag  paint  to  a  heater.  During  growth,  the  heater  was 
maintained  at  775  °C  and  held  8.5  cm  directly  in  front  of  and  parallel  to  the  target.  Each  growth 
occurred  in  a  constant  02  ambient  between  40  and  250  mTorr.  After  deposition,  the  samples 
were  cooled  in  -400  Torr  02.  Post-deposition  anneals  were  done  at  -1100  °C  in  flowing  02  at 
ambient  pressure  in  a  quartz  tube  furnace  for  5  hours.  The  composition  of  the  films  was 
measured  by  Rutherford  Backscattering  Spectroscopy  (RBS)  using  2  MeV  He  ions.  According 
to  RBS,  the  deposition  pressure  [P(02)]  had  little  or  no  effect  on  the  films’  (Ba,Sr)  composition. 
The  average  composition  of  Ba;tSr1_JtTi03  was  x  =  0.39  ±  0.02,  which  is  consistent  with  the  target 
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composition,  *  =  0.40.  The  thickness  of  the  films  was  between  2700  and  3700  A  as  measured  by 
profilometry. 

The  as-deposited  BST/MgO  films  are  epitaxial  and  show  high  structural  quality  [1]. 
Figure  1  shows  0/20  and  pole  figure  diffraction  scans  for  a  typical  film.  The  0/20  scan  (Fig.  la) 
shows  only  (hOO)  peaks  indicating  a  single  out-of-plane  texture,  and  the  pole  figure  (Fig.  lb) 
confirms  the  in-plane  orientation  of  the  epitaxial  film. 


Fig.  1.  (a)  0/20  and  (b)  pole  figure  x-ray  diffraction  scans  for  laser-ablated  BST/MgO 
film  showing  single  epitaxial  orientation. 


Annealing  improves  the  crystalline  perfection  and  the  surface  morphology  [1].  The 
width  (FWHM)  of  (200)  rocking  curves  decreases  (0.68°  to  0.31°  for  P(02)  =  65  mTorr  film) 
after  the  anneal,  as  does  that  of  (1 10)  phi  scans  (1.15°  to  0.91°).  Annealing  also  decreases  the 
surface  roughness  of  the  BST  films  as  measured  by  atomic  force  microscopy  (AFM).  Figure  2 
shows  AFM  images  of  an  as-deposited  (<  10  A  rms)  and  annealed  film  (3  A  rms)  grown  in  P(02) 
=  65  mTorr.  After  annealing  the  granular  morphology  is  no  longer  visible. 


(a)  As-Deposited  (b)  Annealed 


Fig.  2.  AFM  images  of  (a)  as-deposited  and  (b)  annealed  BST/MgO  films. 

As  described  elsewhere  [1],  these  films  can  have  large  dielectric  constants  of  over  6000 
with  tuning  greater  than  65%  under  applied  fields  of  5.7  V/^im.  Figure  3  shows  the  temperature 
dependence  of  e/e0  for  such  a  film.  The  anneal  increases  the  maximum  dielectric  constant  and 
shifts  this  maximum  to  lower  temperatures.  Our  search  for  the  cause  of  this  shift  lead  us  to 
consider  the  effects  of  strain  and  to  make  the  measurements  reported  here. 
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Fig.  3.  The  1  MHz  capacitance  and  e/e0  vs.  temperature  for  as-deposited  (dashed  line)  and 
annealed  (solid  line)  BST/MgO.  The  arrow  indicates  the  change  upon  annealing. 


Asymmetric  Rocking  Curve  Diffraction 


The  in-plane  (a)  and  out-of-plane  (c)  lattice  parameters  were  measured  by  asymmetric 
rocking  curve  diffraction  [4],  which  uses  the  splitting  of  the  (224)  Bragg  reflections  from  the 
BST  film  and  the  MgO  substrate.  This  robust  technique  accounts  for  many  possible  sources  of 
error  including  substrate  miscut,  film  tilt  relative  to  the  substrate,  and  the  additional  tilt  of 
asymmetric  planes  due  to  tetragonal  distortion.  Asymmetric  rocking  curve  diffraction  is  the 
technique  of  choice  even  for  much  more  closely  lattice  matched  systems  such  as  III-V  strained- 
layer  superlattices.  The  measured  splitting  of  the  film  and  substrate  peaks  in  the  two  geometries 
shown  in  Fig.  4  depends  on  two  independent  parameters,  50  (true  Bragg  splitting)  and  5(f) 
(geometric  splitting  due  to  tetragonal  distortion). 


Normal 

Beam  to  (224)  To  Detector 


A  0gi=80  +  5Q 


Normal 

Beam  to  (224)  To  Detector 


Fig.  4.  Grazing  incidence  (gi)  and  grazing  exit  (ge)  geometries  for  asymmetric  rocking  curve 
diffraction.  The  equations  show  dependence  of  splitting  on  50  and  5<j>  in  either  geometry. 

With  these  measurements,  50  and  5(f)  can  be  determined  and  then  used  to  calculate  both  c  and  a 
as  indicated  in  Eqs.  1  [4],  where  0  =  0MgO  +  50  and  <J>  =  (j)Mg0  +  5<J>. 

aBST  ~ - - - -Jh2  +k2,  cBST  = - — -  (1 

2sin0sin0  2sin0cos0 

Figure  5  shows  the  (224)  rocking  curves  measured  in  the  grazing  incidence  geometry  for 
a  BST/MgO  sample  grown  in  P(02)  =  85  mTorr  both  as-deposited  and  after  annealing.  The  Cu 
Ka  peaks  were  fitted  to  a  pseudo-Voigt  function  including  constrained  Ka,  and  Kot2 
components.  The  splitting  (A0gI  in  Fig.  5)  is  then  used  with  that  from  the  grazing  exit  scan  to 
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Fig.  5.  Typical  grazing  incidence  (224)  rocking  curves  illustrating  the  splitting  (A0|l)  used  in 
lattice  parameter  calculations.  These  rocking  curves  were  made  on  samples  grown  in  85  mTorr. 

determine  the  lattice  parameters  using  Eqs.  1.  A  potential  pitfall  of  this  technique  in  our 
particular  situation  is  that  the  entire  KarKa2  doublet  peak  may  not  be  measured  due  to  the  peak 
width  and  the  relatively  small  area  of  our  detector.  If  not  corrected,  the  subsequent  curve  fitting 
gives  erroneous  peak  positions.  This  was  remedied  by  combining  the  rocking  curves  taken  at 
several  detector  positions  to  ensure  that  the  entire  peak  was  measured. 

RESULTS 

Lattice  Parameters 

Using  the  method  outlined  above,  we  calculate  the  in-plane  ( a )  and  out-of-plane  (c) 
lattice  parameters  of  BST/MgO  films  grown  in  a  range  of  P(02)  values  (40-250  mTorr).  Figure 
6  gives  these  lattice  parameters  for  both  as-deposited  and  annealed  films.  As  P(02)  increases,  the 
as-deposited  films  go  from  biaxial  compression  ( a  <  c),  to  cubic  ( a  =  c)  at  P(02)  =  85  mTorr,  and 
then  to  biaxial  tension  ( a  >  c ).  A  qualitatively  similar  dependence  is  found  for  the  annealed 
films,  except  that  the  films  originally  deposited  in  P(02)  =  40  mTorr  are  now  cubic.  Note  that  all 
lattice  parameters  are  larger  than  that  of  bulk  ceramic  BST  of  the  same  composition.  This 
indicates  the  presence  of  a  hydrostatic  strain  component  in  addition  to  the  biaxial  component. 

Hydrostatic  and  Biaxial  Strain  Components 

The  total  residual  strain  can  be  decomposed  into  hydrostatic  and  biaxial  components 
using  the  elastic  compliance  tensor.  The  hydrostatic  component  (Uhyd)  affects  all  three  axes  of 
the  unit  cell  identically,  while  the  biaxial  component  (Ubi)  affects  the  two  in-plane  axes  ( a  &  b ) 
directly  and  the  out-of-plane  axis  (c)  indirectly  by  means  of  Poisson’s  ratio.  The  relation 
between  this  decomposition  and  the  Cartesian  one  is 


V.  =U^Uv  =  ^.  =  UhrJ  +  Uii,  + 


2  s„ 


Su  +S,- 


(2) 
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Fig.  6.  In-plane  and  out-of-plane  lattice  parameters  of  BST/MgO  films  vs.  deposition  pressure. 

where  aQ  is  the  bulk  lattice  constant  and  the  are  elements  of  the  elastic  compliance  tensor  such 
that  .v12  <  0, 5U  +  jl2  >  0,  and  sn  +  2sn  >  0.  This  decomposition  helps  in  understanding  the  effects 
of  each  strain  component  since  the  potential  sources  of  hydrostatic  stress  (interstitials,  oxygen 
vacancies,  etc.)  are  physically  different  from  those  of  biaxial  stress  (substrate  interactions,  etc.). 

Figure  7  shows  the  results  of  the  strain  decomposition  along  with  the  corresponding 
stress  values  (a’s),  which  are  indicated  by  the  right  vertical  axes.  The  values  of  sn  and  s12  used 
in  the  calculations  were  estimated  from  those  of  BaTi03  and  SrTi03  using  Vegard’s  law  [3]. 
Annealing  reduces  the  hydrostatic  component  but  increases  the  biaxial  tension,  which  may  be  the 
influence  of  the  substrate’s  larger  lattice  parameter.  The  dependence  of  both  the  biaxial  and 
hydrostatic  strain  is  consistent  with  the  effects  of  energetic  ion  bombardment  during  growth,  i.e., 
“ion  peening  [5].”  This  hypothesis  will  be  explored  in  detail 


Deposition  Pressure  (mTorr  02) 

Fig.  7.  The  P(02)-dependence  of  (a)  biaxial  strain  and  stress,  and  (b)  hydrostatic  strain  and 
stress.  Solid  and  dashed  lines  denote  as-deposited  and  annealed  films  respectively. 
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in  a  subsequent  publication  [6],  but  is  supported  by  RBS  data  that  indicates  an  increasing  excess 
Ti  concentration  with  increasing  deposition  pressure.  This  is  consistent  with  increasing  Ti 
interstitial  defects,  which  hydrostatically  expand  the  lattice.  Oxygen  vacancies  are  another 
source  of  hydrostatic  strain  [7],  which  may  explain  its  observed  reduction  after  annealing. 

CONCLUSIONS 

Using  a  robust  x-ray  diffraction  technique,  we  have  measured  the  in-plane  and  out-of¬ 
plane  lattice  parameters  of  BST  films  grown  epitaxially  on  MgO  substrates  by  PLD.  From  the 
lattice  parameters,  we  then  calculated  the  residual  hydrostatic  and  biaxial  strain  in  the  films.  We 
found  that  there  is  a  deposition  pressure  at  which  the  biaxial  strain  changes  from  compressive  to 
tensile.  By  careful  selection  of  the  deposition  pressure,  it  was  possible  to  eliminate  the  biaxial 
strain  in  both  the  as-deposited  and  annealed  films.  Measurements  of  these  films’  dielectric 
properties,  which  are  currently  underway,  will  provide  insight  into  the  effects  of  residual  strain. 

ACKNOWLEDGMENTS 

This  work  was  done  at  NREL  under  DOE  contract  no.  DE-AC36-99G0 10337.  We  wish 
to  thank  Spectral  Solutions  Inc.  (SSI)  for  the  use  of  their  annealing  furnace  and  microwave  test 
equipment.  We  also  thank  Dr.  Charles  Barbour  of  Sandia  National  Labs  for  the  RBS  analysis. 


REFERENCES 

1.  C.  M.  Carlson,  T.  V.  Rivkin,  P.  A.  Parilla,  J.  D.  Perkins,  D.  S.  Ginley,  A.  B.  Kozyrev,  V.  N. 
Oshadchy  and  A.  S.  Pavlov,  Appl.  Phys.  Lett.  76,  p.  1920  (2000). 

2.  C.  M.  Carlson,  T.  V.  Rivkin,  P.  A.  Parilla,  J.  D.  Perkins,  D.  S.  Ginley,  A.  B.  Kozyrev,  V.  N. 
Oshadchy,  A.  S.  Pavlov,  A.  Golovkov,  M.  Sugak,  D.  Kalinikos,  L.  C.  Sengupta,  L.  Chiu,  X. 
Zhang,  Y.  Zhu  and  S.  Sengupta,  to  appear  in  Materials  Issues  for  Tunable  RF  and  Microwave 
Electronics,  edited  by  Q.  Jia,  F.  A.  Miranda,  D.  E.  Oates,  and  X.  X.  Xi  (Mater.  Res.  Soc.  Symp. 
Proc.,  Pittsburgh,  PA  2000). 


3.  S.  K.  Streiffer,  C.  Basceri,  C.  B.  Parker,  S.  E.  Lash  and  A.  I.  Kingon,  J.  Appl.  Phys.  86,  p. 
4565  (1999). 

4.  D.  K.  Bowen  and  B.  K.  Tanner,  High  Resolution  X-ray  Dijfractometry  and  Topography, 
Taylor  &  Francis,  Bristol,  PA,  1998. 

5.  D.  W.  Hoffman  and  J.  A.  Thornton,  J.  Vac.  Sci.  Technol.  20,  p.  355  (1982). 

6.  C.  M.  Carlson,  P.  A.  Parilla,  T.  V.  Rivkin,  J.  D.  Perkins  and  D.  S.  Ginley,  Submitted  to  Appl. 
Phys.  Lett.  (2000). 

7.  W.  J.  Kim,  W.  Chang,  S.  B.  Qadri,  J.  M.  Pond,  S.  W.  Kirchoefer,  D.  B.  Chrisey  and  J.  S. 
Horwitz,  Appl.  Phys.  Lett.  76,  p.  1185  (2000). 


166 


Light  Scattering  from  Pulsed  Laser  Deposited  BaBLTiAis  Thin  Films 


R.K.  SONI*+,  ANJU  DIXIT*,  R.  S.  KATIYAR*,  A.  PIGNOLET**,  K.M. 
SATYALAKSHMI**,  and  D.  HESSE** 

*Physics  Department,  University  of  Puerto  Rico,  San  Juan,  Puerto  Rico,  PR  00931,  USA 
**Max-PIanck-Institut  fur  Mikrostrukturphysik,  Weinberg  2,  D-06120  Halie/Saale, 
Germany 

ABSTRACT 

Light  scattering  investigations  are  carried  out  on  BaBLfTiAs  (BBiT)  which  is  a  member 
of  the  Bi-layer  structure  ferroelectric  oxide  with  n  =  4.  The  BBiT  thin  films,  thickness  ~ 
300  nm,  were  grown  on  epitaxial  conducting  LaNA  electrodes  on  epitaxial  buffer  layers 
on  (100)  silicon  by  pulsed  laser  deposition.  Micro-Raman  measurements  performed  on 
these  films  reveal  a  sharp  low-frequency  mode  at  51  cm*1  along  with  broad  high- 
frequerlcy  modes  corresponding  to  other  lattice  vibrations  including  Ti06  octahedra.  No 
temperature  dependence  of  the  low  frequency  mode  is  seen  while  a  weak  dependence  of 
the  broad  high  frequency  vibrations  are  observed  in  the  mixed  oriented  regions.  Raman 
polarization  carried  out  at  room  temperature  indicates  that  the  prominent  modes  have  Aig 
and  Eg  symmetries  in  the  BaBLfTiAs  thin  films. 

INTRODUCTION 

The  Bi-based  layer-structured  ferroelecetric  oxides  belong  to  the  Aurivillius 
family  and  are  described  by  the  general  formula  (Bi202)2+(An-iBn03n+i)2“.  The  high 
fatigue  resistance  to  polarization  switching  of  these  oxides  is  believed  to  be  due  to  their 
unique  crystal  structure,  where  n  perovskite-like  oxygen  octahedra  are  interleaved 
between  (Bi202)2+  layers  [1].  BBiT  undergoes  ferroelectric  phase  transition  from  high 
temperature  tetragonal  phase  to  orthorhombic  or  puedo-orthorhombic  phase  at  Tc  = 
420°C  [2].  The  high  temperature  tetragonal  phase  is  possibly  J4/mmm  point  group  while 
the  point  group  of  the  low-temperature  phase  is  not  known.  As  the  orthorhombic 
distortion  is  small,  a  puedo-tetragonal  unit  cell  with  lattice  parameters  of  at  =  3  .86  A  and 
Ct=  41.8  A  is  commonly  used  to  describe  the  structural  and  lattice  dynamical  properties 
of  BBiT.  Recent  reports  on  morphology  and  structure  investigations  have  shown  that  the 
pulsed  laser  deposited  (PLD)  films  consisted  of  c-axis  oriented  as  well  as  mixed  (110), 
(100)-  and  (001)  oriented  regions  with  rectangular  and  equiaxed  crystalline  grains  [3]. 

The  dielectric  and  ferroelectric  properties  of  single  crystalline  c-axis  oriented 
Bi4Ti30)2  (BiT)  with  n  =  3  and  BaBLjTiAs  (BBiT)  with  n  =  4  have  been  reported  [3-6]. 
Single  crystalline  BBiT  exhibits  characteristic  anisotropic  dielectric  behavior  of  layered 
perovskites  with  high  dielectric  constant  in  the  ab-plane  and  low  dielectric  constant  in  the 
c-plane  [6].  It  has  been  shown  that  the  macroscopic  as  well  as  microscopic  ferreoelectric 
properties  of  a  planer  capacitor  with  BBiT  thin  film  are  extremely  sensitive  to  the 
crystalline  orientation  of  the  film  [3,4].  The  regions  of  BBiT  film  having  mixed  at-  and  ct- 
axis  orientation  show  saturated  ferroelectric  hysteresis  loops  and  resistance  to 
polarization  fatigue  up  to  10s  cycles  whereas  regions  with  craxis  orientation  and  a 
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smooth  surface  morphology  show  a  linear  polarization  curve.  Ferroelctric  properties  of 
Bi-layer  oxides  also  display  an  interesting  interplay  between  orientation  of  spontaneous 
polarization  and  the  number  n  of  pervoskite-like  layers.  The  films  with  odd  n,  such  as 
BiT  (n=3),  exhibits  spontaneous  polarization  along  c-axis  while  those  with  even  n  exhibit 
spontaneous  polarization  along  a-  or  b-axis  [5,7]. 

The  lattice  dynamical  properties  of  Bi-layer  structure  oxides  axe  not  well 
understood.  It  is  desirable  to  explore  the  light  scattering  properties  of  well  oriented  and 
characterized  higher  member  (n>3)  of  the  Bi-layer  oxide  family.  Light  scattering  from 
single  crystal  BiT  (n=3)  has  already  been  reported  [8],  Here,  we  study  micro  Raman 
scattering  in  epitaxially  grown  BBiT  with  n=4  by  pulsed  laser  deposition  emphasizing  the 
effect  of  film  surface  morphology,  light  polarization  and  temperature. 

EXPERIMENTAL 

The  epitaxial  300  nm  thick  BBiT  layer  was  grown  by  pulsed  laser  deposition 
(PLD)  technique  using  248  nm  line  of  a  KrF  excimer  laser  at  a  pulse  repetition  rate  of  5 
Hz  with  a  laser  pulse  energy  density  of  2  J/cm2.  The  conducting  150  nm  thick  epitaxial 
LNO  film,  deposited  on  an  epitaxial  buffer  layer  stake  consisting  of  Ce02/YSZ  on  (100) 
oriented  crystalline  silicon,  was  used  as  a  template  to  favor  epitaxial  growth  of  the  BBiT 
film.  Details  of  film  deposition  and  its  structural  and  electrical  characterization  have  been 
described  elsewhere  [3]. 

The  Raman  measurements  were  carried  out  using  a  Jobin-Yvon  T64000  Raman 
microprobe  and  detected  by  liquid  nitrogen  cooled  CCD  detector.  The  514.5  nm  radiation 
with  power  of  30  mW  from  a  Coherent  Innova  99  Ar+  laser  was  focused  to  2pm  diameter 
area  using  a  Raman  microprobe  with  80X  eyepiece.  Typical  values  of  the  slit  widths  were 
200  pm  for  the  entrance  slit,  27  mm  for  the  first  intermediate  slit,  and  200  pm  for  the 
second  intermediate  slit.  The  spectral  resolution  of  the  Raman  system  with  1800  gr/mm 
grating  and  one  inch  CCD  was  less  than  1  cm'1.  The  peak  position  and  full  width  at  half 
maximum  (FWHM)  of  Raman  lines  were  determined  by  fitting  a  phonon  function  with 
appropriate  bose  factor  using  commercially  available  PeakFit  program.  A  mini-cryostat 
from  MMR  based  on  Joule-Thomson  effect  was  used  for  temperature  measurements  in 
the  range  70-550  K  with  temperature  stability  better  than  IK.  A  microscope  compatible 
resistance  heating  stage  was  used  for  temperature  above  550  K. 

RESULTS 

Fig-1  shows  scanning  electron  micrograph  of  a  BBiT  film.  The  SEM  images  show 
high  density  of  mostly  rectangular-shaped  microcrystallites  that  are  arranged  with  long- 
axis  along  two  orthogonal  directions  on  the  substrate  plane.  In  some  other  regions  of  the 
film  the  crystallite  density  is  smaller  and  the  surface  has  a  smoother  morphology.  Similar 
surface  morphology  was  also  seen  on  BBiT  films  examined  by  atomic  force  microscopy 
[3].  The  AFM  images  also  revealed  that  the  crystallites  are  protruding  out  of  the  smooth 
surface  from  the  region  that  inhabits  rectangular-shaped  crystallites.  It  was  further 
inferred  from  the  TEM  cross-section  (XTEM)  images  that  the  crystallites  protruding  out 
of  the  surface  are  at-oriented  whereas  the  smooth  surface  regions  are  entirely  consisting 
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Fig.  1  Scanning  electron  micrograph  of 
a  BBiT  film  showing  rectangular 
crystallites  arranged  on  the  surface  with 
long  axis  along  two  orthogonal 
directions. 


of  c-axis  oriented  crystallites.  Furthermore,  the  XTEM  images  indicate  that  the  BBiT 
films  have  bimodal  sublayer  structure.  The  lower  sublayer,  directly  on  the  LNO 
electrode,  consists  entirely  of  c-axis  oriented  crystallites  while  the  upper  sublayer  consists 
predominantly  of  araxis  oriented  crystallite  submerged  in  a  c,-axis  oriented  matrix. 

Fig.  2  shows  normalized  Raman  spectra  taken  from  three  different  regions  of  the 
BBiT  film,  the  normalization  is  done  with  the  intensity  of  521  cm'1  line  of  the  silicon 
substrate.  Apart  from  small  intensity  variation,  the  Raman  spectra  from  these  regions 
have  common  general  features.  These  regions  have  different  surface  morphology  as  seen 
in  the  SEM  images.  From  the  surface  with  smoother  surface  morphology,  the  Raman 
scattering  efficiency  is  larger,  Fig  2  (c),  than  from  those  surfaces  with  high  density  of 
crystallites,  and  rough  surface  morphology  Fig  2  (a)  and  (b).  For  the  psuedo-tetragonal 
symmetry  (D4h)  the  contribution  to  the  light  scattering  in  the  Y(ZZ)Y  configuration 
comes  from  phonons  of  Aig  symmetry  while  in  the  Y(XZ)Y  configuration  gives 
contribution  from  phonons  of  Eg  symmetry. 


Fig.2  Normalized  Raman  spectra  from  a 
BBiT  film  taken  from  regions  with 
smooth  surface  (a)  to  increasing  surface 
roughness  (b)  and  (c). 


Fig.  3  Polarized  Raman  spectra  from  a 
BBiT  film.  The  light  propagation  is 
parallel  to  the  plane  of  the  surface. 
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In  Fig.  3  we  shows  the  polarization  dependence  of  Raman  spectra  from  BBiT.  The 
propagation  direction  of  the  light  does  not  coincide  with  the  crystal  axis,  therefore 
leakage  of  phonons  of  different  symmetries  is  possible.  The  figure  shows  that  the 
participating  phonons  primarily  have  A i g  and  Eg  symmetries. 

The  Raman  lines  are  generally  very  broad  with  the  exception  of  low  frequency  line  at 
51  cm' .  Low  frequency  mode  around  58  cm'1  has  been  observed  in  many  Bi-layer 
perovskite  oxides  such  as  SrBi2Ta209  (n=2),  BlfTfeOu  (n=3),  and  (MBi4Ti4015)  (n=4), 
M-  Ca,  Pb,  Sr  and  Ba  [2,9],  Common  to  all  these  layered  oxides  is  (Bi202)2+  layer,  the 
interleaved  perovskite-like  layers  mass  and  chemical  composition  seem  to  have  little 
effect  on  the  low  frequency  mode.  It  is  therefore  conceivable  to  assign  the  low  frequency 
mode  to  the  vibration  Bi-0  in  the  (Bi202)2+  layer.  Comparing  with  bismuth  based 
cuparate  superconductors  [10],  which  has  a  similar  layer  structure,  the  eigen  vectors 
corresponding  to  the  low  frequency  mode  may  arise  from  the  bismuth  displacements 
perpendicular  to  the  (Bi202)2+  layer  with  Alg  symmetry. 

The  main  features  of  the  spectrum  above  150  cm'1  and  located  at  about  275,  560  and 
883  cm  arise  from  the  vibration  of  TiO^  octahedra.  These  bands  exhibit  a  systematic 
shift  with  the  number  n  of  perovskite-like  layers  and  on  cation  substitution  with  in  the 
octrahedra  in  Bi-layered  oxide  materials.  With  increasing  n,  the  modes  corresponding  to 
the  vibration  of  oxygen  atoms  shift  towards  higher  frequencies  for  an  identical  B06 
octrahedra.  When  the  B  site  is  replaced  by  a  lighter  mass  cation,  the  frequency  again 
shifts  to  higher  values  as  a  result  of  lower  reduced  mass  for  a  given  member  of  Bi-layer 
family.  These  trends  and  assignments  of  prominent  A]g  and  Eg  modes  are  summarized  in 
the  Table-I.  The  symmetiy  representations  customarily  have  been  referred  to  the  high 
temperature  tetragonal  phase.  Based  on  these  trends  we  assign  higher  frequency 
vibrational  modes  in  BBiT. 

The  mode  at  883  cm'1  is  an  Aig  mode  due  to  symmetric  stretching  of  Ti06  octrahedra. 
Corresponding  situation  for  Bi4Ti30j2  (n=3)  single  crystal  is  an  expected  low  value  of 
845  cm'1.  The  other  modes  at  273  cm'1  and  560  cm'1  are  Eg  modes  involving  apical 
oxygen  atoms  of  the  octrahedra  in  the  xy-plane  and  are  two-fold  degenerate.  Their 
corresponding  shift  with  respect  to  BiT  (n=3)  is  smaller  than  AJg  modes.  The  Eg  modes 


Fig.  4  Temperature  dependent  Raman  spectra  from  a  BBiT  film. 
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are  expected  to  show  splitting  due  to  orthorhombic  distortion  particularly  at  lower 
temperatures.  All  the  observed  Raman  modes  are  broader  compared  to  BiT  owing  to  high 
structural  and  chemical  disorder  in  BBiT. 

Temperature  dependent  Raman  spectra  are  shown  in  Fig.  4.  The  low  frequency  mode 
at  51  cm'1  is  insensitive  to  the  temperature  variation.  This  is  a  common  feature  observed 
in  many  Bi-layered  oxides  even  near  the  phase  transition  temperatures.  Both  Aig  and  Eg 
modes  exhibit  frequency  shift  towards  lower  side  with  increasing  temperature.  Such  a 
shift  is  expected  from  increased  lattice  constant  at  higher  temperature.  No  clear  splitting 
of  the  Eg  mode  at  273  cm'1  was  observed  though  some  structure  around  this  mode  is  seen 
at  70K.  The  oscillator  strength  of  A\g  and  Eg  modes  decreases  continuously  while  a  broad 
feature  at  750  cm'1  gains  strength  with  temperature.  At  773K,  the  diminishing  strength  of 
Alg  mode  at  874  cm'1  and  appearance  of  a  well  defined  mode  at  780  cm'r  indicates  a 
possible  onset  of  structural  phase  transition  in  BBiT. 


Table-I  Raman  frequencies  of  prominent  Aig  and  Eg  modes  in  Bi-layer  oxides  with  n=2, 
3  and  4  at  room  temperature. 


Symmetry 

Assignment 

n  =  2 

n  =  3 

n  =  4 

Bi2SrTa2C>9 

BuTriOtf 

BaBriTijOis 

Ref.  1 1 

Ref.  8 

Present  work 

Aig 

Bi  z-axis  vibration 

59 

— 

51 

Ee 

Bi  x(y)-axis  vibration 

130 

— 

— 

Ec 

B,  x(y)-axis  vibration 

163 

— 

153 

Aig 

B,  z-axis  vibration 

210 

224 

223 

Ee 

O,  x(y)-axis  vibration 

242 

260 

273 

Ee 

O,  z-axjs  vibation 

370 

409 

395 

Ee 

O,  x(y)-axis  vib.in  phase 

427 

... 

— 

Ee 

0,x(y)-axis  vib.out  of  phase 

516 

530 

560 

Ale 

O,  z-axis  vib.  in  phase 

600 

— 

AlS _ 

0, z-axis  vib.out  of  phase 

811 

,  845 

883 

CONCLUSIONS 

We  have  carried  out  Micro-Raman  measurements  on  epitaxially  grown  BaBUTLjOis 
(BBiT)  grown  on  epitaxial  conducting  LaNi03  electrodes  on  (100)  silicon  by  pulsed  laser 
deposition.  The  Raman  spectrum  reveals  a  sharp  low-frequency  mode  at  50  cm'1  along 
with  broad  high-frequency  modes  mainly  corresponding  to  the  lattice  vibrations  of  TiO$ 
octahedra.  Both  c-axis  oriented  regions  and  a-axis  oriented  regions  have  broad  Raman 
features  that  are  insensitive  to  the  crystallographic  orientations.  The  polarization 
dependence  shows  that  these  features  have  A)g  and  Eg  symmetries.  Tentative  mode 
assignments  were  based  on  the  trends  in  Raman  spectrum  from  Bi-layer  oxides  with 
lower  n  values.  No  temperature  dependence  of  low  frequency  modes  is  seen  upto  773  K 
the  mixed  oriented  regions. 
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ABSTRACT 

Epitaxial,  ferroelectric  Ba2Bi4Ti50i8  films  grown  on  LaNi03/Ce02/Zr02:Y203  epitaxial  lay¬ 
ers  on  Si(100)  are  investigated  by  cross-section  high-resolution  transmission  electron  micros¬ 
copy  (HRTEM).  The  films  are  perfectly  oriented  and  consist  of  well-developed  grains  of  rectan¬ 
gular  shape.  The  grain  boundaries  are  strained  and  contain  many  defects,  especially  a  new  type 
of  defect,  which  can  be  described  as  a  staircase  formed  by  repeated  lattice  shifts  of  A  ~  c/12  « 
4.2  A  in  the  [001]  direction.  This  repeated  shift  results  in  seemingly  bent  ribbons  of  stacked 
Bi202  planes,  involving,  however,  individual  Bi202  planes  which  remain  strongly  parallel  to  the 
(001)  plane.  These  defects  contain  an  excess  of  bismuth.  Other  defects  found  in  the  grain  interior 
include  mistakes  in  the  stacking  sequence  originating  from  the  presence  of  single,  well-oriented, 
non-stoichiometric  layers  intergrown  with  the  stoichiometric  Ba2Bi4TisOi8  film  matrix. 

INTRODUCTION 

Ferroelectric  thin  films  of  bismuth-layer  compounds  like  SrBi2Ta209  gain  more  and  more 
importance  in  view  of  their  relevance  to  the  development  of  non-volatile  ferroelectric  random 
access  memories  [1],  They  are  advantageous  over  usual  perovskite  materials  in  that  they  do  not 
suffer  from  fatigue  [2,3].  Though  memories  made  of  polycrystalline  SBT  films  are  already  in 
use,  the  integration  of  Bi-layer  type  ferroelectric  films  into  the  silicon  technology  remains  a 
challenge.  The  growth  of  epitaxial  Bi-layer  films  on  Si  substrates  is  significant,  because  they  al¬ 
low  fundamental  and  applied  studies  to  be  performed  in  order  to  probe  the  properties  of  these  un¬ 
conventional  materials.  As  part  of  our  studies  of  the  structure-property  relationships  of  various 
Bi-layer  type  ferroelectric  films,  like  Bi4Ti30]2,  SrBi2Ta209,  or  BaBi4Ti4Oi5  [4-6],  we  have  pre¬ 
pared  epitaxial  Ba2Bi4Ti50i8  films  on  LaNi03  electrodes  on  Ce02/Y SZ-buffered  Si(100)  and 
studied  their  ferroelectric  and  dielectric  properties  [7,8],  Here  we  report  on  cross-section 
HRTEM  investigations  of  these  films,  with  a  strong  emphasis  on  the  lattice  defects  found. 

Ferroelectricity  in  the  compound  Ba2Bi4Ti50ig  had  been  reported  as  early  as  in  1962  [9].  Ac¬ 
cording  to  this  work,  the  compound  crystallizes  in  the  tetragonal  space  group  I4/mmm  with  the 
lattice  parameters  at  =  3.88  A  and  ct  =  50.3  A.  Though  the  ferroelectric  phase  might  indeed  be 
orthorhombic,  here  we  are  keeping  to  that  structure.  To  our  knowledge,  there  are  no  reports  on 
epitaxial  Ba2Bi4Ti50is  films  in  the  literature,  except  preliminary  information  given  in  our  two 
recent  papers  [7,8].  HRTEM  investigations  of  lattice  defects  in  bismuth-layer  type  perovskites 
have  been  performed  rather  rarely.  Suzuki  et  al.  [10]  revealed  twin  domains  and  wavy  c/6  trans¬ 
lational  boundaries  in  (001)-  and  (1 16)-oriented  SrBi2Ta209  films.  In  our  Ba2Bi4Ti5Oi8  films, 
similar  types  of  defects  involving  shifts  by  A  ~  ct/12  along  [001]  are  present,  as  described  below. 

EXPERIMENTAL 

The  YSZ  and  Ce02  buffer  layers,  the  LaNi03  (LNO)  electrode  layer,  and  the  ferroelectric 
Ba2Bi4Ti5Oi8  thin  film  were  all  deposited  by  pulsed  laser  deposition  (PLD)  in  a  UHV  system. 
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All  layers  were  deposited  in  one  single  run  without  breaking  the  vacuum.  A  KrF  excimer  laser 
(X  =  248  nm)  was  used  at  a  repetition  rate  of  5  or  10  Hz  and  pulse  energy  densities  on  the  target 
around  3  J/cm2.  Deposition  temperatures  were  700  °C  (YSZ)  and  675  °C  (Ce02,  LNO,  and 
Ba2Bi4Ti5Oi8),  and  the  depositions  were  performed  in  an  oxygen  atmosphere  of  10'2  mTorr  for 
YSZ,  300  mTorr  for  LNO  and  100  mTorr  for  Ce02  and  Ba2Bi4Ti5Oi8.  Film  thicknesses  were 
1 10  nm  (YSZ),  70  nm  (Ce02),  170  nm  (LNO),  and  180  nm  (Ba2Bi4Ti50]8),  respectively.  Further 
details  of  the  deposition  procedure  can  be  found  in  Refs.  [7,8], 

After  deposition,  the  samples  were  cut  into  several  pieces  used  for  the  electrical  measure¬ 
ments  [7],  X-ray  diffraction,  scanning  electron  microscopy,  and  scanning  force  microscopy 
analyses  [8],  and  for  the  present  HRTEM  investigations,  respectively.  Cross-section  samples 
were  prepared  along  (100)t  and  (110),  planes  using  the  method  of  Ref.  [11],  and  the  HRTEM  in¬ 
vestigations  were  performed  in  a  Jeol  4000  EX  microscope.  (Index  t  indicates  the  tetragonal  de¬ 
scription  of  the  unit  cell  of  Ba2Bi4Ti50]8). 

RESULTS 


Morphology  and  orientation  of  the  films 


SEM  images  revealed  that  the  Ba2Bi4Ti50)8  films  consist  of  grains  of  almost  rectangular 
shape  (‘tiles’)  with  lateral  dimensions  between  0.2  and  0.5  pm.  The  edges  of  the  tiles  were  all 
parallel  to  one  of  two  mutually  perpendicular  orientations  indicating  the  epitaxy  [7,8].  TEM 
plan-view  images  (not  shown  here)  revealed  that  the  tile  boundaries  are  strained  and  contain 
many  defects.  By  X-ray  diffraction  0—20  scans  and  O— 'F  pole  figures  the  perfect  epitaxy  of  all 
the  layers  of  the  overall  film  system  was  proven  [7,8].  From  these  investigations,  the  following 
orientation  relationships  were  deduced  (index  ‘pc’  indicates  the  pseudo-cubic  indexing  of  LNO): 

Ba2Bi4Ti5018  (001)  II  LNO  (100)pc  II  Ce02  (100)  II  YSZ  (100)  I!  Si(100); 

Ba2Bi4Ti5018  [100],  II  LNO  [100]pc  II  Ce02  [1 10]  II  YSZ  [1 10]  II  Si[l  10]. 


Fig.  1  shows  shows  the  entire  Si/YSZ/Ce02/LN0/Ba2Bi4Ti5018  film  system,  revealing  that 
all  the  interfaces  are  plane  and  that  the  individual  films  of  the  system  have  homogeneous  thick¬ 
nesses  and  morphologies.  While  the  LNO  film  consists  of  very  narrow  columns,  the 

Ba2Bi4Ti50,8  film  reveals  the  large  tiles 
known  from  the  SEM  images.  The  tile  bounda- 


Fig.l  Overview  micrograph  showing  the  entire 
Si/YSZ/Ce02/LN0/Ba2Bi4Ti50,8  film  system. 
Electron  beam  direction  is  [  1 00],. 


Fig.  2  Cross-section  HRTEM  overview 
micrograph  of  one  tile.  Horizontal  lines 
represent  the  Bi202  layers  of  Ba2Bi4Ti50|8. 
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ries  (see  arrows)  are  rather  flat,  extend  from  the  bottom  to  the  top  of  the  I^BuTisOis  film  and 
most  of  them  are  approximately  perpendicular  to  the  film  plane. 


Defects  at  the  tile  boundaries 


Fig.  2  (see  previous  page)  shows  an  enlarged  view  of  the  tile  boundaries  shown  in  Fig.  1.  In 
the  tiles,  a  pattern  of  almost  horizontal  dark  and  bright  lines  is  visible,  with  a  separation  of  2.5 
nm.  This  separation  obviously  corresponds  to  the  distance  of  Vi  ct=  25.15  A  between  two  Bi202 
layers  in  the  unit  cell.  Due  to  the  overall  epitaxial  (001)  orientation  of  the  Ba2Bi4Ti50i8  film,  the 
Bi202  layers  are  parallel  to  the  (001)  plane  and  thus  extend  horizontally  in  the  tile  interior.  Near 
the  tile  boundary,  however,  the  Bi202  layers  seem  to  be  bent  upwards,  as  indicated  by  a  pair  of 
curved  black  ink  lines  on  each  side  of  the  left  tile  boundary.  Fig.3  shows  a  HRTEM  micrograph 
from  an  area  near  the  two  curved  ink  lines  of  Fig.  2.  Here,  the  Bi202  layers  manifest  themselves 
as  sharp  black  lines  running  parallel  to  the  horizontal  edges  of  the  image  and  being  embedded  in 
a  bright  surrounding,  which  results  in  a  broad  bright  ribbon  with  a  white/black/white/black/white 
fine  structure.  Near  the  left  and  right  rims  of  the  image,  these  bright  ribbons  run  parallel  to  the 
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Fig.4  Structure  model  of  the  staircase-type 
defects  near  the  tile  boundaries.  Viewing 
direction  is  [100]t.  See  Fig.5  (below)  for  the 
designation  of  the  symbols. 


horizontal  edges  of  the  image.  But  near  the 
tile  boundary  they  are  clearly  bent  up¬ 
wards.  The  sharp  black  lines  do,  however, 
not  follow  the  bending  of  the  bright  rib¬ 
bons,  but  rather  keep  running  horizontally. 
Obviously,  the  Bi202  layers  on  the  atomic 
scale  remain  parallel  to  the  overall  (001) 
crystal  plane  even  in  those  regions,  where 


Fig.3  Detail  of  Fig.  2.  The  Bi202  planes,  visu-  bons,  but  rather  keep  running  horizontally, 

alized  as  sharp  black  lines,  remain  strongly  Obviously,  the  Bi202  layers  on  the  atomic 

parallel  to  the  (001)  plane,  even  in  the  bent  scale  remain  parallel  to  the  overall  (001) 

regions  of  the  bright  ribbons.  crystal  plane  even  in  those  regions,  where 

the  bright  ribbons  bend  upwards.  This  apparent  bending  of  the  ribbons  is  caused  by  a  repeatedly 
occurring  small  shift  of  the  Bi202  layers  in  the  [001]  direction,  forming  an  overall  staircase-like 
pattern.  The  magnitude  of  the  shift  is  close  to  4.2  A  =  ct/12.  As  a  consequence  of  the  shift  of  the 
Bi202  layers,  the  perovskite  blocks  are  also  shifted  in  the  [001]  direction.  Strictly  speaking  the 
term  ‘shift’  is  not  correct,  because  no  discrete  shift  along  a  well-defined  habit  plane  occurs. 
Rather  two  or  three  adjacent  ‘steps’  of  the  staircase  are  overlapping.  A  model  of  this  staircase¬ 
like  overlap  was  derived  from  the  structure  model  of  Ba^UTisOis  (shown  in  Fig.  5,  below)  and 
is  displayed  in  Fig.  4.  The  locally  occurring  overlap  of  two  or  more  adjacent  Bi202  layers  seen  in 
Fig.  4  is  equivalent  to  a  local  bismuth  excess,  i.e.  it  indicates  a  local  deviation  of  the  composition 
from  the  overall  stoichiometry  of  the  Ba2Bi4Ti5Oi8  film.  Hence,  the  tile  boundaries  are  bismuth- 
rich. 
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Structure  images  along  [1001  and  flXOl  directions 
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Fig.5  Schematic  of  the 
crystal  structure  of 
Ba2Bi4Ti50i8,  seen  along 
the  [100],  and  [110],  di¬ 
rections,  respectively. 
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Fig.6  HRTEM  structure 
images  (noise-filtered) 
of  the  Ba2Bi4Ti50i8 
film,  seen  along  the 
[100],  and  [110],  direc¬ 
tions,  respectively.  For 
the  inset,  see  the  text. 


Fig.  5  shows  the  crystal 
structure  of  Ba2Bi4Ti50|8, 
seen  along  the  [100],  and 
[110],  directions,  respec- 
E  tively.  This  schematic  has 
been  calculated  using  the 
atom  positions  given  in 
Ref.  [9],  Four  perovskite 
units  with  the  overall 
composition  ([Ba2Bi2]Ti5 
O i6)”  are  stacked  bet¬ 
ween  two  (Bi202)++  dou¬ 
ble  layers.  The  latter  ex¬ 
tend  along  the  (001) 


planes  of  the  crystal  structure  with  a  separation  of  l/z  c,  =  25.15  A.  Experimental  structure  images 
along  [100],  and  [110],  are  shown  in  Fig.  6,  together  with  inserted  structure  images  and  a  simu¬ 
lated  image  (insert  on  top  of  the  upper  image).  Note  that  Fig.  6  is  rotated  by  90°  with  respect  to 
Fig.  5.  There  is  a  perfect  correspondence  between  the  simulated  and  the  experimental  images. 


Defects  in  the  interior  of  the  tiles 


Fig.7  HRTEM 
cross-section  im¬ 
age  of  a  single 
layer  with  only 
three  perovskite 
blocks  between 
the  Bi202  layers 
inserted  into  the 
Ba2Bi4Ti50|8 
film  matrix. 
Beam  direction 
is  [110],. 


TEM  pi  an- view  and  cross-section  overview  images  (not  shown)  revealed  a  much  lower  den¬ 
sity  of  lattice  defects  inside  the  tiles  compared  to  the  tile  boundaries.  The  prevailing  type  of  de¬ 
fects  inside  the  tiles  were  mistakes  in  the  stacking  sequence  originating  from  the  intergrowth  of 
single,  well-oriented,  non-stoichiometric  layers  within  the  stoichiometric  Ba2Bi4Ti5Ol8  film  ma- 
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trix.  In  particular,  layers  having  only  three  perovskite  blocks  (instead  of  four)  between  the  Bi202 
layers  were  found.  This  is  equivalent  to  the  composition  BaBi4Ti4Oi5.  This  phase  is  also  ferro¬ 
electric,  and  epitaxial  films  of  it  have  been  grown  as  reported  in  Ref.  [4].  On  the  right  of  Fig.  7 
such  a  single  BaBi4Ti4Oi5  layer  is  shown  embedded  in  the  Ba2Bi4Ti5Oi8  surrounding.  The  in¬ 
serted  computed  structure  schematics  of  Ba2Bi4TisOi8  (left)  and  BaBi4Ti40is  (right)  demonstrate 
that  the  single  layer  is  characterized  by  three  (instead  of  four)  perovskite  blocks. 

In  those  places  of  the  lattice,  where  the  intergrown  layers  end,  characteristic  transition  struc¬ 
tures  form.  An  example  is  shown  in  Fig.  8.  Here,  layers  with  three  perovskite  blocks,  designated 
by  ‘3’  and  located  left  and  right  outside  the  image,  transform  into  a  Ba2Bi4Ti5Oig  layer  having 
four  perovskite  blocks,  designated  by  ‘4’.  The  step-like  transition  region  is  characterized  by  a 
structure  (Fig.  9),  which  is  most  similar  to  the  individual  steps  of  the  staircase-like  defects  in  the 
tile  boundaries  as  already  shown  in  Figs.  3  and  4.  Again,  a  bismuth-rich  region  characterized  by 
a  shift  of  A  »  ct/12  along  [001]  is  formed. 
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Fig.9  Schematic  of  the  transition  re¬ 
gion  between  layers  of  different  num¬ 
ber  of  perovskite  blocks  between  the 
Bi202  layers.  Electron  beam  direction 
is  [1 10]  t.  For  the  meaning  of  the  sym¬ 
bols,  see  Fig.5. 


Fig. 8  Transition  regions  between  BaBi4Ti40is  and 
Ba2Bi4Ti50ig  layers  seen  along  the  [1 10]t  direction. 
Arrows  indicate  the  Bi202  layers. 


DISCUSSION  AND  CONCLUSIONS 

The  observed  defects  are  all  characterized  by  mistakes  in  the  stacking  sequence  correspond¬ 
ing  to  lattice  shifts  along  the  [001]  direction  by  an  amount  of  A  =  ct/12.  In  this  respect  they  are 
similar  to  the  c/6  translational  boundaries  observed  by  Suzuki  et  al.  in  epitaxial  SrBi2Ta209  films 
[10].  However,  the  schematic  Figures  4  and  9  demonstrate  that,  at  least  in  our  case,  these  defects 
are  carrying  an  excess  of  bismuth.  In  particular  the  tile  boundaries  seem  to  be  Bi-rich.  What  can 
be  the  origin  of  this  Bi  excess? 

It  is  known  that  an  (accidental  or  adjusted  at-will)  excess  of  Bi  during  the  growth  of  a  Bi- 
containing  complex  oxide  thin  film  is  either  desorbing  from  the  surface  of  the  growing  film,  or  is 
being  driven  towards  the  final  film  surface  by  the  moving  free  surface  of  the  film.  This  behav¬ 
iour  of  excess  Bi  is  a  consequence  of  its  high  volatility,  and  it  is  known  from  the  growth  of  high- 
Tc  superconducting  Bi-Sr-Ca-Cu-0  thin  films.  Though  PLD  is  generally  considered  to  provide  a 
stoichiometric  transfer  of  the  target  to  the  growing  thin  film,  a  Bi  excess  may  have  occurred  due 
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to  non-optimal  deposition  parameters. 

Considering  the  facts  that  our  E^B^TisOig  films  consist  of  individual  rectangular-shaped, 
epitaxial  grains  (tiles)  and  that  these  grains  are  in  fact  columns  extending  from  the  bottom  to  the 
top  of  the  film,  it  is  reasonable  to  assume  that  during  an  early  stage  of  film  growth  these  grains 
were  separated  islands,  i.e.  islands  that  were  not  in  contact  with  each  other.  If  now  a  Bi  ecxess 
was  indeed  present  during  film  growth,  it  may  have  been  driven  to  the  surface  of  the  growing 
islands,  i.e.  both  to  their  upper  surface  and  to  their  side  walls.  Consequently,  under  the  Bi-rich 
conditions,  the  defects  forming  during  later  coalescence  at  the  tile  boundaries  have  not  only  to 
accommodate  different  stacking  sequences,  originating  from  the  individually  grown  separate  is¬ 
lands,  but  have  also  to  comply  with  the  bismuth  excess.  The  staircase-like  defects  of  Figs.  3  and 
4  are  obviously  an  answer  to  these  two  very  different  requirements:  They  are  able  to  accommo¬ 
date  differences  in  the  layer  stacking  sequence  between  two  former  islands,  and  simultaneously 
they  bind  the  excess  bismuth  by  incorporating  it  into  the  defect  structure,  keeping  the  perfect 
epitaxial  orientation. 

The  intergrowth  of  layers  having  the  “wrong”  number  of  perovskite  blocks  between  the  Bi202 
layers  is  a  phenomenon  already  known  from  epitaxial  films  of  the  high-Tc  superconductors  of 
the  Bi-Sr-Ca-Cu-O  system,  cf,  e.g.,  Ref.  [12].  The  transition  regions  between  layers  of  different 
number  of  perovskite  blocks  to  our  knowledge  have,  however,  not  been  visualized  before. 
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ABSTRACT 

Ba(Ti,Zr)03  thin  films  were  grown  hydrothermally  on  silicon  substrates  coated  with 
sputtered  a  Ti-34  at.%Zr  metallic  alloy  thin  film.  To  ensure  the  formation  of  Ba(Ti,Zr)03  under 
the  hydrothermal  conditions  at  150  °C,  the  concentration  of  the  Ba(OH)2  had  to  be  greater  than 
0.25  M.  Preliminary  capacitance  measurement  revealed  a  dielectric  constant  of  200  in 
Ba(Ti,Zr)03  films  of  approximately  320  nm.  The  formation  mechanism  is  discussed. 

INTRODUCTION 

The  processing  of  electronic  ceramics  is  a  rapidly  evolving  area  of  research  driven  by  a 
variety  of  applications  such  as  nonvolatile  memories,  dynamic  random  access  memories,  electro¬ 
optic  and  electro-mechanic  devices,  among  others  [1-3].  The  high  dielectric  constant  of  cubic 
(Ba,Sr)Ti03  makes  it  a  prospective  material  for  applications  where  no  ferroelecticity  is  required, 
e.g.,  volatile  memories  and  integrated  capacitors  [1].  A  recent  study  by  Hoffmann  and  Waser  [4] 
reported  that  Ba(Ti,Zr)03  is  a  potentially  better  candidate  as  a  high  permittivity  dielectric  for 
future  high-density  DRAMs  than  the  widely  studied  (Ba,Sr)Ti03. 

Hydrothermal  and  hydrothermal-electrochemical  methods,  which  were  first  developed  by 
Yoshimura  and  coworkers  [5,6]  in  1989,  are  increasingly  being  used  for  the  preparation  of 
ceramic  thin  films  [7-12].  These  methods  offer  the  advantages  of  simple  instrumentation,  high 
film  crystallinity,  low  preparation  temperature,  and  high  purity.  Moreover,  the  fabrication  of  the 
BaTi03  microstructures  by  the  combination  of  hydrothermal  and  lift-off  techniques  has  been 
reported  [13]. 

EXPERIMENTAL  PROCEDURE 

The  titanium-zirconium  alloy  film  was  deposited  onto  n-type  (100)  silicon  wafer  polished  on 
one  side  under  a  sputtering  pressure  using  DC  sputtering  with  1  Pa  Ar  under  a  DC  mode  (CrC- 
150  Sputtering  system.  Plasma  Sciences  Inc.,  Virginia,  USA).  The  prepared  structures  were  of 
the  form  Pt(500nm)\W-Ti(5nm)\Si(100)\W-Ti(5nm)\Pt(500nm)\Ti-Zr,  where  the  W-Ti  acted  as 
an  adherence  layer.  The  alloy  sources  with  a  purity  of  99.5  %  were  purchased  from  Pure  Tech 
Inc.  (New  York,  USA). 

The  alloy-coated  silicon  substrates  were  hydrothermally  reacted  in  a  450-ml  stainless-steel 
autoclave  (Buchi  AG,  Switzerland).  The  hydrothermal  treatment  consisted  in  submerging  the 
substrate  in  a  150  ml  Ba(OH)2  solution  in  a  300-ml  Tefelon  beaker,  prepared  from  high  purity 
Ba(0H)2-8H20  with  a  strontium  content  below  0.024  %  (Solvay  Bario  e  Derivati  S.p.A,  Italy). 
The  autoclave  was  sealed  and  heated  up  to  the  working  temperature  of  150  °C  in  40  min.,  where 
the  system  was  maintained  for  a  given  period  of  time.  In  order  to  study  the  evolution  of  the 
morphology  at  the  early  growth  stages,  a  few  samples  were  kept  over  the  solution  during  the 
heating  up  and  cooling  down  periods.  This  was  performed  by  submerging  the  substrate  into  the 
solution  only  when  the  working  temperature  of  150  °C  was  achieved,  and  pulling  it  out  of  the 
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solution  after  the  hydrothermal  treatment,  using  a  Pt  string  attached  to  the  sample  holder.  After 
the  system  was  cooled,  the  samples  were  rinsed  in  boiling  deionized  water,  acetone,  and  dried  by 
blowing  N2. 

The  products  were  characterized  by  x-ray  powder  diffraction  using  CuKa  radiation  at  40  kV 
and  30  mA  and  a  scan  rate  of  20  1 .2  °/min(Siemens  D5000).  The  film  morphology  was 
characterized  using  a  JEOL  JSM-25SII  scanning  electron  microscope  (SEM).  Film  thickness  and 
rugosity  were  measured  with  a  TENCOR  Alpha  step  500  profile  meter.  To  facilitate  the 
measurement  steps  were  fabricated  during  the  sputtering  of  Ti-Zr  onto  the  silicon  substrates. 

The  electrical  measurements  were  performed  on  metal/insulator/metal  (MIM)  structures 
fabricated  by  depositing  an  array  of  2.0-mm-diameter  Au  spots  through  a  shadow  mask  by 
evaporation  onto  the  Ba(Ti,Zr)03  film  surface  (top  electrode),  whereas  the  Pt  under  the  film  was 
the  bottom  electrode.  The  capacitance  measurements  were  performed  at  room  temperature  using 
an  Impedance  Analyzer  (Keithley  590  CV). 

RESULTS  AND  DISCUSSION 

Phase  Identification 

Pt 


Fig.  1 .  XRD  patterns  of  the  Ti-Zr  alloy  coated  on  silicon  substrates  after  hydrothermal  treatments 
in  Ba(OH)2  aqueous  solutions:  (a)  untreated;  (b)  0.25  M,  8  h;  (c)  0.5  M,  2  h;  (d)  0.5  M,  4  h. 

After  hydrothermal  treatments  the  smooth  and  mirrorlike  surface  of  the  films  exhibited 
colors  varying  from  slight  yellow,  blue,  and  purple,  to  dark-gray  as  the  treatment  progressed  in 
time.  Figure  1  shows  the  XRD  patterns  of  the  samples  after  different  hydrothermal  treatments. 
Cubic  crystalline  Ba(Ti,Zr)03  films  with  no  preferred  orientations  formed  after  the  hydrothermal 
treatment.  At  lower  Ba(OH)2  concentration  (0.25  M),  even  with  8  hours  treatment,  the  film  was 
only  slightly  crystallized,  as  shown  in  the  curve  b  where  only  the  (01 1)  reflection  could  be 
detected  in  the  XRD  pattern.  This  is  consistent  with  the  results  of  Alvarez  et.  al.  [14]  reporting 
that  the  Ti-Zr  alloy  film  treated  hydrothermally  in  0.25  M  Ba(OH)2  at  150  °C  exhibited  only 
partial  reaction. 
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Using  a  higher  Ba(OH)2  concentration  of  1  M,  a  relatively  short  reaction  time  is  sufficient  to 
grow  a  highly  crystallized  film.  However,  in  this  case,  the  film  is  more  prone  to  be  contaminated 
with  BaC03,  which  is  the  product  from  the  reaction  of  the  residual  solution  on  the  film  and 
atmospheric  C02.  A  concentration  of  0.5  M  seems  to  be  appropriate  for  the  hydrothermal 
treatment. 

Microstructure  Evolution 


Fig.2.  Scanning  electron  micrographs  of  the  films  hydrothermally  prepared  from  0.25  M 
Ba(OH)2  at  150  °C  for  different  treatment  times:  (a)  2  h;  (b)  8  h.  White  bar  =  1  pm. 

Figure  2  shows  the  scanning  electron  micrographs  of  the  films  prepared  in  0.25  M  Ba(OH)2 
with  different  treatment  times.  The  reaction  is  only  slight  at  this  dilute  concentration,  and 
increasing  the  treatment  time  has  no  significant  influence  neither  on  the  particle  morphology  nor 
on  the  number  of  nuclei.  This  is  consistent  with  the  XRD  results,  and  also  with  the  well-known 
fact  that  the  formation  of  BaTi03  at  low  temperature  requires  highly  alkaline  solutions  (pH*14), 
as  indicated  by  the  phase  stability  diagram  of  the  Ba-Ti-H20  system  [11,15]  and  results  from 
other  authors  [16].  The  calculated  pH  value  of  a  0.25  M  Ba(OH)2  solution  is  about  13.7, 
assuming  that  the  Ba(OH)2  is  fully  disassociated.  The  actual  value  must  be  a  bit  smaller  due  to 
the  fact  that  additional  deionized  water  (about  1 0  ml)  was  added  between  the  autoclave  wall  and 
the  Teflon  beaker  to  ensure  a  good  thermal  conductivity  between  the  autoclave  wall  and  the 
Teflon  beaker.  During  the  experiment  and  due  to  the  different  vapor  pressures,  some  of  this 
water  migrates  to  the  solution.  It  should  also  be  pointed  out  that  the  pH  of  the  alkaline  solutions 
typically  decreases  with  temperature  due  to  the  temperature  dependence  of  the  dissociation 
constant  of  water.  The  actual  value  in  higher  temperatures  can  be  calculated  from  Debye-Hfickel 
Theory  [17]. 

Figure  3  shows  the  scanning  electron  micrographs  of  the  films  prepared  in  0.5  M  Ba(OH)2 
with  different  treatment  times,  depicting  the  early  evolution  of  the  Ba(Ti,Zr)03  nuclei  (Fig.  3a,  5 
min).  After  2  hours  of  reaction,  there  are  enough  Ba(Ti,Zr)03  nuclei  to  completely  cover  the 
surface  (Fig.  3b).  However,  further  interaction  between  the  substrate  and  the  solution  is  still 
occurring.  This  is  the  dissolution-recrystallization  process  that  generally  occurring  during  the 
hydrothermal  preparation  of  ceramic  powders  [18,19].  This  can  be  deduced  from  the  observation 
of  the  dissolution  (Fig.  3c)  and  the  recrystallization  (Fig.  3d)  of  the  Ba(Ti,Zr)03  crystallites. 
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Fig.  3.  Scanning  electron  micrographs  of  hydrothermally  prepared  films  in  0.5  M  Ba(OH)2  at 
150  °C  for  different  duration:  (a)  5  min;  (b)  2  h;  (c)  3.5  h;  (d)  4  h.  White  bar  =  1  pm. 

Thickness  Evolution 


Fig.  4.  Scan  profiles  around  fabricated  steps  of  Ti-Zr  alloy  coated  on  silicon  substrate  (a)  before 
and  after  hydrothermal  treatment  in  0.5  M  Ba(OH)2  at  150  °C  for  (b)  4  h  and  (c)  8  h. 

Figure  4  shows  scan  profiles  around  the  fabricated  steps  of  Ti-Zr  coated  on  a  silicon  substrate 
before  and  after  the  hydrothermal  treatments.  The  untreated  Ti-Zr  film  was  of  ca.  70  nm  thick 
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with  an  RMS  roughness  ca.  5  nm,  the  film  after  4  hours  treatment  in  0.5  M  Ba(OH)2  at  150  °C 
was  of  ca.320  nm  thick  with  a  RMS  roughness  ca.30  nm,  while  the  film  after  8  hours  treatment 
under  the  same  condition  was  of  ca.  280  nm  thick  with  a  RMS  roughness  ca.  1 8  nm.  The 
thickness  and  roughness  decreased  in  a  film  treated  for  4  hours  to  one  treated  for  8  hours  could 
be  a  result  of  further  dissolution-recrystallization  as  has  been  mentioned  in  the  former  section. 

Electrical  Properties 

Preliminary  electrical  measurement  revealed  a  dielectric  constant  of  ca.  200  for  the  ca.  320 
nm  hydrothermal  Ba(Ti,Zr)03  film  fabricated  in  0.5  M  Ba(OH)2  at  150  °C  for  4  h.  One  reason  for 
the  relatively  low  dielectric  constant  may  be  the  incompleteness  of  the  reaction  as  indicated  by 
XRD  (Fig.l)  and  by  the  AES  depth  profile,  which  will  be  detailed  elsewhere  [20].  The  other 
reason  should  be  the  unavoidable  incorporation  of  water  or  OH'  in  the  film,  as  observed  in 
hydrothermal  BaTi03  films  [21,22].  Several  groups  reported  that  a  proper  annealing  could 
improve  the  electrical  properties  of  the  latter  [23-25]. 

Growth  Mechanism 

The  kinetic  studies  necessary  to  determine  the  rate-limiting  step(s)  specific  to  the  formation 
of  Ba(Zr,Ti)03  films  have  not  yet  been  performed.  However,  based  on  a  knowledge  of  the 
corrosion  behavior  of  titanium  [26,27]  and  zirconium  [28],  the  hydrothermal  synthesis  of  BaTi03 
[19,29,30],  BaZr03  [8],  and  the  current  work,  a  film  formation  mechanism  is  proposed  that 
accommodates  both  the  literature  and  this  data.  It  is  proposed  that  the  formation  of  Ba(Ti,Zr)03 
films  is  controlled  by  three  distinct,  but  interrelated,  processes: 

(1)  The  rapid  formation  of  either  a  (Ti,  Zr)  oxide  or  a  (Ti,  Zr)  hydrous  oxide  film,  whose 
crystallinity  and  composition  depend  on  the  alloy  composition,  the  solution  chemistry,  the 
atmosphere,  and  the  reaction  temperature. 

(2)  The  nucleation  of  fine  barium  zirconate  titanate  crystallites  on  the  surface  of  the  amorphous, 
metastable  Ti,Zr  oxide  film,  under  highly  alkaline  conditions,  and  their  further  growth  to 
constitute  an  insulating,  polycrystalline  film  of  barium  zirconate  titanate. 

(3)  Concurrent  with  2,  a  dissolution-recrystalization  process  should  occur  simultaneously. 
However,  at  the  early  stage  of  the  reaction,  the  nucleation  and  growth  is  the  controlling  step, 
while  at  the  later  stage  of  the  reaction,  the  dissolution  is  the  controlling  step. 

SUMMARY 

It  has  been  demonstrated  that  the  Ba(Ti,Zr)03  thin  films  could  be  prepared  from  the  Ti-Zr 
metallic  alloys  on  the  silicon  substrate.  For  the  Ti-34  at.%  Zr  alloy,  a  0.25  M  Ba(OH)2  aqueous 
solution  was  found  to  be  too  dilute  to  ensure  the  formation  of  Ba(Ti,Zr)03  at  150  C.  The 
relatively  low  dielectric  constant  (ca.  200)  of  a  ca.  320  nm  Ba(Ti,Zr)03  fabricated  in  0.5  M 
Ba(OH)2  for  4  hours  has  been  mainly  attributed  to  the  incompleteness  of  the  reaction  and  the 
incorporation  of  OH'  and  H20  in  the  film. 

The  formation  mechanism  was  proposed  as  (1)  Formation  of  the  (Ti,Zr)  oxide  or  hydrous 
oxide  film;  (2)  nucleation  and  growth  of  the  Ba(Ti,Zr)03  crystallites;  and  (3)  dissolution- 
recrystallization  of  the  Ba(Ti,Zr)03  crystallites. 
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PHASE  TRANSFORMATIONS  IN  SOL-GEL  PZT  THIN  FILMS 


D.P.  Eakin,  M.G.  Norton  and  D.F.  Bahr 

Mechanical  and  Materials  Engineering,  Washington  State  University,  Pullman,  WA  99164-2920 
ABSTRACT 

Thin  films  of  PZT  were  deposited  onto  platinized  and  bare  single  crystal  NaCl  using  spin 
coating  and  sol-gel  precursors.  These  films  were  then  analyzed  using  in  situ  heating  in  a 
transmission  electron  microscope.  The  results  of  in  situ  heating  are  compared  with  those  of  an 
ex  situ  heat  treatment  in  a  standard  furnace,  mimicking  the  heat  treatment  given  to  entire  wafers 
of  these  materials  for  use  in  MEMS  and  ferroelectric  applications.  Films  are  shown  to  transform 
from  amorphous  to  nanocrystalline  over  the  course  of  days  when  held  at  room  temperature. 
While  chemical  variations  are  found  between  films  crystallized  in  ambient  conditions  and  films 
crystallized  in  the  vacuum  conditions  of  the  microscope,  the  resulting  crystal  structures  appear  to 
be  insensitive  to  these  differences.  Significant  changes  in  crystal  structure  are  found  at  500  °C, 
primarily  the  change  from  largely  amorphous  to  the  beginnings  of  clearly  crystalline  films. 
Crystallization  does  occur  over  the  course  of  weeks  at  room  temperature  in  these  films. 
Structural  changes  are  more  modest  in  these  films  when  heated  in  the  TEM  then  those  observed 
on  actual  wafers.  The  presence  of  Pt  significantly  influences  both  the  resulting  structure  and 
morphology  in  both  in  situ  and  ex  situ  heated  films.  Without  Pt  present,  the  films  appear  to  form 
small,  10  nm  grains  consisting  of  both  cubic  and  tetragonal  phases,  whereas  in  the  case  of  the  Pt 
larger,  100  nm  grains  of  a  tetragonal  phase  are  formed. 

INTRODUCTION 

Lead  zirconate  titanate  (PZT)  at  compositions  near  the  morphotropic  phase  boundary, 
around  Pb(Zr0.52Tio.48)03,  are  readily  formed  using  sol-gel  or  solution  based  deposition  [1,4]. 
These  deposition  methods  rely  upon  depositing  the  material  in  a  solution  containing  the  proper 
precursor  elements  via  spin  coating,  with  subsequent  heat  treatments  on  the  substrate  -  film 
system.  Three  heat  treating  steps  are  often  used:  a  low  temperature  heat  (-100  °C)  is  sometimes 
used  to  remove  solvent  from  the  film;  a  higher  temperature  pyrolosis  step  (-350  °C)  removes  the 
organic  components;  and  a  high  temperature  (-700  °C)  heat  treatment  to  form  the  perovskite 
crystal  structure. 

Two  materials  dominate  the  literature  in  terms  of  substrates  for  PZT  thin  films  deposited 
via  solution  methods:  platinum  and  ruthenium  oxide  (Ru02)  coated  silicon  wafers.  It  has  been 
suggested  that  platinum  [5]  assists  in  the  formation  of  the  perovskite  crystal  structure,  either 
through  a  lattice  match  that  would  encourage  epitaxy  or  the  formation  of  secondary  phases  which 
behave  in  a  similar  manner.  Additionally,  the  chemical  composition  of  the  film  has  been  shown 
to  be  very  important  if  forming  the  perovskite  crystal  structure  [6].  Two  analytical  techniques 
have  been  used  in  other  studies  [7,8]  to  characterize  these  materials,  transmission  electron 
microscopy  (TEM)  and  x-ray  diffraction  (XRD).  While  there  have  been  studies  of  phase 
transformations  during  the  crystallization  process  using  XRD,  an  in  situ  TEM  heating  of  the 
pyrolyzed  material  would  allow  both  crystal  structure  and  morphology  to  be  directly  monitored 
in  these  thin  films,  in  much  the  same  way  which  in  situ  TEM  has  been  used  to  track  the 
crystallization  process  of  barium  titanate  thin  films  made  via  sol-gel  processing  [9].  Therefore, 
this  study  was  undertaken  to  examine  the  phase  transformations  which  occur  during  the 
crystallization  of  PZT  thin  films  with  and  without  the  presence  of  a  Pt  electrode.  Of  particular 
interest  is  the  ability  to  perform  in  situ  TEM  heating  experiments.  As  the  vacuum  conditions  in 
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the  TEM  differ  significantly  from  those  in  ambient  of  PbO  environments  (used  by  some 
researchers  to  promote  perovskite  formation  [6]),  the  differences  between  in  and  ex  situ  heat 
treatments  will  be  examined. 

EXPERIMENTAL  PROCEDURE 

Two  substrate  systems  were  chosen  for  PZT  deposition,  a  platinized  NaCl  single  crystal, 
and  a  bare  NaCl  single  crystal.  The  single  crystal  was  cleaved  from  a  large  single  crystal  to  form 
sections  approximately  1  cm  square  and  2  mm  thick.  Platinum  was  then  deposited  using  DC 
magnetron  sputtering  to  thicknesses  of  approximately  50  nm.  A  PZT  solution  containing  the 
proper  stoicheometry  of  Pb(Zr0.52Ti0.48)O3  and  containing  an  excess  of  10  mol  %  Pb  was  formed 
using  the  2-MOE  route  in  previously  published  methods  [1,10].  The  excess  Pb  is  present  to 
enhance  the  formation  of  the  tetragonal,  rather  than  cubic,  crystal  structure  [6].  This  solution 
was  spun  onto  the  salt  crystals  at  a  rate  of  4000  rpm  for  15  seconds.  Both  sets  of  crystals  were 
then  heated  to  90  °C  to  evaporate  solvent  and  350  °C  to  pyrolyze  the  film.  This  process  was 
repeated  twice  to  build  up  PZT  films  approximately  250  nm  thick.  The  films  were  removed 
from  the  salt  using  dissolution  and  lift  off  techniques,  and  captured  on  Au  TEM  grids. 

One  set  of  TEM  grids  was  then  subjected  to  the  same  heat  treatment  used  for  processing 
wafers;  they  were  placed  in  a  furnace  at  700  °C  for  15  minutes  at  temperature,  then  removed  and 
allowed  to  air  cool.  A  second  set  of  grids  was  used  to  examine  the  phase  transformations  in  the 
TEM.  A  Philips  CM  200  was  used  to  perform  the  in  situ  heating  of  the  grids  with  both  a 
platinum  and  no  platinum  substrate.  Samples  were  then  heated  using  a  Phillips  Heating  Stage 
grid  holder.  The  current  was  controlled  through  a  current  source  to  produce  the  resistive  heating. 
Current  was  slowly  increased  as  the  temperature  was  increased.  Bright  field  images,  diffraction 
patterns,  and  EDS  analysis  was  taken  at  temperatures  between  300  °C  and  700  °C,  at  100  °C 
intervals.  Once  the  sample  temperature  reached  700  °C,  the  sample  was  held  at  that  temperature 
for  30  minutes  to  observe  any  changes.  Bright  field  images  and  selected  area  diffraction  patterns 
were  taken  at  the  previously  mentioned  temperatures.  The  bright  field  images  provided  a  higher 
contrast  image,  assisting  in  recognizing  grain  nucleation  and  growth.  The  lattice  spacings  were 
evaluated  from  the  diffraction  patterns.  As  the  patterns  all  contain  multiple  grains,  no  effort  was 
made  to  determine  individual  grain  orientation.  Energy  Dispersive  Spectroscopy  (EDS)  was 
used  to  determine  relative  amounts  of  each  element  in  the  thin  films.  Multiple  readings  were 
taken  from  all  of  samples  to  observe  qualitative  changes  in  film  composition  with  the 
environment  of  the  heat  treatment. 

RESULTS 

As  deposited  pvrolvzed  films 

The  as  deposited  film  without  Pt  (the  bright  field  image  in  Figure  la  with  the 
corresponding  diffraction  patterns  in  Figure  lb  an  lc)  shows  an  interesting  time  dependent 
behavior.  When  films  were  examined  two  days  after  deposition,  primarily  amorphous  films  are 
observed.  However,  when  the  same  film  is  examined  three  weeks  later,  a  significant  amount  of 
crystallization  has  occurred.  Figure  lc  shows  the  diffraction  pattern  of  a  similar  film  in  Fig.  la 
after  three  weeks  of  storage  at  room  temperature.  Obviously,  it  is  possible  for  the  PZT  to 
crystallize  at  room  temperature.  Most  of  the  films  examined  in  this  study  were  tested 
approximately  5  days  after  deposition,  and  therefore  show  some  evidence  of  crystallization  in  the 
as  deposited  conditions.  However,  in  these  films  the  lattice  spacings  were  not  exactly  the  same 
as  tetragonal  PZT  [11],  as  shown  in  Table  I.  EDS  spectra  of  these  films  are  shown  in  Table  II. 
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Figure  1.  (a)  Bright  field  image  of  as-spun  PZT  after  three  weeks  at  room  temperature,  (b)  DP 
after  4  days  at  room  temperature  (c)  DP  after  3  weeks  at  room  temperature  of  same  film. 


measured  lattice  spacings  from  these  experiments  are  shown  in  Table  I.  Additional  planes  are  not 
included  for  clarity,  as  are  any  peaks  corresponding  solely  to  Pt  without  a  similarly  spaced  PZT 
family  of  planes.  The  EDS  spectra  of  these  films  were  analyzed  using  semi-quantitative  methods, 
as  shown  in  Table  II. 

Ex  situ  heated  films 

Films  that  were  heat  treated  in  a  furnace  open  to  the  ambient  atmosphere  were  analyzed 
both  with  and  without  the  Pt  underlayer.  Figures  2  and  3  show  these  films  in  bright  field  and  the 
corresponding  diffraction  patterns.  The  lattice  spacings  corresponding  to  the  diffraction  patterns 
shown  in  these  figures  are  given  in  Table  I,  while  the  composition  determined  via  EDS  spectra 
are  tabulated  in  Table  II. 


Figure  2.  Bright  field  and  DP  of  PZT  film 
without  Pt  film  after  ex  situ  heating. 


Figure  3.  Bright  field  and  DP  of  PZT  film 
with  Pt  film  after  ex  situ  heating. 
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In  situ  heating  -  film  morphology  and  phase  transitions 

As  deposited  films  heated  to  400  °C  over  the  course  of  30  minutes  show  very  little 
evidence  of  any  phase  transformations  or  any  significant  morphological  changes.  Beginning  at 
500  °C,  the  initial  ring  patterns  which  are  indicative  of  mainly  amorphous  materials  start  to  show 
evidence  of  developing  long  range  crystalline  order,  as  shown  in  Figure  4.  Once  700  °C  is 
achieved,  images  at  the  initial  time  as  well  as  10,  20  and  30  minutes  at  temperature  were 
recorded.  Representative  changes  are  shown  in  Figure  5.  The  resulting  lattice  spacings  and 
compositions  are  given  in  Tables  I  and  II  respectively. 


Figure  4.  Diffraction  patterns  at  (a)  500  °C  and  (b)  700  °C  of  PZT  film  on  Pt.  Note  the 
formation  of  spots  in  (a)  marked  with  the  arrow,  which  prior  to  this  temperature  was  amorphous. 


Table  I.  Measured  Lattice  Spacings  (nm) 


Reference  lattice 
spacings  [11] 

T-  Tetragonal,  C-  Cubic 

As 

Deposited 
no  Pt 

As 

Deposited 
with  Pt 

Ex  situ  heat 
treatment 
no  Pt 

Ex  situ  heat 
treatment 
with  Pt 

In  situ  @ 
700°C 
no  Pt 

In  situ  @ 
700°C 
with  Pt 

0.406 

0.387 

0.385 

0.396 

0.289 

0.293 

0.298 

0.285  PZT{1 10}  T 

0.286 

0.281 

0.243  PZT  {331  }C 

0.248 

0.247 

0.243 

0.237 

■>mnmini 

0.223 

0.228 

0.228 

.228 

0.207  PZT  {002}  T 

0.201  PZT {200}  T 
0.197  Pt  {200) 

0.194 

0.195 

0.193 

0.197 

Table  II.  Semi-quantitative  EDS  analysis  of  films.  Atomic  ratio  of  (Pb+Q)  /  (Ti+Zr) 


Sample 

As  Spun 

Ex  situ  heat  treatment 

In  situ  heat  treatment 

No  Pt  film 

5.92+3.55 

2.54±0.26 

1.77±0.09 

Pt  film  present 

4.21  ±1.45 

1.71  ±0.29 

1.51±0.76 

DISCUSSION 

Three  significant  observations  have  been  made  during  this  study.  First,  the  PZT  films 
can  crystallize  after  three  weeks  held  at  room  temperature.  Traditionally  this  process  has  been 
carried  out  via  heat  treating,  which  clearly  hastens  the  process.  However,  this  suggests  that  an 
activation  energy  could  be  determined  for  crystallization  of  PZT  from  an  amorphous  thin  film  by 
monitoring  changes  with  time  and  temperature.  The  amorphous  rings  present  in  films  spun  onto 
Pt  films  are  at  the  same  lattice  spacing  as  the  primary  {101}  tetragonal  PZT,  0.289  nm.  When 
films  are  deposited  on  salt  and  then  lifted  off,  the  amorphous  rings  do  not  begin  at  the  same 
lattice  spacings.  As  the  amorphous  films  have  been  heated  to  moderate  (=350  °C)  temperatures 
for  10  minutes  to  pyrolyze  the  films,  it  is  likely  that  the  substrate  may  be  influencing  the 
structure  of  the  overlayer  during  this  processing  step.  Therefore,  the  presence  of  Pt  does  indeed 
play  a  significant  role  in  the  formation  of  the  desired  crystal  structure  in  the  PZT  thin  film. 

The  second  observation  demonstrates  some  of  the  limitations  of  this  method.  Unlike  the 
reports  of  samples  which  were  studied  after  processing  wafers  [12],  we  do  not  see  evidence  of 
perovskite  forming  from  a  pyrochlore  type  matrix.  This  may  be  an  effect  of  the  heat  treatment 
occurring  in  vacuum,  which  allows  for  substantial  Pb  and  O  loss.  Therefore,  caution  should  be 
used  in  comparing  these  structures  to  those  formed  directly  on  wafers. 

The  final  observation  is  the  change  at  =500  °C  in  which  the  amorphous  ring  at  0.289  nm 
begins  to  show  evidence  of  crystallization.  This  is  similar  to  the  temperature  at  which 
transformations  were  observed  in  x-ray  studies  [2].  As  much  smaller  crystals  are  formed  in  the 
current  study  than  in  previous  experiments  [12],  it  would  appear  that  some  of  the  variations 
between  ambient  and  vacuum  based  heating  results  in  a  tighter  nucleation  rate  distribution  (i.e. 
more  crystallization  at  a  given  temperature  or  time)  and  therefore  finer  and  more  uniform  grains. 
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CONCLUSIONS 


■  In  situ  TEM  can  be  used  to  study  the  transformations  from  amorphous  to  crystalline  PZT  thin 
films  fabricated  by  sol-gel  techniques  by  utilizing  relatively  simple  lift  off  sample 
preparation. 

■  PZT  thin  films  can  crystallize  at  room  temperature  over  the  course  of  weeks  to  nano¬ 
crystalline  structures,  resulting  in  very  fine,  randomly  oriented  grains. 

■  Rapid  crystallization  in  the  TEM  occurs  at  temperatures  similar  to  those  observed  in  x-ray 
studies  of  heat  treatments  in  ambient  environments. 

■  A  thin  Pt  film  used  as  the  substrate  greatly  influences  both  the  as-pyrolyzed  amorphous  film 
and  the  subsequently  crystallized  film.  Lattice  spacings  corresponding  to  a  perovskite  PZT 
structure  occurred  in  the  presence  of  Pt. 
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ABSTRACT 

Solid  solution  films  of  the  a-Fe203-FeTi03  series  are  one  of  the  candidates  for  noble 
half-metallic  oxides.  They  were  epitaxially  formed  on  a-Al203(001)  single  crystalline  substrates 
by  02-reactive  evaporation  method.  The  Fe2_xTix03+6  films  prepared  at  higher  Ts=973  K  and 
with  larger  Ti  content  x^0.4  had  the  ilmenite  structure  with  R3  symmetry.  Other  films  at  lower 
Ts  or  with  smaller  x  possessed  the  corundum  structure  with  R3c.  Only  the  films  with  R3 
symmetry  had  large  ferrimagnetic  moments,  though  the  observed  spontaneous  magnetization 
was  less  than  half  of  the  ideal  value  expected  from  the  fully  ordered  structure.  Room 
temperature  resistivity  of  intermediate  composites  dropped  to  lO'^Qcm  due  to  the  formation  of 
the  mixed  valence  states  between  Fe2+  and  Fe3+.  However  the  Fe2+  content  of  the  films  was 
rather  small  as  compared  with  stoichiometric  Fe2_xTix03.  The  Ti-rich  films  had  large  oxygen 
nonstoichiometry  of  about  5=0.3. 

INTRODUCTION 

Half-metallic  ferromagnetic  materials  have  attracted  attention  due  to  their  technological 
potentials  for  use  in  magnetic  random  access  memory  (MR AM)  and  a  tunnel  magnetoresistance 
(TMR)  sensors.  Solid  solutions  of  a-Fe203-FeTi03  (hematite-ilmenite)  series  are  known  to  have 
interesting  magnetic  and  electric  properties  [1,  2].  Though  the  end  members  of  this  series  are 
antiferromagnetic  insulators,  the  intermediate  compositions  between  them  are  half-metallic 
ferrimagnets.  The  compositions  are  expressed  as  Fe3+2_2xFe2+xTi4+x03,  where  x  is  the  mole 
fraction  of  ilmenite.  The  crystal  structure  consists  of  an  hep  O2"  framework  with  cations 
occupying  octahedral  sites.  The  terrimagnetism  appears  only  when  the  crystal  has  a  space  group 
of  R3,  where  the  cations  are  arranged  into  two  nonequivalent  layers  along  the  c-axis.  One  is  a 
Ti4+-rich  layer  and  another  is  a  Fe2+-rich  layer.  The  mixed  valence  states  between  Fe2+  and  Fe3+ 
gives  anisotropic  conductivity  within  the  c-plane  [3]. 

However  it  was  very  difficult  to  prepare  the  ferrimagnetic  solid  solutions  films  [4].  The 
complete  solid  solution  at  high  temperature  has  the  antiferromagnetic  structure  with  a  space 
group  R3c,  where  all  cation  layers  are  equivalent.  While  at  low  temperature,  the  binary  phase 
diagram  in  a-Fe?03-FeTi03  shows  a  miscibility  gap  [5].  Carefully  controlled  heating  and 
oxygen  pressure  should  be  required  to  prepare  stoichiometric  solid  solution  films.  We  have 
recently  succeeded  in  preparing  well-crystallized  epitaxial  Fe2_xTix03+6  films  by  activated 
reactive  evaporation  [6].  However  the  spontaneous  magnetization  of  sample  films  was  a  little 
inferior  to  the  ideal  value  reported  in  the  bulk  form  [1].  Structures,  stoichiometries,  and 
magnetic  and  electric  properties  of  the  epitaxial  Fe2_xTix03+§  (x=0.0~1.0)  films  are  investigated 
as  a  function  of  the  composition  s  and  the  preparation  conditions. 
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Table  1.  Preparation  conditions  of  epitaxial  Fe2_xTix03+6  films. 


Apparatus 

AORE  system 

UHV  system 

Base  pressure  (Pa) 

10'3 

107 

Oxygen  pressure  (Pa) 

2.6  -  5.3  X  lO’2 

2.0  -  4.0  X  lO’4 

Substrate  temperature  (K) 

773  -  973 

773 

Evaporation  rate  (A/s)  Fe 

0.5 

0.5 

Ti 

0-0.5 

in 

o 

o 

RF  /  radical  power  (W) 

200 

300 

Film  thickness  (A) 

3000 

2000 

EXPERIMENT 

Sample  films  were  deposited  on  a-Al203(0001)  single  crystalline  substrates  by  using 
two  different  02-reactive  evaporation  systems.  One  is  an  activated  02-reactive  evaporation 
(AORE)  system  where  oxygen  plasma  was  broadly  generated  over  the  evaporation  pass. 

Another  is  an  ultra  high  vacuum  (UHV)  system  with  radical  O  2-beam  source.  The  UHV  system 
was  equipped  with  in  situ  x-ray  photoelectron  spectroscopy  (XPS).  In  both  systems  high  purity 
Fe  and  Ti  metals  were  evaporated  individually  by  electron-beam-guns  to  control  the  Fe/Ti 
evaporation  rate  ratio.  During  deposition  activated  oxygen  was  introduced  into  the  chamber  to 
keep  certain  pressures  (Po2).  Substrate  temperature  (Ts)  of  the  UHV  system  was  fixed  to  773  K, 
while  the  Ts  of  the  AORE  system  was  heated  up  to  973  K.  Detailed  deposition  conditions  of 
each  system  were  summarized  in  Table  1.  All  deposited  films  were  characterized  by  x-ray 
diffraction  (XRD)  techniques  using  Cu  Ka  radiation.  Magnetic  and  electronic  properties  of 
deposited  films  were  examined  by  a  vibrating  sample  magnetometer  (VSM),  57Fe  conversion 
electron  Mossbauer  spectroscopy  (CEMS),  in  situ  XPS  using  Mg  Ka  x-rays  and  a  dc  four-probe 
resistivity  tester.  Chemical  compositions  of  deposited  films  were  analyzed  by  energy  dispersive 
x-ray  spectroscopy  (EDX). 

RESULTS  AND  DISCUSSION 


Crystal  Structures 

Because  Fe2.xT1x03  has  the  same  hep 
O2  framework  as  a-Al203,  the  films  could  be 
epitaxially  formed  on  the  substrates.  All 
deposited  films  in  certain  deposition  conditions 
showed  monophasic  XRD  patterns.  Epitaxial 
growth  of  Fe2_xTlx03  on  a-Al203  was  confirmed 
by  XRD  pole  figure  measurements.  Fig.l  shows 


Fig.  1.  XRD  patterns  for  Fej  54Ti0  46O3  films 
prepared  at  two  different  substrate  temperatures; 
a)  973  K,  b)  773  K. 


20  Cu-Ka(deg.) 
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typical  XRD  patterns  of  the  films  prepared  by 
using  the  AORE  system  at  high  and  low  Ts’s 
of  973  and  773  K,  respectively.  The  XRD 
pattern  for  the  film  of  Ts=773  K  had  only  one 
reflection  indexed  as  Fe2_xTix03  006.  However 
the  pattern  of  Ts=973  K  had  an  additional 
small  peak  at  20=19.08°,  which  could  be 
indexed  as  Fe2_xTixC>3  003.  Advent  of  the  003 
reflection  indicates  that  the  Fe2_xTix03  film 
had  the  structure  with  an  ordered  array  of  the 
Ti4+-rich  layer  and  the  Fe2+-rich  layer  along 
the  c-axis.  The  disordered  cation  array  with 
R3c  symmetry  annihilates  all  001  reflections 
except  for  1-6n  conditions.  While  the  ordered 
array  with  R3  symmetry  shows  the  additional 
reflections  with  l=3n  [7], 

c/^-spacings  of  epitaxial  Fe2_xTix03 
(001)  films  are  potted  in  Fig.  2  as  a  function  of  the  Ti  content  x.  The  dashed  lines  indicate  the 
dgot  s  of  a-Fe203  and  FeTi03  bulk  crystals,  respectively.  With  increasing  the  Ti4+  content,  the 
doo6  values  increased  linearly  for  x<0.5  and  then  reached  the  ceiling  at  x>0.5.  However  it  was 
reported  that  the  lattice  parameters  of  Fe2.xTix03  bulks  were  linearly  changed  according  with 
the  Vegard’s  law  [5],  The  ceiling  of  the  measured  a^-spacings  of  our  films  at  x>0.5  could  be 
one  of  the  proofs  of  formation  of  nonstoichiometric  Fe2_xTix03+5  films. 

Fe2_xTix03+5  films  on  a-Al203(001)  had  the  a-Fe203-FeTi03  solid  solution  phase 
epitaxially  formed  on  the  substrates.  However  the  symmetry  of  the  deposited  films,  judging 
from  the  003  reflection,  strongly  depended  upon  both  x  and  Ts.  Only  the  films  prepared  at 
higher  Ts=973  K  and  with  larger  Ti  content,  x^0.4  had  the  ordered  structure  with  Rl  symmetry. 
Other  films  with  smaller  x  or  at  lower  Ts  possessed  the  disordered  structure  with  Rjc  symmetry. 

Magnetic  and  Electric  Properties 

Room-  and  low-temperature  spontaneous  magnetization  of  Fe2.xTix03+s  films  prepared 
at  Ts=973  K  are  plotted  in  Fig.  3  as  a  function  of  the  Ti  content  x.  Large  magnetizations  were 
observed  in  the  intermediate  compositions  ranging  on  0.4^x<1.0.  The  formation  range  of 
ferrimagnetic  films  was  fully  consistent  with  that  of  the  ordered  structure  with  R3  symmetry 
examined  by  XRD.  Difference  in  the  net  magnetic  moments  between  the  Ti-rich  and  the  Fe-rich 
layers  produced  ferrimagnetism.  However  the  observed  spontaneous  magnetization  for 
ferrimagnetic  films  were  fairly  smaller  than  the  theoretical  values  (360  emu/cm3  at  x=0.5) 
expected  from  the  perfectly  ordered  R3  structure  [1].  This  suggested  that  the  octahedral  cations  of 
the  films  did  not  arranged  perfectly  into  the  two  nonequivalent  layers.  Moreover  the  oxygen 
nonstoichiometry  should  also  influence  the  magnetic  properties. 

Fig.  4  shows  the  dependence  of  room  temperature  electric  resistivity  of  Fe2.xTix03+5 
films  on  the  Ti  content.  The  films  examined  here  had  the  disordered  structure  with  the  R3c 
symmetry.  The  resisitivity  of  both  FeTi03  and  a-Fe203  films  was  relatively  high  (over  101  Hem). 
For  the  films  with  intermediate  compositions,  Fe2_xTix03+§,  resistivity  went  down  to  10'1  Qcm 
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Fig.  2.  doog-spacings  of  epitaxial 
Fe2_xTix03+5  films  as  a  function  of  the  Ti 
content. 
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X  in  Fe2-xTix03 


Fig.  3.  Room-  and  low-temperature 
spontaneous  magnetization  of  Fe2_xTix03+5 
films  as  a  function  of  the  Ti  content. 


Fig.  4.  Room  temperature  resistivity 
of  Fe2_xTix03+6  films  as  a  function  of 
the  Ti  content. 


at  about  x=0.3.  The  decreasing  resistivity  of  the  solid  solution  films  suggested  the  formation  of 
mixed  valence  states  between  Fe2+  and  Fe3+.  However  the  observed  conductivity  was  still  small 
as  compared  with  other  mixed  valence  oxides  like  Fe304.  Disordered  cation  arrays  in  octahedral 
interstices  and  oxygen  nonstoichiometry  could  affect  the  properties  of  Fe-7.xTix03+5  films  to 
increase  the  resistivity. 

Stoichiometries 

Stoichiometries  of  Fe2_xTix03+ft  solid  solution  films  prepared  by  the  UHV  system  were 
examined  in  situ  by  XPS  and  ex  situ  by  CEMS.  XPS  Fe  2p  core-level  spectra  exhibit  so-called 
shake-up  satellite  structures,  which  are  very  sensitive  to  the  electronic  structure  of  iron  ions.  The 
Fe  2p  spectra  of  various  Fe2,xTix03+6  films  are  shown  in  Fig.  5  as  a  function  of  Ti  content.  It  is 
known  that  the  broad  satellite  centered  at  about  720  eV  is  characteristic  of  octahedral  Fe3+  ions, 
while  the  one  due  to  octahedral  Fe2+  is  at  about  715  eV.  The  XPS  spectra  of  Fe?_xTix03+6  films 
looked  similar  to  those  of  nonstoichiometric  Fe3.604  films  from  y-Fe203  to  Fe304  [8].  With 
increasing  the  Ti  content,  the  intensity  of  Fe3+  satellites  decreased  and  that  of  Fe2+  increased. 
The  binding  energy  of  the  Fe  2p  main  lines  was  also  shifted  gradually.  The  substitution  of  Ti 4+ 
ions  for  Fe3+  brought  the  mixed  valence  states  between  Fe3+  and  Fe2+.  However  the  content  of 
produced  Fe2+  ions  seemed  to  be  rather  small  than  that  of  the  stoichiometric  composition  of 
Fe2-xTixQ3-  The  Fe2+/Fe3+  ratio  in  Fe2_xTix03+ft  films  was  determined  quantitatively  by  CEMS. 

In  Fig.  6,  the  room  temperature  CEMS  spectra  of  Fe2_xTix03+6  films  are  shown  as  a 
function  of  Ti  content.  In  bulk  forms  the  Curie  temperature  (T  q)  decreases  linearly  with 
increasing  x  from  948  K  in  a-Fe203  to  55  K  in  FeTi03,  crossing  room  temperature  at  about 
x=0.73.  The  CEMS  spectra  of  the  samples  films  clearly  indicated  that  the  Tc  crossed  room 
temperature  at  about  x=0.75  as  well  as  the  bulk.  The  spectra  of  a  magnetically  split  sextet  below 
Tc  changed  to  paramagnetic  doublets  above  Tc.  We  have  deconvoluted  the  paramagnetic 
spectra  by  using  two  asymmetric  doublets;  one  is  an  octahedral  Fe3+  component  and  another  is 
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Fig.  5.  In  situ  XPS  Fe  2p  core-level  spectra 
of  epitaxial  Fe2.xTixO,+s  films  as  a  function 
of  the  Ti  content. 


Fig.  6.  Room  temperature  CEMS 
spectra  of  epitaxial  Fe2.xTix03+ft  films 
as  a  function  of  the  Ti  content. 


an  octahedral  Fe2+  component.  Asymmetry  of  the  doublets  resulted  from  the  geometric 
relationship  between  the  irradiated  y-ray  direction  and  the  electric  field  gradient  axis  of  epitaxial 
crystals.  The  number  of  oxygen  nonstoichiometry  6  was  calculated  to  assume  the  fixed  valence 
states  of  Ti4+  and  O2'.  The  fitted  results  are  summarized  in  Table  2.  These  epitaxial 
Fe7_xTix03+6  films  we  prepared  had  the  compositions  with  large  nonstoichiomery  of  6=0.3. 
There  was  no  report  to  form  such  largely  nonstoichiometric  Fe2_xTix03+6  crystals  in  bulk  forms. 
The  excess  oxygen  should  influence  the  structural,  magnetic  and  electric  properties  of  the  films 
as  discussed  above. 


Table  2.  Results  of  CEMS  analysis  of  paramagnetic  Fe2.xTix03+6  films.  IS,  QS,  and  6  stand  for 
isomer  shift,  quadrupole  splitting,  and  number  of  oxygen  nonstoichiometry,  respectively. 


Sample 

Site 

IS 

(mm/s) 

OS 

(mm/s) 

Area  ratio 

m 

6 

*=0.89 

Fe2+ 

0.85 

1.68 

23 

0.31 

Fe3+ 

0.42 

0.60 

77 

*=1.0 

Fe2+ 

0.87 

1.45 

40 

0.30 

Fe3+ 

0.39 

0.58 

60 
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ABSTRACT 

Increasingly  large-volume  markets  for  large-area,  flat-panel  displays  and  photovoltaic  panels 
are  likely  to  be  established  in  the  early  years  of  the  next  century  and  transparent  conducting 
oxides  (TCOs)  of  improved  opto-electronic  properties  will  be  required  to  enable  some  of  these 
applications  to  be  realized.  Our  work  is  focusing  on  improving  both  the  fabrication-limited 
properties  of  the  materials  (extrinsic),  and  materials-limited  properties  (intrinsic).  The  emphasis 
on  achieving  improved  electrical  and  optical  properties  hinges  on  achieving  higher  electron 
mobility  via  intrinsic  and/or  extrinsic  properties.  To  this  end,  we  have  investigated  the  properties 
of  several  TCOs  including  cadmium  oxide,  tin  oxide,  zinc  oxide,  cadmium  stannate  and  zinc 
stannate.  These  may  be  deposited  by  chemical  vapor  deposition  (CVD)  or  sputtering  and  we 
hope  to  establish  the  capability  to  fabricate  compounds  and  alloys  in  the  cadmium  oxide,  tin 
oxide,  zinc  oxide  ternary  phase  diagram. 

The  properties  of  the  materials  have  been  investigated  using  a  wide  variety  of  techniques 
including  high-resolution  electron  microscopy,  atomic  force  microscopy  and  X-ray  diffraction, 
as  well  as  Mossbauer,  Raman  and  UV/visible/NIR  spectroscopies.  We  have  measured  the 
transport  properties  (conductivity,  Hall,  Seebeck  and  Nemst  coefficients)  and  have  obtained  the 
effective  mass,  relaxation  time,  Fermi  energy,  and  scattering  parameter.  This  information  has 
been  obtained  as  a  function  of  carrier  concentration,  which  depends  on  the  deposition  and 
annealing  procedures.  We  have  found  that  the  mobilities  of  free-electrons  in  the  cadmium¬ 
bearing  compounds  are  greatly  superior  to  those  in  the  other  materials,  because  they  have  much 
longer  electron  relaxation  times.  In  the  case  of  cadmium  oxide,  there  is  also  great  benefit  from  a 
much  lower  effective  mass.  We  are  gaining  a  clearer  understanding  of  the  fundamental 
microscopic  attributes  needed  for  TCOs,  which  will  be  required  in  more-demanding,  and  rapidly 
emerging,  applications. 

INTRODUCTION 

Transparent  conducting  oxides  have  been  used  for  various  applications  over  the  last  30-40 
years  and  the  level  of  their  understanding,  as  well  as  their  performance,  has  always  been 
adequate.  However,  it  has  become  increasingly  apparent  recently,  that  this  situation  has 
changed  or,  at  very  least,  will  change  very  soon  in  the  next  generation  of  devices  and 
applications.1 

The  three  applications  that  may  be  anticipated  are  photovoltaic  modules,  flat-panel  displays, 
and  architectural  windows.  The  first  two  applications  demand  TCOs  of  high  conductivity  and 
excellent  optical  transmittance  to  minimize  power  loss  and  to  minimize  power  consumption, 
respectively.  The  third  application  requires  a  low  absorptance  in  the  visible  wavelength  range 
and  a  low  emittance  in  the  infrared  range,  rather  than  a  high  conductivity.  However,  the  two  sets 
of  attributes  are  inseparable.  A  fourth  application  (really  an  extension  of  the  third)  is  that  of 
‘smart’  windows.  These  are  based  on  electrochromic  materials,  such  as  W03,  that  change  from 
being  transmissive  to  absorptive  when  a  voltage  is  applied  across  them.  It  is  too  soon  to 
speculate  on  prospective  market  sizes  of  ‘smart’  windows,  because  the  technology  is  not 
sufficiently  advanced  yet.  The  attraction  of  these  materials  is  that  they  may  be  used  to  minimize 
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solar  gain  in  hot  climates  (thus  minimizing  air-conditioning)  and/or  to  minimize  heat-loss  from 
buildings  in  cold  climates.  Part  of  their  development  depends  on  reducing  the  time  taken  to 
change  state  from  transmissive  to  absorptive,  which  depends,  to  some  extent,  on  reducing  the 
sheet  resistance  of  the  TCO. 

The  market,  in  terms  of  the  area  of  coated  glass  required  annually  (or  in  financial  terms),  for 
each  of  these  applications  is  large  now  but  has  the  potential  to  increase  greatly.  The  efficiency  of 
thin-film  photovoltaic  modules  is,  optimistically,  10%.  The  peak  annual  insolation  is  1 
k  watt  m  V  At  present,  the  U.S.  has  approximately  700  G  watts  of  installed  electricity  generating 
capacity.3  For  photovoltaics  to  be  of  national  significance,  one  may  speculate  that  their 
production  rate  must  be  at  least  1-G  watt  annually  and,  based  on  these  estimates,  at  least  4  square 
miles  of  photovoltaic  panels  must  be  manufactured  annually.  Production  rates  of  this  magnitude 
are  not  out  of  the  question.  The  market  for  photovoltaics  is  increasing  annually  at  approximately 
25%  and  it  is  expected  that  this  will  persist  for  many  years  to  come.4  If  thin-film  photovoltaics 
command  an  increasing  share  of  the  market,  as  is  expected,  and  given  that  the  three  leading  thin- 
film  candidates  all  require  a  TCO  in  their  construction,  we  may  confidently  predict  that  the 
volume  of  TCO-coated  glass  will  increase  substantially.  The  glass-coatings  industry 
manufactures  at  least  16  square  miles  per  annum,  although  not  all  of  this  involves  a  TCO 
coating.5  However,  American  Float  Glass  manufactures  approximately  2  square  miles  of  tin 
oxide-coated  glass  annually.6  Not  all  of  this  is  for  photovoltaics  but  the  point  is  that  the 
manufacturing  capacity  does  exist.  Indeed,  photovoltaics  are  seen  as  one  of  the  major  future 
product  lines  by  the  glass  industry.  If  the  industry  meets  the  cost-target  of  1  $  watt'1,  set  by  the 
Department  of  Energy,  then  the  equivalent  revenue  will  be  $lBn  per  annum  based  on  our 
estimate  of  1  G  watt  per  annum.4  However,  it  appears  likely  that  this  will  grow  substantially 
when,  and  if,  thin-film  photovoltaics  become  significant. 

The  market  for  flat-panel  displays  is  already  large  and  is  also  likely  to  grow  to  multiple 
billions  of  dollars  per  annum.  Estimates  of  the  future  market  for  flat-panel  displays  are  also 
impressive.  Predictions  suggest  that  the  existing  market  size  is  approximately  $18  Bn  per  year, 
and  this  is  expected  to  increase  to  $22  Bn  per  year  by  2002  and  to  $27  Bn  per  year  by  2005.7 
Higher  performance  TCOs  with  lower  sheet  resistance  and  superior  optical  properties  will 
accelerate  the  achievement  of  these  markets  in  two  ways.  Firstly,  much  of  the  power  consumed 
by  laptop  computers  is  due  to  the  screen.  Reducing  the  sheet  resistance  would  therefore  provide 
a  longer  battery  lifetime.  Secondly,  the  realization  of  large  flat-screen  televisions  depends  on 
reducing  the  sheet  resistance  of  the  TCOs. 

Similar  comments  may  be  made  about  energy  conserving  windows  (either  low  emissivity  or 
electrochromics),  and  they  too  are  likely  to  gain  in  importance  as  the  emphasis  on  conservation 
increases.  Based  on  these  points,  we  can  see  that  TCOs  are  commercially  important,  as  well  as 
being  scientifically  interesting! 

THE  STRATEGY 

A  generic  TCO  has  a  high  conductivity  and  an  excellent  optical  transmittance  in  the  visible 
spectrum.  Typically,  TCOs  transmit  freely  between  wavelengths  of  about  0.35-1.5  pm,  both  of 
these  values  being  related  to  their  concentration  of  free  electrons1.  At  the  same  time,  they  must 
have  a  sheet  resistance,  for  present-day  applications  such  as  those  mentioned  above,  of  less  than 


1  The  long  wavelength  cut-off  of  transmittance  is  established  by  the  onset  of  reflection  at  the  plasma  edge.  The  short 
wavelength  limit  depends  on  the  Burstein-Moss  effect,  which  is  caused  by  the  unavailability  of  the  states  at  the 
bottom  of  the  conduction  band,  when  the  material  is  degenerate.  This  has  the  effect  of  increasing  the  minimum 
energy  required  for  a  band-to-band  transition  beyond  that  of  the  fundamental  bandgap. 
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10  Q/D.  A  film  with  a  resistivity  of  5x1  O'4 12  cm  and  a  thickness  of  0.5  pm,  meets  this 
requirement.  In  the  research  environment,  resistivities  of  as  low  or  lower  than  10'4  Q  cm  have 
been  achieved.  This  corresponds  to  a  sheet  resistance  of  2  Q/CI.  However,  values  of  at  least  half 
this  will  be  required  for  each  of  the  above  applications.  The  sheet  resistance  of  a  material  is 
equal  to  its  resistivity  divided  by  its  thickness.  Although  this  could  be  reduced  simply  be 
increasing  the  thickness,  this  is  not  acceptable  because  this  would  cause  additional  optical 
absorption.  The  transmittance  needs  to  be  at  least  85%  for  most  applications.  Free  electrons 
give  the  materials  their  conductivity  but  they  are  also  responsible  for  the  absorption  of  light. 
This  presents  an  inevitable  compromise  facing  TCOs.  Maxwell’s  equations  show  that  the  optical 
and  electrical  properties  of  materials  are  inter-related. 

Many  authors  have  commented  that  the  only  remedy  to  this  is  to  increase  the  free-carrier 
mobility  in  TCO  materials.8, 9  Merely  increasing  the  free-carrier  concentration  worsens  optical 
absorbance,  by  increasing  the  height  of  the  free-carrier  absorption  band  and  by  moving  it  further 
into  the  visible  part  of  the  spectrum.  This  is  illustrated  in  figures  la  and  lb.  Figure  la  shows 
that  increasing  the  carrier  concentration,  while  keeping  the  mobility  constant  at  100  cm2  V'1  s'1, 
increases  the  height  of  the  absorption  band,  even  though  its  width  decreases  due  to  an  increase  in 
the  conductivity.  Figure  lb  shows  that  increasing  the  mobility  while  keeping  the  carrier 


Figure  la.  Modeled  variation  of  free-carrier 
absorptance  with  wavelength.  The  mobility 
was  100  cm2  V'1  s'1  and  the  carrier 
concentration  was  treated  parametrically. 
The  effective  mass  was  taken  as  0.3  me  and 
the  high  frequency  permittivity  was  4. 


Figure  lb.  Modeled  variation  of  free-carrier 
absorptance  with  wavelength.  The  carrier 
concentration  was  5xl020  cm'3  and  the 
mobility  was  treated  parametrically.  The 
effective  mass  was  0.3  me  and  the  high 
frequency  permittivity  was  4. 


concentration  constant  at  5xl020  cm'3,  is  a  better  alternative  because  the  height  of  the  absorption 
band  decreases.  In  addition,  figure  la  shows  that  the  absorption  band-edge  moves  into  the 
visible  part  of  the  spectrum.  This  worsens  the  optical  properties  for  all  of  the  major  applications. 
In  figure  lb,  the  wavelength  of  the  absorption  band  does  not  change  significantly.  Of  course,  no 
TCO  has  a  mobility  of  1000  cm2  V  1  s'1  but  the  point  is  that  increasing  the  mobility  improves 
both  the  electrical  and  optical  properties. 

To  improve  the  mobility  of  a  particular  semiconductor,  it  is  necessary  to  increase  its  carrier 
relaxation  time — the  interval  of  time  between  successive  randomizing  collisions  with  various 
defects,  lattice  vibrations,  impurities  etc.  Some  of  these  may  be  considered  intrinsic  to  the 
material  (e.g.  phonon  and  ionized  impurity  scattering)  and  there  may  be  little  or  nothing  that  can 
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be  done  to  lessen  their  effect.  Other  scattering  mechanisms  may  be  regarded  as  extrinsic  and  it 
may  be  possible  to  reduce  their  effect  by  improving  crystallinity  through  improved  fabrication 
methods.  We  assert  it  is  unlikely  that  there  will  be  significant  improvements  in  the  properties  of 
materials  that  may  be  considered  to  be  ‘conventional’  (e.g.  tin  oxide,  indium  tin  oxide,  zinc 
oxide)  through  application  of  the  latter  approach.  These  materials  have  been  extensively 
researched  over  many  years,  with  films  having  been  deposited  by  many  methods  and  using  a 
wide  variety  of  deposition  properties.  Indeed,  the  modern  literature  is  replete  with  papers 
discussing  the  properties  of  TCOs  that  were  equaled  or  exceeded  many  years  ago. 

Perhaps  the  limitation  of  investigations  into  TCOs  to  date  has  been  the  relatively  small 
number  of  materials  researched.  Given  that  mobility  is  critical  to  the  performance  of  TCOs,  a 
better  approach  may  be  to  study  materials  that  have  an  intrinsically  high  mobility  because  of 
low-effective-mass  free  carriers.9  This  may  give  an  intrinsic  advantage,  irrespective  of  extrinsic 
limitations  and,  because  of  this,  there  is  clearly  a  recognition  amongst  international  researchers 
that  new,  and  improved,  materials  are  soon  certain  to  be  required.  This  is  evidenced  by  the  fact 
that  there  are  now  significant  research  and  development  efforts  into  TCOs  in  Japan,  and  the  US. 
Much  of  the  work  has  involved  cations  from  the  transition  metals  with  ad10  electronic  structure. 
These  are  described  by  figure  2a  showing  a  hexahedron  of  phase  space  with  the  relevant  binary 
oxides  at  the  apexes. 

Each  01  the  binary  compounds  has  been  used  commercially  and  each  has  attractions,  with  the 
exception  of  CdO,  that  has  a  bandgap  that  is  too  low  for  applications  using  visible  light.  In  our 


Figure  2a.  Hexahedron  of  phase  space  of 
relevance  to  TCOs.  All  the  materials  in  this 
volume  are  under  investigation  by  various 
groups  in  the  world.10- 11 


Figure  2b.  The  base  plane  of  figure  2a.  The 
point  compounds  a-g  signify  CdO,  Sn02, 
ZnO,  Cd2Sn04,  CdSn03+  Z  n2Sn04,  and 
ZnSn03 


own  work,  we  have  focused  on  the  base  plane  of  the  hexahedron  consisting  of  ZnO,  Sn02,  and 
CdO,  as  shown  in  figure  2b.  We  have  approached  the  problem  from  a  fundamental  point-of- 
view  and  we  are  attempting  to  probe  the  electronic  properties  of  key  materials  more  deeply  than 
has  been  typical.  We  have  focused  on  the  spinel-structured  materials  cadmium  stannate  (CTO  or 
Cd2Sn04)  and  zinc  stannate  (ZTO  or  Zn2Sn04)  and  have  obtained  encouraging  results.  The 
optical  properties  of  CTO  have  proved  superior  to  most  other  TCOs,  due  to  the  high  mobility, 
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Figure  4a.  Mossbauer  spectrum  of  a  ZTO  Figure  4b.  Mossbauer  spectrum  of  a  CTO 
film.  film. 

the  octahedral  site,  under  the  assumption  that  the  recoil-less  fraction  for  the  two  species  is  equal. 
This  implies  that  the  arrangement  of  the  tin  and  zinc  cations  was  approximately  random,  with 
maximum  entropy.14  The  presence  of  the  two  doublets,  alone,  implies  that  the  film  must  exhibit 
at  least  a  partially  inverse  form.  There  was  no  isomer  shift,  which  means  that  the  tin  is  in  the 
Sn4+  state.  Figure  4b  shows  the  Mossbauer  spectrum  for  a  film  of  CTO  deposited  on  a  stainless 
steel  substrate.  This  exhibits  the  need  for  a  singlet  and  a  doublet  contribution,  again  implying  the 
presence  of  the  inverse  phase.  In  this  case,  the  ratio  of  the  areas  of  the  two  peaks  was  39:61, 
again  suggesting  that  the  film  was  intermediate  between  normal  and  inverse,  assuming  that  the 
recoil-less  fraction  was  equal  for  the  two  species. 

We  used  the  method  of  four  coefficients  to  characterize  the  electrical  properties  of  the  two 
materials.  The  technique  has  been  described  elsewhere.15  It  is,  perhaps,  the  only  method  for 
measuring  the  effective  mass,  relaxation  time2,  scattering  parameter3,  and  the  Fermi  energy  of 
highly  disordered  polycrystalline  thin  films.  To  obtain  all  this  information,  it  is  necessary  to 
measure  the  conductivity,  the  Hall,  Seebeck  and  Nemst  coefficients  and  we  shall  now  discuss  the 
results  for  these. 

Figure  5  shows  the  mobility  and  resistivity  of  CTO  films  as  a  function  of  the  carrier 
concentration.  The  mobility  reaches  a  value  of  approximately  80  cm2  V'1  s'1  and  remains  in  the 
range  50-80  cm2  V’1  s’1  over  the  whole  range  of  concentrations.  It  is  relatively  unusual  for  the 
mobility  not  to  decrease  with  carrier  concentration  and  we  shall  offer  an  explanation  for  this 
later.  The  resistivity  decreases  monotonically  with  carrier  concentration  to  a  value  of 
approximately  1.1x10 4  Q  cm  which,  for  a  film  thickness  of  0.5  pm,  corresponds  to  a  sheet 
resistance  of  2-3  Q/n.  This  is  typical  of  the  best  results  obtained  in  research  but  is  much  lower 
than  typical  commercial  TCO  values.  The  optical  properties  of  CTO  are  also  superior  to  those  of 
other  TCOs  such  as  Sn02,  which  has  been  exploited  in  CdTe  solar  cells.  The  excellent  optical 

2  The  relaxation  time  gives  the  time  taken  for  the  electron  distribution  to  return  to  its  equilibrium  value  after  having 
been  perturbed. 

3  The  scattering  parameter  relates  the  relaxation  time  to  the  energy  of  the  charge  carriers,  electrons  in  this  case.  The 

value  of  the  scattering  parameter  gives  an  indication  of  the  dominant  scattering  mechanism.  This  is  invaluable  in 
ascertaining  the  likelihood  of  being  able  to  improve  the  film  mobility  further,  or  whether  a  fundamental  limit  has 
been  reached. 


203 


although  there  has  not  yet  been  a  commanding  improvement  in  its  conductivity.  It  has,  however, 
been  successfully  incorporated  in  the  structure  of  CdTe  solar  cells  and  has  led  to  significant 
improvement  in  performance  and  reproducibility.12 

We  have  also  remained  aware  of  issues  of  cadmium  toxicity  and  have  studied  zinc  stannate 
as  a  possible  replacement  for  CTO.  In  our  view,  the  issue  of  cadmium  toxicity  is  greatly 
exaggerated  when  it  is  part  of  a  compound.  For  example,  we  have  shown  separately  that  films  of 
CTO  are  highly  stable  when  heated  in  vacuum  over  a  long  period  of  time.9  They  are  also  stable 
in  HC1  vapor  after  exposure  at  elevated  temperature.  Etching  of  CTO  requires  the  use  of  HF 
acid.  Nevertheless,  we  shall  discuss  our  work  on  both  of  these  materials  later  in  this  paper.  We 
also  note  that  improving  the  carrier  relaxation  time  will  increase  the  mobility.  Hence,  learning 
how  to  make  films  of  improved  structural  and  crystallographic  properties  will  also  be  beneficial. 
This  attacks  the  ‘extrinsic’  part  of  the  problem.  In  the  present  work,  the  films  were  made  using 
radio  frequency  sputtering  and  post-deposition  annealing;  both  of  which  have  been  described 
previously. 

RESULTS 
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The  deposition  and  annealing  procedures,  described  previously,  give  single-phase  material, 
which  is  essential  to  the  achievement  of  the  best  properties.9  The  quality  of  the  intra-grain 
material  is  excellent,  as  evidenced  by  high-resolution  electron  microscopy.13  However,  the 
spinel  phase  may  be  either  normal  or  inverse,  which  will  almost  certainly  play  a  role  in  the 
properties  of  the  material.14  In  the  normal  form,  the  group  IV  cations  are  located  on  the 
tetrahedral  sites  and  the  group  II  cations  on  the  octahedral  sites.  However,  the  relative  sizes  of 
the  cations  and  their  charge  influences  the  actual  locations  of  the  two  cations.  Bulk  CTO  and 
ZTO  are  both  claimed  to  be  of  the 
inverse  form,  in  which  the  group  IV 
cations  are  found  on  50%  of  the 
octahedral  sites,  while  50%  of  the 
group  II  cations  occupy  all  the 
tetrahedral  sites.14  The  structure  factors 
of  cadmium  and  tin  are  almost  identical 
for  both  X-rays  and  neutrons  and  it  is 
not  straightforward  to  determine  which 
of  the  forms  is  most  likely.  However, 

ZTO  does  not  suffer  from  this  problem 
and  it  is  possible  to  determine  the  form 
from  the  X-ray  diffraction  spectrum. 

Figure  3  shows  the  XRD  spectrum 
of  a  film  of  ZTO,  the  sputtering  target, 
and  the  calculated  relative  peak  heights 
for  the  normal  and  inverse  forms.  It  is 
clear  from  this  that  both  the  film  and 
the  target  are  very  close  to  the  inverse 
form,  as  claimed  in  the  literature. 

Figure  4a  shows  the  Mossbauer 
spectrum  for  the  same  ZTO  film.  The  dots  show  the  measured  data  and  the  solid  line  shows  the 
best  fit  to  the  data.  This  had  the  best  goodness  of  fit  parameter  for  a  model  consisting  of  two 
doublets.  The  relative  areas  of  the  peaks  imply  that  approximately  74%  of  the  tin  cations  were  in 
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Figure  3.  X-ray  diffraction  spectrum  of  a  ZTO  film 
and  a  ZTO  sputtering  target.  The  calculated 
spectra  for  the  normal  and  inverse  spinel  forms  are 
also  shown. 
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Figure  5.  Resistivity  and  mobility  of 
CTO  films  as  a  function  of  the  carrier 
concentration. 


Figure  6.  Effective  mass  of  conduction 
electrons  in  CTO  as  a  function  of  the 
carrier  concentration. 


and  electrical  properties  both  stem  from  the  higher  mobility  of  CTO.  Figure  6  shows  the 
effective  mass  of  electrons  in  CTO  as  a  function  of  the  carrier  concentration.  The  uncertainty  in 
the  effective  mass  is  approximately  0.015  me,  where  me  is  the  mass  of  free  carriers.  The  linear 
increase  in  the  effective  mass  (actually  the  density  of  states  effective  mass)  indicates  clearly  that 
the  conduction  band  is  non-parabolic.  This  conclusion  is  the  reverse  of  our  previously  published 
data  that  appeared  to  suggest  that  the  conduction  band  was  indeed  parabolic.  We  no  longer 
believe  this  to  be  the  case.  The  result  is  important  because  it  influences  subsequent  modeling  ol 
the  transport  properties  for  different  scattering  mechanisms. 

This  is  illustrated  in  figures  7a  and  7b,  which  show  the  Seebeck  and  Nernst  coefficients 


Figure  7a.  Seebeck  coefficient  of  CTO 
films  as  a  function  of  carrier  concentration. 
The  letters  a-e  signify  scattering  due  to 
acoustic  phonons,  neutral  impurities,  optical 
phonons,  screened  ionized  impurities,  and 
ionized  impurities,  respectively. 


Figure  7b.  Nernst  coefficient  of  CTO  films 
as  a  function  of  carrier  concentration.  The 
letters  a-e  signify  the  same  scattering 
mechanisms  as  shown  in  figure  7a. 
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respectively,  as  functions  of  carrier  concentration.  The  experimental  data  are  shown  by  the 
erratic  line  near  the  center  of  the  family  of  modeled  curves.  These  were  modeled  for  each  of  a 
series  of  scattering  mechanisms.  The  indication  is  that  optical  phonons  are  primarily  responsible 
for  scattering  the  electrons,  although  we  are  not  yet  able  to  eliminate  other  mechanisms 
completely.  Scattering  by  phonons  is  supported  by  the  data  shown  in  figure  8.  In  this,  the 
resistivity  increases  with  temperature  while  the  mobility  decreases.  This  was  for  a  film  of  a 
carrier  concentration  of  5xl020  cm'3. 


Figure  8.  Variation  of  the  resistivity  and  Figure  9.  Variation  of  Fermi  energy  and 
mobility  of  a  high-carrier  concentration  relaxation  time  of  electrons  in  CTO  films 
CTO  film  with  absolute  temperature.  as  a  function  of  their  carrier  concentration. 


In  figure  9,  we  show  the  position  of  the  Fermi  energy  with  respect  to  the  minimum  in  the 
conduction  band.  The  figure  also  shows  the  relaxation  time,  which  is  approximately  10' 14 
seconds,  over  the  full  range  of  carrier  concentrations.  The  Fermi  energy  increases  to  over  1  eV, 
indicating  that  the  optical  gap  must  be  approximately  3.9-4.2  eV,  the  fundamental  bandgap  being 


Figure  10.  High  resolution  electron  Figure  11.  Mobility  and  resistivity  of  ZTO 
micrograph  of  a  ZTO  film.  The  field  of  films  as  a  function  of  their  carrier 
view  is  approximately  30x30  nm.  concentration. 
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in  the  range  2.8-3. 1  eV.  We  have  confirmed  the  value  of  the  optical  gap  using  spectroscopic 
ellipsometry. 

Figure  10  shows  a  high-resolution  electron  micrograph  of  a  thin  film  of  ZTO.  Although 
lattice  fringes  can  be  clearly  seen,  they  are  not  parallel  over  the  entire  field  of  view,  as  was  the 
case  for  CTO.  Although  this  was  an  unannealed  film,  it  is  typical  of  micrographs  taken  on 
annealed  films.  Clearly  the  state  of  crystallinity  of  the  film  is  poorer  than  that  of  CTO  and  we 
believe  that  this  is  largely  responsible  for  the  differences  in  the  mobilities  of  the  two  materials. 

Figure  1 1  shows  the  mobility  and  resistivity  for  a  series  of  ZTO  films  as  a  function  of  carrier 
concentration.  Several  important  points  emerge  from  this  figure.  Firstly,  the  carrier 
concentration  range  is  much  less  than  that  of  the  CTO  films  discussed  earlier.  We  have  not  yet 
learned  how  to  increase  the  concentration  to  the  same  levels  as  the  CTO  films.  The  mobility  is 
much  less  than  the  CTO  films  over  the  entire  range  of  carrier  concentrations.  Not  surprisingly, 
the  resistivity  of  the  ZTO  films  does  not  decrease  below  5xl0'2  Q  cm,  i.e.  a  factor  of  500  times 
greater  than  that  of  CTO. 

Figure  12  shows  the  effective  mass  and  relaxation  time  of  electrons  in  ZTO  films  as  a 
function  of  carrier  concentration.  The  effective  mass  is  significantly  less  than  that  of  electrons  in 
CTO,  which  may  be  due  to  the  much  lower  carrier  concentration.  The  lower  carrier 
concentration  ensures  that  the  Fermi  level  is  much  nearer  the  bottom  of  the  conduction  band, 
where  the  effective  mass  may  be  expected  to  be  less  than  higher  in  the  band.  The  relaxation  time 
is  also  less  than  that  of  CTO  by  a  factor  of  ten.  The  combined  effect  of  these  quantities  leads  to 
the  reduction  of  five  times  in  the  mobility  of  ZTO  compared  with  that  of  CTO. 

CONCLUSIONS  AND  FUTURE 
DIRECTIONS 

We  have  used  novel  electron  transport 
methods  to  determine  the  fundamental 
properties  of  two  of  the  new  TCOs  of 
interest  to  our  group.  From  these  we  have 
been  able  to  determine  the  effective  mass  of 
the  carriers,  their  Fermi  energy,  the  likely 
scattering  mechanism,  and  the  relaxation 
time.  We  have  shown  that  the  two  spinels 
considered  are  partially  inverse.  For  CTO, 
this  can  only  be  determined  using 
Mossbauer  spectroscopy  but,  for  ZTO,  both 
this  technique  and  X-ray  diffraction  provide 
a  clear  indication  of  the  inverse  nature  of 
the  film  material.  This  aspect  of  the 
structure  of  these  films  may  well  be  related 
to  their  behavior  as  TCOs  and  to  the  source  of  carriers,  particular  in  CTO.  The  quality  of  the 
CTO  grains  appears  to  be  excellent  as  indicated  by  lattice  fringing.  In  this  material,  the  Fermi 
level  is  so  high  in  relation  to  the  bottom  of  the  conduction  band  that  it  is  unlikely  that  grain 
boundaries  scatter  charge.  Consequently,  we  observe  long  relaxation  times,  which  leads  to  the 
high  mobilities  observed.  In  ZTO,  however,  scattering  occurs  within  grains  due  to  the  poorer 
crystalline  order.  The  carrier  concentration  is  also  much  lower  than  in  CTO,  the  implication  of 
which  is  that  grain  boundary  scattering  may  also  be  worse.  Although  the  effective  mass  of  the 


Carrier  concentration  (x10,a  cal'3) 

Figure  12.  Effective  mass  and  relaxation 
time  of  electrons  in  ZTO  films  as  a  function 
of  their  carrier  concentration. 
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electrons  in  ZTO  is  half  that  in  CTO,  this  is  more  than  offset  by  the  much  shorter  relaxation 
times.  Consequently,  we  observe  significantly  lower  mobilities  for  ZTO. 

The  probable  dominant  scattering  mechanism  in  CTO  appears  to  be  optical  phonons  although 
we  are  unable  to  be  certain  of  this  yet.  Further  work  is  required  at  lower  carrier  concentrations  to 
determine  if  this  mechanism  changes.  We  shall  also  investigate  the  effect  of  temperature  in 
greater  detail.  If  indeed  the  mobility  is  limited  by  a  phonon-related  mechanism,  then  we  may 
have  reached  the  mobility  limit  in  CTO.  However,  this  has  yet  to  be  established.  Future  work 
will  focus  on  learning  how  to  anneal  the  ZTO  to  the  same  degree  of  quality  as  the  CTO.  For  the 
work  to  be  relevant  to  industry,  fabrication  techniques  must  be  developed  that  can  be  applied  in 
large  volume,  with  short  deposition  times. 

The  choice  of  directions  for  future  TCOs  is  dictated  not  only  by  the  extent  to  which  it  is 
possible  to  achieve  a  high  degree  of  crystal  perfection,  but  also  by  the  fundamental  properties  of 
the  free  carriers.  All  other  things  being  equal,  lighter  free  electrons  would  cause  the  free-carrier 
absorption  band  to  move  towards  the  visible  range  of  wavelengths  and,  consequently,  the  optical 
properties  of  the  TCO  would  deteriorate.  However,  a  lighter  effective  mass  would  cause  the 
mobility  to  increase  and  there  may  not  be  much  change  in  the  figure-of-merit4.  Conversely,  an 
increase  in  the  carrier  effective  mass  would  move  the  absorption  band  away  from  the  visible  and 
would  thereby  improve  the  optical  properties.  However,  the  conductivity  would  suffer  because 
the  mobility  would  decrease.  Improving  the  carrier  relaxation  time,  is  the  only  unambiguous 
course  of  action.  This  does  not  move  the  position  of  the  absorption  band  but  an  increase  in  its 
magnitude  decreases  the  height  of  the  band,  while  also  improving  the  conductivity.  Hence,  this 
must  be  the  first  course  of  action  in  the  development  of  future  TCOs.  However,  it  must  also  be 
remembered  that  the  effective  mass,  carrier  concentration  and  relaxation  time  are  not 
independent  quantities.  Heavier  carriers  may  also  lead  to  a  decrease  in  the  relaxation  time,  as 
may  a  higher  carrier  concentration. 


The  figure-of-merit  is  often  defined  as  the  ratio  of  the  electrical  conductivity  to  the  optical  absorption  coefficient, 
at  a  wavelength  in  the  visible  range. 
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In203  Based  Multicomponent  Oxide  Transparent  Conducting  Films  Prepared 
by  R.F.  Magnetron  Sputtering 
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Electron  Device  System  Laboratory,  Kanazawa  Institute  of  Technology, 

7-1  Ohgigaoka,  Nonoichi,  Ishikawa  92 1-8501,  Japan 

ABSTRACT 

Transparent  and  conductive  thin  films  using  new  multicomponent  oxides  consisting  of 
a  combination  of  different  ln203  based  ternary  compounds  have  been  prepared  on  room 
temperature  substrates  by  r.f.  magnetron  sputtering.  Transparent  and  conductive 
(Ga,ln)203-Mgln204,  (Ga,In)203-Zn2In202,  (Ga,In)203-In4Sn30i2,  Zn2In205-In4Sn30i2  and 
Zn2In205-MgIn204  films  were  prepared  over  the  whole  range  of  compositions  in  these 
multicomponent  oxides.  The  electrical  and  chemical  properties  of  the  resulting  films  could 
be  controlled  by  varying  the  composition  in  the  target.  The  resistivity,  band-gap  energy, 
work  function  and  etching  rate  of  the  resulting  multicomponent  oxide  films  ranged  between 
the  properties  of  the  two  ternary  compound  films.  This  paper  also  presents  a  discussion  of  a 
significant  spatial  distribution  of  resistivity  found  on  the  substrate  of  the  multicomponent 
oxide  films  as  a  function  of  composition.  The  resistivity  distribution  is  attributable  to  the 
oxygen  concentration  on  the  substrate  surface  rather  than  the  bombardment  effect  of  high 
energy  particles. 

INTRODUCTION 

Transparent  conducting  oxide  (TCO)  thin  films  using  binary  compounds  such  as  Sn02, 
ln203  and  ZnO  are  in  practical  use.[l]  Various  dependendent  application  properties  are 
required  for  TCO  films  as  the  demand  for  transparent  electrodes  of  various  optoelectronic 
devices,  transparent  resistor  and  window  coatings  is  increased.  As  a  result,  the  use  of  these 
films  is  often  limited  in  specialized  applications.  In  order  to  resolve  these  problems,  new 
TCO  materials  have  been  extensively  investigated  in  recent  years.  New  ternary  compounds, 
such  as  Zn2Sn04,[2]  CdSb20f„[3,4]  Mgln204,[5,6]  ZnSn03,[7,8]  GaInO3,[9,I0] 

Zn2In205,[ll-13]  and  In4Sn30!2,[l4,15]  have  been  reported  as  promising  materials  for 
TCO  films.  The  use  of  ternary  compounds  composed  of  binary  compounds  may  allow  an 
improvement  in  the  attainable  properties  seen  in  conventional  TCO  films  using  binary 
compounds  such  as  ln203,  ZnO  and  Sn02.  For  example,  ZnSn03  films  exhibit  higher 
chemical  stability  than  ZnO  films  as  well  as  lower  resistivity  than  Sn02  films.[7,8] 
Zn2In205  films  exhibit  lower  resistivity  than  ZnO  and  ln203  films,  and  the  band-gap  energy 
of  Zn2ln205  is  lower  than  either  ZnO  or  In203.[l  1-13]  Galn03  [9]  and  Zn2ln205  [11] 
films  exhibit  refractive  indices  of  1.65  and  about  2.4,  relatively  lower  and  higher  than  the 
refractive  index  of  about  2.0  seen  in  conventional  TCO  films  using  binary  compounds  such 
as  ln203,  ZnO  and  Sn02.  As  described  above,  ternary  compound  TCO  films  which  have 
novel  properties  as  well  as  the  advantages  of  the  binary  compound  TCO  films  may  be  a 
promising  material  for  TCO  films  suitable  for  specialized  applications. 

In  addition,  multicomponent  oxides  consisting  of  a  combination  of  different  metal 
oxides  such  as  binary  or  ternary  compounds  have  recently  attracted  much  attention  as  new 
materials  for  transparent  conducting  oxide  (TCO)  films.  [16]  Transparent  conducting 
multicomponent  oxide  films  may  exhibit  properties  which  are  suitable  for  specialized 
application  as  a  result  of  changes  in  physical  properties  brought  about  by  controlling  the 
composition.  In  this  paper,  we  describe  the  preparation  of  transparent  conducting  thin  films 
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using  various  multicomponent  oxides  consisting  of  a  combination  of  different  ln203  based 
ternary  compounds.  (Ga,ln)203-Mgln204,  (Ga,In)203-Zn2In205,  (Ga,In)203-In4Sn3012, 
Zn2ln203-[n4Sn30i2  and  Zn2In203  Mgln204  system  thin  films  have  been  prepared. 

EXPERIMENTAL 

Films  were  prepared  by  conventional  r.f.  planar  magnetron  sputtering  using  powder 
targets.  A  mixture  of  ZnO  (purity,  99.99%),  MgO  (purity,  99.99%),  ln203  (purity,  99.99%), 
Ga203  (purity,  99.99%)  and  Sn02  (purity,  99.99%)  powders  calcined  at  1000‘C  in  an  argon 
(Ar)  atmosphere  for  5  hours  was  used  as  the  target:  stainless  steel  holder,  diameter  of  80 
mm.  Substrates  of  Corning  7059  glass  were  placed  parallel  to  the  target  surface  at  a 
distance  of  35  mm.  Sputtering  deposition  was  carried  out  at  sputter  gas  pressures  of  0.2  to 
2.0  Pa  in  a  pure  Ar  gas  or  a  mixture  of  Ar  and  oxygen  (02)  gases  with  a  d.c.  power  of  40  W. 
The  02  gas  content  in  the  Ar+02  gas  atmosphere  was  varied  from  0  to  8%.  Substrate 
temperatures  were  room  temperature  (RT).  Although  substrates  at  RT  were  not 
intentionally  heated,  surface  temperatures  reached  about  160°C  after  a  sputter  deposition 
of  approximately  30  min.  The  deposition  rate  was  dependent  on  the  powder  composition; 
the  deposition  rates  for  ZnO,  MgO,  ln203,  Ga203  and  Sn02  powders  were  about  15,  10,  10, 
8,  8  nm/min,  respectively. 

Film  thickness  was  measured  using  a  conventional  surface  roughness  detector  with 
stylus.  The  thickness  of  films  deposited  in  this  work  ranged  from  340  to  490  nm.  The 
composition  of  deposited  films  was  measured  by  energy  dispersive  X-ray  spectroscopy 
(EDX).  The  EDX  of  the  deposited  multicomponent  oxide  films  showed  that  the 
composition  (the  metal  element  content,  or  the  atomic  ratio)  in  the  films  was  approximately 
equal  to  that  in  the  target.  The  crystalline  structure  of  the  deposited  films  was  investigated 
by  X-ray  diffraction;  a  conventional  X-ray  unit  with  a  copper  anode  was  used.  Electrical 
resistivity  and  Hall  mobility  were  measured  using  the  van  der  Pauw  method.  Optical 
transmission  through  the  film  was  measured  in  the  visible  wavelength  range,  300  to  800  nm. 
The  work  function  of  the  films  was  determined  from  the  wavelength  dependence  of 
photoemission  of  electrons  using  ultraviolet  photoelectron  spectroscopy  (Model  AC-1 
Riken  Reiki  Co.  Ltd.). 

RESULTS  AND  DISCUSSION 

Transparent  conducting  Mgln204  and  In4Sn3Oi2  films  prepared  on  substrates  at  RT  by 
r.f.  magnetron  sputtering  were  always  polycrystalline.[2,16]  In  contrast,  (Ga,ln)203  and 
Zn2In205  films  prepared  on  RT  substrates  were  amorphous;[10-I3]  however,  these  films 
prepared  on  substrates  at  350°C  were  polycrystalline, [10- 13]  identified  as  (Ga,ln)203  and 
Zn2In205,  respectively.  Therefore,  in  the  following  description,  the  formula  of  the  above 
materials  are  presented  as  ternary  compounds  even  for  materials  where  the  films  prepared 
at  RT  are  amorphous. 


(GaJnhOi-lnjSn^On  Thin  Films 

We  reported  that  transparent  conducting  In4Sn3Oi2  films  were  prepared  at  substrate 
temperatures  of  RT  and  350°C  by  r.f.  or  d.c.  magnetron  sputtering  using  a  In203-Sn02 
target  with  a  Sn  content  (Sn/(In+Sn)  atomic  ratio)  of  approximately  50  atomic%.[14,15] 
The  preparation  of  transparent  conducting  Galn03  films  was  first  reported  by  Phillips  et 
al.[9]  In  addition,  we  reported  that  in  Ga203-In203  system  films  prepared  at  a  substrate 
temperature  of  RT  and  350°C  by  r.f.  or  d.c.  magnetron  sputtering,  a  minimum  resistivity 
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Fig.l.  Resistivity  (O),  Hall  mobility 
(A)  and  carrier  concentration  (□) 
as  functions  of  In4SnsOi2  content  for 
(Ga,  In)203-In4Sn30i  2  films. 


WAVELENGTH  (nm) 


Fig. 2.  Optical  transmission  spectra 
for  (Ga,ln)203-ln4Sn30 12  films 
prepared  with  In4SnsOj2  contents  of  0 
(a),  20  (b),  70  (c)  and  100  (d)  wt.%. 


Fig.3.  Band-gap  energy  (O),  work  function  (A)  and  etching  rate  (O)  as  functions 
ofIn4Sn30i2  content  for  (Ga,  In) 203-In4Sn  3O  /  2  films. 


was  obtained  using  a  Ga203-In203  target  with  a  Ga  content  (Ga/(In+Ga)  atomic  ratio)  of 
approximately  50  at.%.[  1 7, 1 8]  When  prepared  on  substrates  at  350°C,  the  deposited  films 
was  identified  as  (Ga,In)203  by  X-ray  diffraction  analyses.  [18] 

The  electrical  properties  of  resistivity  (p),  carrier  concentration  (n)  and  Hall  mobility 
(/i)  as  functions  of  the  In4Sn30i2  content  are  shown  in  Fig.l  for  (Ga,In)203-In4Sn30|2 
films  prepared  at  a  substrate  temperature  of  RT.  The  film  deposition  was  carried  out  at  a 
sputter  gas  pressure  of  0.25  Pa  with  an  02  gas  content  of  1%  and  under  the  optimal 
conditions  for  the  preparation  of  both  In4Sn30i2  and  (Ga,ln)203  films.  The  electrical 
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properties  varied  continuously  as  the  In4Sn30i2  content  was  varied  from  0  to  100  wt%. 
The  resistivity  of  (Ga,In)203-In4Sn3Oi2  films  was  varied  in  a  range  from  10‘2  to  10'4  Qcm 
by  changing  the  composition.  Figure  2  shows  optical  transmission  spectra  for 
(Ga,In)203-ln4Sn30|2  films  prepared  at  RT  using  targets  with  different  In4Sn30i2  contents. 
An  average  transmittance  above  85%  in  the  visible  range  was  obtained  in  all 
(Ga,In)203-In4Sn30|2  films:  In4Sn30|2  content  varied  from  0  to  100  wt.%.  From  the 
transmission  spectra  shown  in  Fig.2,  the  band-gap  energy  [13,16]  of  (Ga,ln)203-In4Sn30i2 
films  is  roughly  estimated  to  have  slightly  increased  from  3.4  to  3.5  eV  as  the  ln4Sn30|2 
content  was  increased.  It  should  be  noted  that  transparent  and  conductive  thin  films  could 
be  prepared  over  all  the  compositions  in  the  (Ga,ln)203-In4Sn30i2  system. 

For  specialized  applications,  it  is  desirable  to  control  the  etching  rate  of  TCO  films. 
(Ga,ln)203  films  were  more  easily  etched  in  acid  solutions  such  as  HC1  than  indium-tin 
oxide  (ITO)  films,  which  have  been  used  for  practical  conventional  applications.  However, 
In4Sn30|2  films  were  difficult  to  etch  in  acid  solutions.  Figure  3  shows  work  function  ( </> ), 
band-gap  energy  (Eg)  and  etching  rate  (RE)  as  functions  of  the  In4Sn3Oi2  content  for 
(Ga,In)203-In4Sn30i2  films  prepared  on  substrates  at  RT;  work  function  and  band-gap 
energy  changed  slightly  as  the  composition  was  changed.  As  can  be  seen  in  Figs.  1  and  3,  it 
was  found  that  the  work  function  decreased  from  5.2  to  4.8  eV  but  the  carrier  concentration 
increased  from  approximately  10|t;  to  1021  as  the  In4Sn30|2  content  was  increased  from  0  to 
100  wt%.  It  should  be  noted  that  the  work  function  showed  a  tendency  to  decrease  with 
increasing  carrier  concentration.  The  above  relationship  between  work  function  and  carrier 
concentration  may  be  attributable  to  the  theoretically  expected  relationship  between  carrier 
concentration  and  Fermi  energy  found  in  degenerated  semiconductors.  The  etching  test  of 
films  was  carried  out  in  0.2  M  HCI  at  25°C.  The  etching  rate  decreased  as  the  In4Sn3Oi2 
content  was  increased  up  to  about  60  wt.%;  however,  films  with  In4Sn30|2  contents  above 
70  wt.%  were  not  etched  in  this  etchant.  The  decrease  of  etching  rate  with  increasing 
ln4Sn3Oi2  content  is  related  to  the  increasing  Sn  content  in  the  TCO  films;  i.e.,  the 
chemical  properties  of  TCO  films  were  basically  determined  by  the  kind  and  amount  of 
metal  elements  they  contain.[16]  From  X-ray  diffraction  analyses,  (Ga,In)203-In4Sn3Oi2 
films  prepared  on  RT  substrates  with  In4Sn3Oi2  contents  from  0  to  about  90  wt.%  were 
amorphous.  Although  In4Sn30i2  films  prepared  at  RT  was  crystalline,  the  electrical,  optical 
and  chemical  properties  of  the  films,  as  described  above,  were  relatively  independent  of  the 
crystallographical  properties  of  films  prepared  with  a  In4Sn3Oi2  content  ranging  from  0  to 
100  wt.%. 


(Ga,In)?Q3-Zn->In?Ch;  Thin  Films 

We  have  reported  that  transparent  conducting  Zn2ln205  films  could  be  prepared  at 
substrate  temperatures  of  RT  and  350°C  by  r.f.  or  d.c.  magnetron  sputtering  using  an 
Zn0-In203  target  with  a  Zn  content  (Zn/(In+Zn)  atomic  ratio)  of  15-40  at.%.[l  1-13]  The 
electrical  properties  as  functions  of  the  Zn2ln203  content  are  shown  in  Fig. 4  for 
(Ga,In)203-Zn2In205  films  prepared  at  a  substrate  temperature  of  RT.  The  film  deposition 
was  carried  out  in  pure  Ar  at  a  sputter  gas  pressure  of  0.25  Pa  and  under  the  optimal 
conditions  for  the  preparation  of  Zn2ln2C>5  films.  The  electrical  properties  varied 
continuously  as  the  Zn2In205  content  was  varied  from  0  to  100  wt.%.  The  resistivity  of 
(Ga,In)203-Zn2ln205  films  could  be  controlled  in  a  range  from  10'3  to  10'4  Qcm  by 
changing  the  composition.  It  was  found  that  an  average  transmittance  above  80%  in  the 
visible  range  was  obtained  in  all  (Ga,In)203-Zn2In203  films:  Z^I^Oj  content  ranging 
from  0  to  100  wt.%.  The  band-gap  energy  of  (Ga,In)203-  Zn2In205  films  is  roughly 
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Fig. 4  Resistivity  (O),  Hall  mobility 
(A)  and  carrier  concentration  (□)  as 
functions  of  Zn2ln20s  content  for 
(Ga,  In) 203-Zn2In205 films. 


Fig.  5.  Band-gap  energy  (O),  work 
function  (A)  and  etching  rate  (O)  as 
functions  of  Zn2ln205  content  for 
(Ga,ln)203-Zn2ln205 films. 


estimated  to  have  slightly  decreased  from  3.4  to  2.9  eV  as  the  Zn2ln205  content  was 
increased.  It  should  be  noted  that  transparent  and  conductive  thin  films  could  be  prepared 
over  all  the  compositions  in  the  (Ga,In)203-Zn2In20s  system.  In  addition,  (Ga,In)203- 
Zn2In205  films  prepared  at  RT  with  a  Zn2In205  content  that  ranged  from  0  to  100  wt.% 
were  amorphous. 

Figure  5  shows  work  function,  band-gap  energy  and  etching  rate  as  functions  of  the 
Zn2In2Oi  content  for  (Ga,In)203-Zn2In205  films  prepared  on  substrates  at  RT.  The  work 
function  and  band-gap  energy  in  this  system  decreased  slightly  as  the  Zn2In205  content  was 
increased.  Figures  4  and  5  show  that  the  work  function  tends  to  decrease  with  increasing 
carrier  concentration.  The  etching  rate  of  (Ga,In)2C>3-Zn2]n205  films  was  increased  as  the 
Zn2In205  content  was  increased;  the  etching  test  was  carried  out  in  0.2  M  HC1  at  25°C.  The 
increase  in  etching  rate  with  increasing  Zn2In20j  content  is  related  to  the  increasing  Zn 
content  in  the  TCO  films. [1 6] 


(Ga.InbCh-Mgl^O-i  Thin  Films 

The  preparation  of  transparent  conducting  Mgln204  films  was  first  reported  by  Un'no 
et  al.[6]  In  addition,  we  reported  that  in  Mg0-In203  system  films  prepared  at  a  substrate 
temperature  of  RT  by  r.f.  or  d.c.  magnetron  sputtering,  a  minimum  resistivity  could  be 
obtained  by  using  a  Mg0-In203  target  with  an  In  content  (In/(Mg+In)  atomic  ratio)  of 
approximately  84  at.%.[19,20]  The  electrical  properties  as  functions  of  the  MgIn204content 
are  shown  in  Fig.6  for  (Ga,In)203-Mgln204  films  prepared  at  a  substrate  temperature  of  RT. 
The  film  deposition  was  carried  out  in  pure  Ar  at  a  sputter  gas  pressure  of  0.8  Pa  and  under 
the  optimal  conditions  for  the  preparation  of  Mgln204  films.  The  electrical  properties 
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Fig.6.  Resistivity  (O),  Hall  mobility 
(A)  and  carrier  concentration  (□)  as 
functions  of  Mgln204  content  for 
(Ga,  ln)20i-Mgln204  films. 


100  L-l  i  i  i  i  i  i  i  i  i  i _ [4 

0  20  40  60  80  100 

(Ga,ln)203  Mgln204 

Mgln204  CONTENT  (wt.%) 

Fig.  7.  Band-gap  energy>  (O),  work 
function  (A)  and  etching  rate  (O) 
as  functions  of  Mgln204  content  for 
(Ga.In)203-Mgln204 films. 


varied  continuously  as  the  Mgln204  content  was  varied  from  0  to  100  wt.%.  The  resistivity 
of  (Ga,ln)203-Mgln204  films  could  be  controlled  in  a  range  from  1 0‘2  to  10'3  Qcm  by 
changing  the  composition.  It  was  found  that  an  average  transmittance  above  80%  in  the 
visible  range  was  obtained  in  all  (Ga,ln)203-Mgln204  films:  Mgln204  content  ranging  from 
0  to  100  wt.%.  The  band-gap  energy  of  (Ga,ln)203-Mgln204  films  is  roughly  estimated  to 
be  3.4  eV.  It  should  be  noted  that  transparent  and  conductive  thin  films  could  be  prepared 
over  all  the  compositions  in  the  (Ga,ln)203-Mgln204  system. 

Figure  7  shows  work  function,  band-gap  energy  and  etching  rate  as  functions  of  the 
Mgln204  content  for  (Ga,ln)203-Mgln204  films  prepared  on  substrates  at  RT.  The  band-gap 
energy  in  this  system  was  relatively  independent  of  the  composition.  The  work  function 
decreased  from  5.2  to  4.7  eV  as  the  Mgln204  content  was  increased.  In  addition,  it  should 
be  noted  that  the  decrease  of  work  function  is  related  to  the  increase  of  carrier 
concentration  in  a  manner  which  is  similar  to  the  relationship  between  the  work  function 
and  carrier  concentration  found  in  the  other  multicomponent  oxide  films  described  above. 
However,  the  change  in  work  function  with  changes  in  the  composition  of  multicomponent 
oxide  films  was  not  related  to  that  of  band-gap  energy.  The  etching  rate  in  0.2  M  HCI  at 
25°C  could  be  controlled  by  varying  the  Mgln204  content.  From  X-ray  diffraction  analyses, 
the  (Ga,ln)203-Mgln204  films  prepared  on  RT  substrates  with  Mgln204  contents  from  0  to 
about  90  wt.%  were  found  to  be  amorphous.  Although  Mgln204  films  prepared  at  RT  were 
crystalline,  the  electrical,  optical  and  chemical  properties  of  the  films,  as  described  above, 
were  relatively  independent  of  the  crystallographies  properties  of  films  prepared  with  a 
Mgln204  content  that  ranged  from  0  to  1 00  wt.%. 
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ZiijInjOs;  In^SnjO|2 

In4Sn3Ol2  CONTENT  (wt.%) 

Fig. 8.  Resistivity  (O),  Hall  mobility 
(A)  and  carrier  concentration  (□)  as 
functions  of  In+SnsOn  content  for 
Zn  2ln  2Os-In4Sn  3O 12  films. 


0  20  40  60  80  100 

Z^InjOg  In4SnjO|2 


In4Sn30I2  CONTENT  (wt.%) 

Fig.9.  Band-gap  energy  (O),  work 
function  (A)  and  etching  rate  (O) 
as  fiinctions  of  In4Sn30i2  content 
for  Zn2In 205-In4Sn 3O12  films. 


Zn?In?CN-In4Sn3Oi:>  Thin  Films 

The  electrical  properties  as  functions  of  the  Zn2In205  content  are  shown  in  Fig.8  for 
Zn2In205-ln4Sn30|2  films  prepared  at  a  substrate  temperature  of  RT.  The  film  deposition 
was  carried  out  in  pure  Ar  at  a  sputter  gas  pressure  of  1.2  Pa  and  under  the  optimal 
conditions  for  the  preparation  of  Zn2In20s  films.  The  electrical  properties  varied 
continuously  as  the  In4Sn30i2  content  was  varied  from  0  to  100  wt.%.  The  resistivity  of 
Zn2In205-In4Sn30i2  films  could  be  controlled  in  a  range  from  3  to  8X10'4Qcm  by 
changing  the  composition.  It  was  found  that  an  average  transmittance  above  80%  in  the 
visible  range  was  obtained  in  all  Zn2In205-In4Sn30i2  films:  In4Sn30j2  content  ranging  from 
0  to  100  wt.%.  The  band-gap  energy  of  Zn2In205-In4Sn30l2  films  is  roughly  estimated  to 
have  slightly  increased  from  2.9  to  3.4  eV  as  the  ln4Sn3Oi2  content  was  increased.  It  should 
be  noted  that  highly  transparent  and  conductive  thin  films  could  be  prepared  over  all  the 
compositions  in  the  Zn2In205-In4Sn3Oi2  system. 

Figure  9  shows  work  function,  band-gap  energy  and  etching  rate  as  functions  of  the 
In4Sn3Oi2  content  for  Zn2In20rIn4Sn30i2  films  prepared  on  substrates  at  RT.  The  work 
function  and  the  carrier  concentration  in  this  system  were  relatively  independent  of  the 
composition.  In  contrast,  the  band-gap  energy  gradually  increased  as  the  In4Sn30i2  content 
was  increased.  Zn2In205-In4Sn30i2  films  with  In4Sn3Oi2  contents  up  to  60  wt.%  were  not 
etched;  however,  the  etching  rate  increased  as  the  In4Sn3Oi2  content  was  decreased  from  50 


Fig.  10.  Resistivity  (O),  Hall  mobility 
(A)  and  carrier  concentration  (□) 
as  functions  of  Mgln204  content  for 
Zn2ln20j-Mgln204  films. 


Fig.  11.  Band-gap  energy  (OX  work 
function  (A)  and  etching  rate  (0) 
as  functions  of  Mgln204  content  for 
Zn2ln205-Mgln204 films. 


to  0  wt.%.  The  decrease  in  etching  rate  with  increasing  ln4Sn30i2  content  is  related  to  not 
only  the  decreasing  Zn  content  in  the  TCO  films  but  also  the  increasing  Sn  content.[16] 
Zn2In205-In4Sn30i2  films  prepared  on  RT  substrates  with  In4Sn3Oi2  contents  ranging  from 
0  to  about  90  wt.%  were  amorphous.  As  described  above,  the  electrical,  optical  and 
chemical  properties  of  the  films  were  relatively  independent  of  the  crystallographical 
properties  of  films  prepared  with  a  In4Sn30|2  content  ranging  from  0  to  100  wt.%. 


The  electrical  properties  of  Zn2ln20s-Mgln204  films  varied  continuously  as  the 
Zn2In205  content  was  varied  from  0  to  100  wt.%,  as  shown  in  Fig.  10.  The  film  deposition 
was  carried  out  in  pure  Ar  at  a  sputter  gas  pressure  of  1.2  Pa.  The  resistivity  of 
Zn2ln205-Mgln204  films  could  be  controlled  in  a  range  from  10'3  to  10'4  Q  cm  by 
changing  the  composition.  It  was  found  that  an  average  transmittance  above  80%  in  the 
visible  range  was  obtained  in  all  Zn2ln203-Mgln204  films:  Mgln204  content  ranging  from  0 
to  100  wt.%.  The  band-gap  energy  of  Zn2In205-MgIn204  films  is  roughly  estimated  to  have 
slightly  increased  from  2.9  to  3.4  eV  as  the  Mgln204  content  was  increased.  It  should  be 
noted  that  transparent  and  conductive  thin  films  could  be  prepared  over  all  the 
compositions  in  the  Zn2ln205-Mgln204  system. 


Figure  II  shows  work  function,  band-gap  energy  and  etching  rate  as  functions  of 
the  Mgln204  content  for  Zn2ln203-Mgln204  films  prepared  on  substrates  at  RT.  The 
band-gap  energy  increased  as  the  Mgln204  content  was  increased.  The  work  function  in 
this  system  decreased  slightly  as  the  Mgln204  content  was  increased.  In  contrast,  the  carrier 
concentration  of  Zn2ln205-Mgln204  film  decreased  slightly  as  the  Mgln204  was  increased, 
as  seen  in  Fig.  10.  It  should  be  noted  that  the  relationship  between  the  work  function  and 
carrier  concentration  in  this  system  was  different  from  the  other  systems  described  above. 


218 


BAND-GAP  ENERGY  Eg  (eV) 


This  may  be  attributable  to  the  work  function  of  Mgln204,  being  lower  than  the  other 
ternary  compounds  used  in  this  work.  The  etching  rate  of  Zn2In2(>>-MgIn204  films  was  also 
independent  of  the  composition;  the  etching  test  was  carried  out  in  0.2  M  HC1  at  25°C. 

Spatial  Resistivity  Distribution  on  the  Substrate  Surface 

It  is  well  known  that  poly  crystal  line  TCO  films  prepared  on  low  temperature 
substrates  by  magnetron  sputtering  exhibit  a  spatial  resistivity  distribution  on  the  substrate 
surface.[21-24]  Although  most  of  the  multicomponent  oxide  films  described  above  were 
amorphous,  as  evidenced  from  X-ray  diffraction  analyses,  they  exhibited  a  spatial 
resistivity  distribution  on  the  surface  of  substrates  placed  parallel  to  the  target  surface.  For 
example,  the  spatial  resistivity  distribution  of  Mgln204-(Ga,In)203  thin  films  was 
considerably  affected  by  the  MgIn2C>4  content  in  the  target.  Figures  12  and  13  show  the 
electrical  properties  as  functions  of  substrate  surface  location  for  MgIn204-(Ga,In)203  thin 
films  prepared  on  RT  substrates  using  targets  with  Mgln204  contents  of  20  and  84.2  wt.% 
and  40  wt.%,  respectively.  The  film  depositions  were  carried  out  in  pure  Ar  at  a  sputter  gas 
pressure  of  0.25  Pa  and  under  the  optimal  conditions  for  the  preparation  of  (Ga,ln)203  films. 
As  can  be  seen  in  these  figures,  the  curvature  of  the  spatial  resistivity  distribution  inverted 
as  the  Mgln204  content  was  increased.  The  carrier  concentration  at  a  location  on  the 
substrate  corresponding  to  the  erosion  pattern  of  the  target  (approximately  3  to  4  cm) 
changed  markedly  depending  on  the  Mgln204  content.  The  electrical  properties  at  locations 
on  the  substrate  corresponding  to  either  the  erosion  pattern  (closed  symbols)  and  the  center 


Fig.  12.  Resistivity  (O),  Hall 
mobility  (A)  and  carrier 
concentration  (□)  as  functions  of 
substrate  location  for  ( Ga,In)203 - 
Mgln204films  prepared  with 
Mgln204  contents  of  20  (open 
symbols)  and 84.2  wt.%  (closed 
symbols). 


Fig.  13.  Resistivity  (O),  Hall  mobility 
(A)  and  carrier  concentration  (□) 
as  functions  of  substrate  location  for 
(Ga,  In) 20 3-MgIn204  films  prepared 
with  a  Mgln2Q4  content  of  60  wt.%. 
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Fig.  14.  Mgln204  content  dependence  of  resistivity  (O),  Hall  mobility  (A)  and  carrier 
concentration  (ED)  at  locations  on  the  substrate  corresponding  to  either  the  erosion 
pattern  (closed  symbols)  or  the  center  (open  symbols)  of  the  target. 

(open  symbols)  of  the  target  are  shown  in  Fig.  14  as  a  function  of  the  Mgln204  content  for 
MgIn204-(Ga,In)2C>3  thin  films  prepared  under  the  same  deposition  conditions  as  the  films 
shown  in  Figs.  12  and  13.  The  Mgln204  content  dependence  of  the  resistivity  distribution  is 
mainly  related  to  that  of  carrier  concentration.  The  above  results  may  suggest  that  the 
spatial  resistivity  distribution  of  multicomponent  TCO  films  is  mainly  affected  by  the 
amount  of  oxygen  [25]  rather  than  the  bombardment  by  high  energetic  partic!es.[23,24] 

CONCLUSIONS 

Transparent  conducting  oxide  films  using  multicomponent  oxides  consisting  of  a 
combination  of  various  In203  based  ternary  compounds  were  newly  developed.  Transparent 
conducting  thin  films  using  (Ga,In)2C>3-MgIn204,  (Ga,In)203-Zn2In202,  (Ga,ln)203- 
In4Sn30|2,  Zn2In205-In4Sn30|2  and  Zn2ln20.s-Mgln204  were  prepared  over  all  the 
compositions  in  these  multicomponent  oxides.  The  resulting  transparent  conducting 
multicomponent  oxide  films  prepared  on  room  temperature  substrates  by  r.f.  magnetron 
sputtering  are  very  promising  for  use  in  specialized  applications,  because  the  resistivity, 
band-gap  energy,  work  function  and  etching  rate  of  the  films  could  be  controlled  by 
varying  the  composition  in  the  target.  It  can  be  concluded  that  multicomponent  oxides 
consisting  of  combinations  of  ternary  compounds  which  are  transparent  conducting  oxide 
film  materials  or  transparent  conductors  were  transparent  conductors  at  all  compositions.  In 
addition,  multicomponent  oxide  films  prepared  at  RT  exhibited  a  significant  spatial 
distribution  of  resistivity  on  the  substrate  which  was  dependent  on  the  deposition 
conditions  and  composition.  The  resistivity  distribution  is  attributable  to  the  oxygen 
concentration  on  the  substrate  surface  rather  than  the  bombardment  effect  of  high  energy 
particles.  It  is  concluded  that  transparent  conducting  multicomponent  oxide  films  exhibit 
properties  which  are  suitable  for  specialized  applications  because  of  the  changes  in 
physical  properties  brought  about  by  controlling  the  composition  of  materials. 
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ABSTRACT 

We  have  investigated  the  electronic  structures  of  p-  or  w-type  doped  ZnO  based  on  ab  initio 
electronic  band  structure  calculations  in  order  to  control  valence  states  in  ZnO  for  the  fabrication 
of  low-resistivity  p-type  ZnO.  We  find  unipolarity  in  ZnO;  p-type  doping  using  Li  or  N  increases 
the  Madelung  energy  while  w-type  doping  using  Al,  Ga,  In  or  F  species  decreases  the  Madelung 
energy.  We  have  proposed  materials  design:  codoping  using  N  acceptors  and  reactive  codopants, 
Al  or  Ga,  enhances  electric  properties  in  p-type  codoped  ZnO.  It  has  been  already  verified  by 
experiments  using  the  N  acceptors  and  Ga  reactive  donor  codopants.  We  find  a  very  weak 
repulsive  interaction  between  Li  acceptors  and  the  delocalization  of  the  Li-impurity  states  for  Li- 
doped  ZnO,  in  contrast  with  the  case  of  N-doped  ZnO.  On  the  other  hand,  we  find  the 
compensation  mechanism  by  the  formation  of  O  vacancy  in  the  vicinity  of  the  Li- acceptor  sites. 
We  propose  a  group  VII  element,  F  species,  as  a  promising  candidate  for  use  of  the  reactive 
codopant  as  for  Li-doped  ZnO  in  order  to  realize  low-resistivity  p- type  ZnO. 

INTRODUCTION 

Zinc  oxide  (ZnO)  with  a  wurtzite  structure  is  a  wide  band  gap  (3.436  eV  at  4.2K) 
semiconductor  which  has  many  applications  such  as  piezoelectronic  transducers,  varistors,  and 
highly  optically  transparent  conducting  films.  Recent  successes  in  producing  large-area  single 
crystals  have  opened  up  the  possible  applications  in  short-wave  length  light  emitting  devices 
[1,2].  The  main  advantage  of  ZnO  as  the  light  emitter  is  large  exciton  binding  energy  (60  meV). 
ZnO  is  also  much  more  resistant  to  radiation  damage  than  other  common  semiconducting 
materials,  such  as  Si,  GaAs,  CdS,  and  even  GaN;  thus  it  should  be  useful  for  space  applications. 
In  order  to  develop  not  only  the  optoelectronic  devices  but  also  such  large-scale  applications,  one 
important  issue  that  should  be  resolved  is  the  fabrication  of  low-resistivity  p- type  doped  ZnO,  as 
well  as  other  wide  band  gap  semiconductors  such  as  ZnSe  and  GaN.  The  realization  of  the  p- type 
ZnO  will  lead  to  the  fabrication  of  a  unique  pn  junction,  a  key  structure  in  the  semiconductor 
technology. 

ZnO  is  naturally  an  w-type  semiconductor  because  of  a  deviation  from  stoichiometry  due  to 
the  presence  of  intrinsic  point  defects  such  as  O  vacancies  (VQ)  and  Zn  interstitials  (Zr^).  We 
have  found  a  substantial  decrease  in  the  Madelung  energy  of  w-type  ZnO  with  the  excess  of  Zn 
originated  in  the  formation  of  V0  and  Znx  compared  with  that  of  stoichiometric  ZnO,  which 
causes  the  stabilization  of  ionic  charge  distributions  in  w-type  ZnO,  from  ab  initio  electronic 
band  structure  calculations  [3].  Several  authors  reported  the  fabrication  of  low-resistivity  w-type 
ZnO  using  group  III  elements,  [4,5]  Si,  a  Zn-substituting  species  [6],  or  a  group  VII  element,  F 
[7].  On  the  other  hand,  ZnO  has  proven  to  be  difficult  to  dope  as  p- type;  few  studies  concerning 
the  fabrication  of  p- type  ZnO  have  been  reported  [8,9].  Recently,  Minegishi  et  al.  succeeded  in 
realizing  p-type  ZnO  at  room  temperature  by  chemical  vapor  deposition,  using  simultaneous 
codoping  of  NH3  and  excess  Zn  [10].  That  study,  however,  showed  poor  reproducibility,  high 
resisitivity  of  typically  100  Q  cm  and  low  carrier  concentration  in  the  order  of  101  cm'  which 
are  not  sufficient  for  many  applications. 

Recently,  we  have  proposed  the  codoping  method  using  acceptors  and  reactive  donors 
simultaneously  as  materials  design  for  the  fabrication  of  low-resistivity  p- type  wide  band  gap 
semiconductors  such  as  CuInS2  [11-13],  GaN  [14-16],  ZnSe  [17-19],  ZnO  [20]  and  AIN  [21].  For 
GaN,  our  prediction  concerning  the  codopant  pair,  Be  acceptors  and  O  reactive  donors,  which  is 
one  of  four  pairs  proposed  by  us  [14-16],  was  confirmed  by  experiments  successfully  conducted 
by  German  group  [22].  For  ZnO,  we  predicted  two  effective  codopant  pairs,  (N,  Ga)  and  (N,  Al) 
[20].  Very  recently,  Osaka’s  group  verified  it,  reporting  the  realization  of  p- type  ZnO  with  a 
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room  temperature  resistivity  of  2  Q-cm  and  high  hole  concentration  of  4xl019  cm'3  using  N  as 
acceptors  and  Ga  as  reactive  donors  [23].  They  concluded,  from  X-ray  photoelectron 
spectroscopic  (XPS)  measurements,  that  they  get  a  2N  :  IGa  ratio  in  the  codoped  ZnO  films, 
which  is  the  ratio  predicted  by  our  theoretical  calculations  for  obtaining  low-resistivity  p-type 

In  this  paper,  we  first  study  the  “u nipolarity”  doping  problem  in  ZnO  crystals  or  films, 
based  on  the  results  of  ab  initio  electronic  band  structure  calculations.  We  investigate  what 
hampers  the  use  of  N,  an  O-substituting  species,  or  Li,  a  Zn-substituting  one,  as  a  practical 
acceptor  dopant.  Second,  we  summarize  the  effects  of  the  codoping  on  /Hype  doping  in  wide- 
band-gap  semiconductors  in  order  to  propose  an  effective  solution  to  the  “unipolarity”  doping 
problem.  Third,  we  discuss  the  influence  of  reactive  donors  on  the  incorporation  of  acceptors,  N 
and  Li  species,  and  electronic  structures  of  the  p- type  codoped  ZnO. 

METHODOLOGY 

The  results  of  our  band  structure  calculations  for  ZnO  crystals  were  based  on  the  local- 
density  approximation  (LDA)  treatment  of  electronic  exchange  and  correlation  [24-26]  and  on 
the  augmented  spherical  wave  (ASW)  formalism  for  the  solution  of  effective  single-particle 
equations  [27].  For  the  calculations,  the  atomic  sphere  approximation  (ASA)  with  a  correction 
term  was  adopted.  For  undoped  ZnO  crystals,  Brillouin  zone  integration  was  carried  out  for  84 -k 
points  in  an  irreducible  wedge  and  for  24 -k  points  for  doped  and  codoped  ZnO  crystals  For 
valence  electrons,  we  employed  outermost  s,  p  and  d  orbitals  for  Zn  atoms  and  5  and  p  orbitals 
ror  the  other  atoms.  The  Madelung  energy,  which  reflects  long-range  electrostatic  interaction  in 
the  system,  was  assumed  to  be  restricted  to  a  sum  over  the  monopoles. 

We  studied  the  crystal  structures  of  doped  and  codoped  ZnO  with  periodic  boundary 
conditions  by  generating  supercells  that  contain  the  object  of  interest.  (1)  For  n-type  ZnO  doped 
with  group  III  elements  (III-A1,  Ga  or  In),  a  Zn-substituting  species,  we  replace  one  of  the  16 
sites  of  Zn  atoms  by  a  donor  site  in  model  supercells,  as  shown  Fig.  1.  (2)  For  n-type  ZnO  doped 
with  a  group  VII  element,  F  species,  an  O-substituting  one,  we  replace  one  of  the  16  sites  of  O 
atoms  by  a  donor  site  in  model  supercells.  (3)  For  p- type  ZnO  doped  with  N  (Li)  alone  we 
replace  one  of  the  16  sites  of  O  (Zn)  atoms  by  an  acceptor  site.  (4)  For  p-type  ZnO  codoped  with 
the  reactive  donors  using  the  group  III  elements  and  2N,  (ZnO:(III,  2N)),  we  replace  two  of  the 
16  sites  of  the  O  atoms  by  the  N  atom  sites  and  one  of  the  16  sites  of  the  Zn  atoms  by  the  donor 
site.  (5)  For  /Hype  ZnO  codoped  with  the  reactive  donors  using  the  F  species  and  2Li  (ZnO*(F 
2Lt)),  we  replace  two  of  the  16  sites  of  the  Zn  atoms  by  the  Li  atom  sites  and  one  of  the  16  sites 
of  the  O  atoms  by  the  donor  site. 

In  this  work,  for  codoped  ZnO 
crystals,  we  decided  the  crystal 
structures  under  the  condition  that 
the  total  energy  is  minimized  from 
all  atomic  configurations.  We 
neglect  the  effects  of  relaxation  due 
to  dopants  whose  covalent  radii  are 
similar  to  those  of  substituted  atoms 
on  the  lattice  constants  .  and 
displacement  of  atoms  in  the  vicinity 
of  the  dopants  because  the 
magnitude  of  change  in  the  total 
energy  due  to  the  relaxation,  almost 
on  the  order  of  102  meV,  is  smaller 
than  those  of  the  Madelung  energy 
calculated  below. 

RESULTS  AND  DISCUUSION 

zt-Tvpe  Doping 

doped  with  the  group  III  elements,  Al,  Ga  or  In. 


0  III  (=AI?  Ga  or  In) 

Fig.  1.  Crystal  structure  of  supercell  for  ZnO 
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First,  we  show  the  crystal 
structure  of  ZnO  doped  with  the 
group  III  elements  (Al,  Ga  and  In)  in 
Fig.  1.  Next,  we  present  the  total 
density  of  states  (DOS)  of  undoped 
ZnO  crystals  in  Fig.  2(a)  as  a 
standard  reference  and  those  of  ZnO 
doped  with  Al,  Ga,  In  or  F  in  Figs. 
2(b)  to  2(e),  respectively.  The  2s 
states  at  O  sites  are  included  in  the 
calculation  as  valence  states,  but 
those  located  around  -18  eV  below 
the  Fermi  energy  (EF)  are  omitted  in 
Fig.  2  because  such  electrons  form  a 
r  narrow  band  and  have  little 
interaction  with  other  states.  Energy 
is  measured  relative  to  EF. 

For  undoped  ZnO  in  Fig.  2(a), 
we  find  two  groups  in  the  valence 
band.  (1)  There  are  bands  with  a 
strong  a  character  originating  mostly 
from  d  states  at  Zn  sites  from  -6.5 
eV  to  -4.0  eV.  (2)  The  upper  valence 
band  located  above  approximately  - 
4.0  eV  originates  mainly  from  the  p 
states  at  O  sites.  The  lowest 
conduction  bands  have  a  strong  Zn 
4s  contribution;  there  are  charge 
transfers  from  Zn  45  to  O  2 p  due  to 
the  mixing  between  the  s  and  p 
states  at  O  sites,  and  the  s  and  p 
states  of  the  surrounding  Zn  shifts 
the  center  of  gravity  of  the  local 
DOS  at  the  O  sites  towards  lower- 
energy  regions.  This  results  from  a 
remarkable  difference  in 
electronegativity,  1.79,  between  Zn 
species  (1.65)  and  O  one  (3.44)  by 
Pauling,  whose  percent  ionic 
character  is  55  %;  It  means  that  the 
chemical  bonds  in  ZnO  with  a 
wurtzite  structure  have  an  ionic 
rather  than  a  covalent  character. 
The  features  of  the  DOS  of  undoped 
ZnO  are  in  good  agreement  with 
those  already  calculated  theoretically 
using  the  LDA  [28,  29]. 

Figures  2(b)  to  2(e)  show  that 
an  excess  electron  is  generated  at  the 
bottom  of  the  conduction  band. 
The  arrows  in  Figs.  2(b)  to  2(d) 
indicate  the  bonding  states  between 
the  s  states  of  the  donor  dopants  and 
the  p  states  of  O  atoms  located  near 
the  dopants.  For  F-doped  ZnO  in  Fig. 
2(e),  the  arrow  indicates  the  bonding 
states  between  the  s  states  at  the  F 


o  o  i  ii.i . 

-12  -8.0  -4.0  0.0  4.0  8.0 

Energy  (eV) 


Fig.  2.  Total  DOS  of  (a)  undoped  ZnO,  (b)  Al- 
doped  ZnO,  (c)  Ga-doped  ZnO,  (d)  In-doped  ZnO, 
and  (e)  F-doped  ZnO  crystals. 
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sites  and  the  5  states  at  the  sites  of 
Zn  close  to  the  site  of  the  F  atoms. 
The  impurity  states  for  H-type 
ZnO:Al,  Ga,  In  or  F  are  found  to  be 
largely  delocalized  near  EP  from  the 
examination  of  the  site-decomposed 
DOS  and  the  dispersion  relations. 
This  results  in  the  same  band  shape 
as  that  of  undoped  ZnO  in  Fig.  2(a). 
Thus,  the  ab  initio  calculations 
indicate  that  the  four  n-type  doped 
ZnO  have  shallow  donor  levels.  We 
note  that  there  is  a  sharp  DOS  peak, 
marked  by  arrows,  due  to  attractive 
potentials  except  for  the  case  of  n- 
type  Al-doped  ZnO,  as  shown  in  Fig. 
2(b).  This  means  that  the  impurity 
states  for  the  three  n-type  ZnO 
doped  with  Ga,  In  or  F  are  localized 
compared  with  that  for  /Hype 
ZnO:Al.  As  a  result,  we  verify  weak 
repulsive  interactions  between  A1 
acceptors  for  n-type  ZnO:Al 
compared  with  those  for  the  three  n- 
type  ZnO  [20],  suggesting  that  the 
A1  species  would  be  most  stable 
among  the  four  donor  dopants. 

gjype  Poping 

We  show  the  total  DOS  of 
undoped  ZnO  crystals  in  Fig.  3(a)  as 
a  standard  and  those  and  site- 
decomposed  DOS  of  ZnO  doped 
with  N  or  Li  in  Figs.  3(b)  to  3(e), 
respectively.  In  Figs.  3(b)  and  3(d), 
we  see  that  a  hole  band  is  generated 
at  the  top  of  the  valence  for  /7-type 
ZnO:(N  or  Li):  both  N  at  O  sites  and 
Li  at  Zn  sites  would  be  acceptors  in 
ZnO. 

For  N-doped  ZnO,  the 
examination  of  N-site-decomposed 
DOS  in  Fig.  3(c)  reveals  the  largely 
localized  impurity  states  at  the  N 
sites  due  to  the  strong  repulsive 
potential.  It  suggests  that  the  N  at 
the  O  sites  are  deep  acceptors.  It 
caused  by  the  difference  in 
electronegativity  between  the  N  and 
O  species.  The  O  species  has  large 
electronegativity  of  3.44  compared 
with  3.04  of  N.  In  such  a  case,  in  O- 
Zn-N  chemical  bonds  with  a 
tetrahedral  coordinate,  the  charge 
transfer  from  the  cation,  Zn,  sites  to 
the  anion,  O,  sites  is  larger  than  that 


Fig.  3.  Total  DOS  of  (a)  undoped  ZnO,  (b)  total 
and  (c)  N-site  decomposed  DOS  of  ZnO  doped 
with  N  and  (d)  total  and  (e)  Li-site  decomposed 
DOS  of  ZnO  doped  with  Li. 


226 


from  the  Zn  to  another  anion,  N,  sites.  Then  the  outermost  of  valence  orbitals,  2 p,  of  the  N  are 
shifted  towards  high  energy  regions,  resulting  in  not  only  the  deep  acceptors  but  also  the 
instability  of  N  atoms  in  p- type  ZnO:N.  The  control  of  impurity  levels  in  the  band  gap  is  a  key 
issue  to  be  solved  for  N-doped  ZnO.  In  other  words,  we  must  enhance  the  incorporation  of  N  and 
lower  the  N  acceptor  levels  for  the  fabrication  of  low-resistivity  /?-type  ZnO  doped  with  N, 
discussed  below. 

For  Li-doped  ZnO,  Fig.  3(e)  shows  delocalized  states  at  the  Li  sites  compared  with  those  at 
the  N  sites  for  N-doped  ZnO.  It  also  indicates  the  strong  interaction  between  the  Li  and  O  in  the 
vicinity  of  the  Li  sites,  resulting  in  the  shifts  of  p  states  at  the  Li  sites  towards  lower  energy 
regions.  It  suggests  that  the  Li  dopants  are  shallow  acceptors  in  /7-type  ZnO:Li..  Moreover,  we 
determined  the  crystal  structures  of  both  ZnO:2N  and  ZnO:2Li,  as  shown  Fig.  4,  in  order  to 
study  the  interaction  between  the  acceptors  using  supercells  method.  They  are  determined  by  ab- 
initio  electronic  band  structure  calculations  under  the  condition  that  the  total  energy  is 
minimized  from  all  atomic  configurations.  We  find  a  short  distance  of  4.57  A  between  two  Li 
acceptors  to  be  energetically  favorable  in  p- type  ZnO:2Li  compared  with  that,  6.14  A,  in  p- type 
ZnO:2N.  For  doping  of  Al,  which  has  high  solubility  in  ZnO  [30],  we  found  the  same  distance 
originated  in  weak  repulsive  interaction  between  Al  donors  for  n-type  ZnO:2Al  [20].  This 
finding  suggest  high  solubility  of  Li  impurities  as  well  as  Al,  in  contrast  with  ZnSe:Li  [10]. 


Zn 

O 


(b) 


Fig.  4.  Crystal  structures  of  (a)  ZnO  doped  with  2N  and  (b)  ZnO  doped  with  2Li. 


Unipolaritv 

“ Unipolarity  ”  means  that  materials  exhibit  an  asymmetry  in  their  ability  to  be  doped  n- 
type  or  p- type.  ZnO  had  been  a  good  n-type  conductor  but  had  not  been  able  to  be  made  /7-type. 
In  our  previous  works,  we  established  unipolarity  of  wide-band-gap  semiconductors  such  as 
CuInS2  [11-13],  GaN  [14-16]  and  ZnSe  [17-19]  from  the  view  point  of  a  change  in  the  Madelung 
energy,  caused  by  intrinsic  or  extrinsic  doping.  For  example,  for  GaN,  /7-type  doping  using  Be  or 
Mg  as  acceptors  gives  rise  to  an  increase  in  the  Madelung  energy  while  n-type  doping  using  Si  or 
O  as  donors  leads  to  a  decrease  in  the  Madelung  energy  [14-16].  An  increase  in  the  Madelung 
energy  by  /7-type  doping  results  in  the  shifts  of  outermost  valence  states,  especially  p  states,  at 
anion  sites  in  the  vicinity  of  the  dopants  near  the  top  of  the  valence  band  towards  higher  energy 
regions,  leading  the  instability  to  the  anion.  As  a  result,  there  increases  the  compensation  due  to 
the  formation  of  anion  vacancies  with  an  increase  in  the  concentration  of  the  acceptor  dopants. 

The  wurtzite  structure  is  favored  by  more  ionic  compounds.  The  bonding  between  hard 
acids,  Al,  Ga,  In  and  Li  and  hard  bases,  N,  O  and  F  can  be  described  approximately  in  terms  of 
ionic  or  dipole-dipole  interactions.  Thus  the  stability  of  the  ionic  charge  distribution  for  p-  or  n- 
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Table  I.  Calculated  difference  in  the  Madelung  energies,  AEM,  (units:  eV)  between 

undoped  and  n-  or  o-tvoe  doned  ZnO  crystals.  _ _ _ 

_ n-type _ p-type _ 

AJ  Ga  In  F  N  Li 

-6.44  -13.72  -9.73  -1.86  +0.79  +13.56 

11  '  ■■■r.-.n.i  r  „  - .1 , .'.'.V"-'.'..'.,- -- - -  - - - >•*.!*>  W.*.i  .J.  ■ 


type  doped  ZnO  depends  strongly  on  a  change  in  the  Madelung,  AEM,  energy.  For  both  p-  and  n- 
type  doped  ZnO,  we  summarized  AEM  in  Table  1. 

Table  I  shows  the  occurrence  of  the  doping  problem  called  “wmpo/ari(y”  of  ZnO  crystals: 
while  n-type  doping  using  Al,  Ga,  In  or  F  species  leads  a  decrease  in  the  Madelung  energy,  p- 
type  doping  using  N  or  Li  causes  an  increase  in  it  whereby  both  low-resistivity  n-  and  p-type 
ZnO  crystals  are  difficult  to  fabricate.  For  Li  doping,  it  suggests  the  compensation  of  the 
formation  of  vacancies  of  the  O  sites  in  the  vicinity  of  the  Li  sites,  resulting  in  high  resistivity. 

From  Table  I,  we  propose  the  Ga  species  is  eminently  suitable  for  use  of  n-type  dopants. 
For  p-type  doping  using  N  species,  N  acceptor  levels  must  be  lowered,  discussed  the  above 
section,  with  a  decrease  in  the  Madelung  energy.  For  Li  doping,  it  is  a  key  issue  to  control 
valence  states  in  order  to  decrease  the  vacancies  of  the  O  sites. 

Codoping  Method 

In  this  section,  we  summarize  the  significant  physics  of  our  codoping  method  using 
acceptors  and  donors  as  reactive  dopants  simultaneously  for  the  fabrication  of  low-resistivity  of 
p-type  wide-band-gap  semiconductors.  We  find  that  the  codoping  method  forms  acceptor  and 
donor  complexes  in  the  crystals,  and  contributes  (i)  to  reduce  the  Madelung  energies  and 
enhance  the  incorporation  of  acceptors  because  the  acceptor-donor  attractive  interaction 
overcomes  the  repulsive  one  between  the  acceptors,  and  (ii)  to  lower  the  energy  levels  of  the 
acceptors  and  raise  them  of  the  donors  in  the  band  gap  due  to  the  strong  interaction  between  the 
acceptors  and  donors  with  forming  an  acceptor-donor-acceptor  complex  in  Fig.  5,  and  (iii)  to 
increase  the  carrier  mobility  due  to  the  short-range  dipole-like  scattering  mechanism  (long-range 
Coulomb  scattering  one  is  dominated  in  the  case  of  doping  of  acceptors  alone).  Thus,  the  p-type 
codoped  semiconductors  exhibit  low-resistivity  with  high  carrier  density  and  mobility. 


Fig.  5  The  acceptor  (A)  level  is  lowered  and  the  reactive  donor  (D)  level  is  raised  with 
the  formation  of  acceptor-donor-acceptor  complexes  upon  codoping. 
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CQdoping  .Qf  N  and  thegronp  HI  elements (AJ,.G3»i>nd.  In). 


We  apply  the  codoping  method  to  ZnO  using  N  as  acceptors  and  the  group  III  elements,  Al, 
Ga  and  In,  as  reactive  donor  codopants,  in  the  ratio  of  2  to  1.  We  show  the  crystal  structure  of  p- 
type  ZnO:(2N,  III(=A1,  Ga  or  In))  in  Fig.  6.  We  determined  them  under  the  condition  that  the 
total  energy  is  minimized  from  all  atomic  configuration  in  the  supercell.  A  strong  correlation 
between  the  reactive  donors  and  N  acceptors  results  in  the  formation  of  the  complexes,  including 
the  III-N  pair,  which  occupy  nearest-neighbor  sites,  and  a  more  distant  N,  located  at  the  next- 
nearest-neighbor  site  in  a  layer  close  to  the  layer  including  the  III-N  pair. 

For  p- type  GaN:(2Mg,  O)  or  (2Be,  O)  with  a  wurtzite  structure  [14-16]  and  /7-type 
ZnSe:(2N,  In)  [17]  or  (2Li,  C1(I))  [18,19]  with  a  zincblende  structure,  the  total  energy 
calculations  revealed  that  the  formation  of  acceptor-donor-acceptor  complexes  which  occupy 
nearest-neighbor  sites  is  energetically  favorable.  The  difference  in  the  structure  of  the  complexes 
between  /7-type  codoped  ZnO  and  the  other  codoped  semiconductors,  GaN  and  ZnSe,  suggests 
that  ZnO  has  a  strong  ionic  character  in  chemical  bonds  compared  with  the  two  crystals  above. 

We  summarized  the  calculated  differences  in  the  Madelung  energy  among  /7-type  ZnO:N 
as  a  standard,  ZnO:2N  and  codoped  ZnO  in  Table  II.  It  shows  that  simultaneous  codoping 
decreases  the  Madelung  energy  of  /7-type  codoped  ZnO:(2N,  III)  compared  with  /7-type  ZnO 
doped  with  the  N  acceptor  alone:  the  codoping  enhances  the  incorporation  of  the  N  acceptors 
with  the  stabilization  of  the  ionic  charge  distribution  in  /7-type  ZnO  crystals. 

It  is  of  interest  to  study  what  happens  when  the  complexes  including  acceptors  and 
reactive-donor  codopants  are  formed  by  the  codoping.  We  show  the  N-site-decomposed  DOS  of 
/7-type  ZnO:N  as  a  standard  in  Fig.  7(a)  and  of  ZnO:(III,  2N)  in  Figs.  7(b)  to  7(d).  We  note  that 
the  formation  of  the  complexes  leads  to  a  mixed  state  of  a  hole  generated  at  the  top  of  the 
valence  band  originating  from  the  two  N  acceptors,  especially  at  the  N  acceptor  site  close  to  the 
reactive  donor  sites  (dotted  curve). 


0  N 


O 


Zn 

#ffl(=Al,Gaor!n) 


Fig.  6  Crystal  structure  of  ZnO  codoped  with  2N  acceptors  and  the  group  III(— Al,  Ga  and  In) 
elements  as  reactive  donor  codopants. 


Table  II.  Calculated  differences  in  the  Madelung  energy  among  /7-type  ZnO:N  as  a 
standard,  /?- type  ZnO:2N  and  /7-type  codoped  ZnO:(2N,  III(=A1,  Ga  and  In)).  units:eV 


N-doped  alone  codoped 

2N:  +0.91  (2N,  Al):  -4.74,  (2N,  Ga):  -12.06,  (2N,  In):  -7.79 
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Figures  7(b)  to  7(d)  show  a  shift 
of  the  weight  of  the  p  states  at  the  site 
of  N  atoms  (dotted  curve)  close  to  the 
reactive  donor  sites,  towards  lower- 
energy  regions  due  to  the  charge 
transfer  from  the  Al,  Ga  or  In  to  the  N 
atoms.  It  causes  not  only  the 
stabilization  but  also  delocalization  of 
N  acceptors  in  p- type  codoped  ZnO 
compared  with  p-type  ZnO  doped 
with  N  alone  in  Fig.  7(a).  We  note 
that  Figures  7(b)  to  7(d)  show  that  as 
the  polarizing  power  of  reactive 
donors  increases  in  the  order  of  In  < 
Ga  <  Al,  we  find  that  the 
delocalization  of  states  of  the  N  close 
to  the  reactive  donors  increases  in  the 
same  order.  At  the  same  time,  a 
strong  interaction  between  the  two  N 
acceptors  gives  rise  to  a  slight  shift  of 
the  weight  of  the  p  states  of  the 
remaining  N  (solid  curve)  towards 
lower-energy  regions,  resulting  in  the 
same  shift  of  a  sharp  DOS  peak  near 
the  top  of  the  valence  band,  as  shown 
in  Figs.  7(b)-7(d).  It  means  that  the 
co  do  ping  using  reactive  donor 
codopants  gives  rise  to  the 
stabilization  of  both  electronic  and 
lattice  system.  As  an  effect  of  the 
codoping,  we  predict  that  the  acceptor 
levels  in  the  band  gap  are  lowered 
due  to  the  strong  interaction  between 
the  N  acceptor  and  reactive  donor 
codopants,  as  shown  in  Fig.  8.  We 
note  that  the  acceptor  level  of  N, 
belonging  to  the  III-N  pair  will  be 
lowered  very  well.  Thus,  we 
concluded  that  Al  and  Ga  are 
eminently  suitable  as  the  reactive 
donor  codopants  for  the  fabrication  of 
low-resistivity  p-type  ZnO  crystals. 

Our  theoretical  prediction, 
especially  the  effects  of  the  codoping 
of  N  and  Ga,  was  verified  by 
experiments  by  Osaka's  group.  They 
reported  that  the  codoping  enhances 
p-  type  activity  in  terms  of 
conductivity  and  carrier  concentration. 
They  realized  p- type  ZnO  with  a 
room  temperature  resistivity  of  2 
Q  cm  and  high  hole  concentration  of 
4xl019  cm'3.  Moreover,  from  XPS 
data  of  GaN  and  p- type  codoped  ZnO, 
they  concluded  the  relative  ratio  of 
Ga  to  N  in  the  p-type  ZnO  thin  films 
is  obtained  as  1  to  2. 


Fig.  7.  Site-decomposed  DOS  of  p-states  for  (a) 
ZnO:N,  ZnO:(b)  (A1,N),  (c)  (Ga,N)  and  (d)  (In,N). 
Dotted  curve  indicates  the  DOS  at  theN  close  to  the 
III  element  sites;  the  solid,  the  DOS  at  the  sites  of 
second-nearest-neighbor  N  atoms.  It  is  after  Fig.  3. 
of  Ref.  [20]. 


conduction  band 


isolated  acceptor . \ 


Fig.  8.  A  change  in  acceptor  and  donor  level 
by  the  codoping.  N(I)  is  N  belonging  to  the  III-N 
pair  and  N(II)  is  N,  being  located  at  the  second- 
nearest-neighbor  sites.  See  Fig.  6. 
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Codoping  of  N  and  Zn 

Minegishi  and  coworkers  reported  that  they  realized  p- type  ZnO  film  by  the  simultaneous 
addition  of  NH3  in  carrier  hydrogen  and  excess  Zn  in  source  ZnO  powder  [10].  In  general,  many 
oxides  of  transition  and  post-transition  elements  such  as  Zn  can  have  quite  high  concentrations  of 
defects.  The  defects  are  often  associated  with  deviations  from  perfect  stoichiometry,  and  are 
formed  because  of  the  relative  ease  of  reduction  or  oxidation  of  the  metal  ion.  Reduction  can  be 
accompanied  by  formation  of  interstitial  metal  atoms,  or  by  oxygen  vacancies.  Thus,  in  this  work, 
we  assume  that  the  excess  Zn  would  form  interstitial  Zn  (Zn;)  in  ZnO  crystals  under 
consideration.  The  reduction  leaves  extra  electron  in  ZnO.  In  other  words,  ZnO:Znj  behaves  n- 
type.  From  this  view  point,  the  doping  method  used  in  the  above  report  [10]  is  the  codoping  one 
using  acceptor  and  donor  simultaneously. 

We  show  the  crystal  structure  of  ZnOiZn,  in  Fig.  9(a),  which  is  determined  using  ab  initio 
electronic  band  structure  calculations  under  the  condition  of  the  minimization  of  the  total  energy. 

We  find  that  the  interstitial  Zn  is  surrounded  by  three  oxygen  atoms  as  the  first  neighbors 
with  the  distance  of  2.005  A  between  the  Zn;  and  the  O  sites,  being  almost  same  value  as  that 
between  Zn  and  O  in  host  material,  ZnO.  We  note  that  the  Zn;  by  doping  of  excess  Zn  causes  a 
remarkable  increase  in  the  Madelung  energy,  11.38  eV;  the  defect  is  unstable. 

Next,  we  show  the  crystal  structure  of  ZnO  codoped  with  Zn;  and  2N  in  Fig.  9(b),  which  is 
determined  using  ab  initio  electronic  band  structure  calculations  under  the  condition  of  the 
minimization  of  the  total  energy.  The  calculations  show  that  the  formation  of  the  complex 
including  N-Zn-N,  which  occupy  nearest-neighbor  sites,  is  energetically  favorable.  It  suggests 
that  the  growth  technique  using  excess  Zn  enhances  the  incorporation  of  N  species  into  ZnO 
crystals.  Considering  that  the  above  complex  behaves  not  acceptor  but  neutral,  we  must  control  a 
partial  pressure  of  N  gas  in  such  a  way  that  the  complex  including  N-Zn-N-N-  or  a  “chain-like” 
complex,  such  as  N-Zn-N  —  N  ,  which  occupy  more  distant  sites  from  the  rest  of  the  complex 
will  be  formed.  In  such  a  case,  codoping  using  N  and  excess  Zn  as  reactive  donor  codopant  may 
cause  a  problem  of  reproducibility.  The  reason  is  that  the  calculations  show  a  13.33  eV  increase 
in  the  Madelung  energy  for  intrinsic  ZnO  with  the  complex,  N-Zn-N,  compared  with  that  for 
undoped  ZnO  with  stoichiometry. 


(a) 


(b) 


Fig.  9  Crystal  structures  of  (a)  ZnO  doped  with  interstitial  Zn(Zni)  and  (b)  ZnO  codoped 
with  2N  acceptors  and  reactive  donor  codopant,  Zrv 
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Codping  of  Li  and  F 


From  our  calculations,  Li  species  is  an  attractive  candidate  for  use  of  shallow  acceptor. 
Recently,  Onodera  and  co-workers  reported  high  solubility,  Zno9Li01O,  of  Li  species  into  ZnO 
single  crystals  [30].  However,  there  has  been  no  report  of  the  fabrication  of  p-type  ZnO:Li  while 
there  were  reports  that  doping  of  Li  increases  its  resistivity  [311  and  also  shows  ferroelectric 
nature  [32,33]. 

Our  calculations  concerning  the  effects  of  the  doping  of  Li  on  a  change  in  the  Madelung 
energy  shows  a  remarkable  increase  in  Table.  1.  It  means  that  Li-doping  causes  the  instability  of 
ionic  charge  distributions  around  the  doping  sites,  especially  at  the  O  sites  in  the  vicinity  of  the 
Lizn  sites:  as  a  result,  there  occurs  the  formation  of  donor  defects,  O  vacancies  (VD).  Then  we 
investigate  the  crystal  structure  of  ZnO:  (Li,  V0)  under  the  condition  that  the  total  energy  is 
minimized  from  all  atomic  configurations.  We  show  it  in  Fig.  10.  We  find  that  the  distance 
between  the  Li  and  V0  sites  is  3.83  A.  This  means  that  the  doping  of  Li  acceptors  gives  rise  to 
bad  crystallinity  due  to  the  compensation  by  O  vacancies.  As  a  result,  Li-doped  ZnO  probably 
exhibit  high-resistive  n-type  behavior. 

From  those  studies  on  the  effects  of  Li-doping  on  the  Madelung  energy  and  crystallinity, 
most  important  key  technology  to  fabricate  low-resistivity  p- type  ZnO  crystals  using  Li  species 
as  acceptors  is  such  a  way  that  the  formation  of  O  vacancies  can  be  avoided  without  degradation 
of  the  solubility  of  Li  impurities.  Considering  that  Li  species  is  hard  acids  with  small 
electronegativity  and  has  a  strong  polarizing  effect  on  the  valence  electrons  of  the  anion,  we 
focus  on  hard  bases,  F  species,  which  occupy  “ O-sites ”,  to  be  suitable  for  use  in  reactive- 
codopant  donors.  In  such  a  case,  considering  that  the  hard  acid-base  interactions  are 
predominantly  electrostatic,  long-range  Coulomb  attractive  ones,  we  expect  the  possibility  of  the 
formation  of  the  complexes  including  Li-F-Li,  which  occupy  nearest-neighbor  sites,  although  its 
Madelung  energy  are  increased  due  to  their  small  charge,  being  approximately  to  a  unit,  under 
not  thermal  equilibrium  but  one  of  metastable  states  using  MBE  and  MOCVD  growth  technique. 
Here  we  append  that  the  melting  points  of  Li20  with  a  antifluorite  structure  and  LiF  with  a  rock 
salt  structure  are  1570  C  and  848.  C,  respectively,  which  are  lower  than  1980°  C  of  ZnO. 
This  suggests  little  problem  of  segregation  or  precipitates  of  Li-0  or  Li-F  compounds. 


Fig.  10.  Crystal  structure  of  supercell  for  ZnO  doped  with  Li  and  O  vacancies  (V0).  The 
distance  between  the  Li  and  VQ  is  3.83  A. 
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Total  energy  calculations  show  that  the  formation  of  Li-F-Li  complexes  that  occupy 
nearest-neighbor  sites,  which  causes  lowered  (raised)  acceptor  (donor)  levels  in  the  band  gap,  is 
energetically  favorable.  Figure  11  shows  the  crystal  structure  of  ZnO:(2Li,  F).  From  the 
calculations,  we  find  a  small  decrease  of  380  meV  in  the  Madelung  energy  compared  with  ZnO 
doped  with  2Li  alone,  being,  however,  very  larger  than  that  for  ZnO:Li,  without  the  vacancies  of 
0.  This  indicates  that  it  is  very  difficult  to  realize  p- type  ZnO  with  the  same  order  of  carriers  as 
p-type  ZnO:(2N,  Ga)  or  (2N,  Al)  crystals.  Considering  that  Li  has  high  solubility  and  the 
bonding  between  a  hard  acid,  Li,  and  a  hard  base,  F,  can  be  described  approximately  in  terms  of 
ionic  long-range  Coulomb  interactions,  it  may  be  possible  to  realize  p-type  ZnO:(2Li,  F)  if  we 
control  a  partial  pressure  of  O  gas  the  under  the  O-rich  condition  as  a  metastable  state. 


Fig.  11  Crystal  structure  of  p-type  ZnO  codoped  with  2Li  and  F  species. 


CONCUSIONS 

The  theoretical  investigation  of  materials  design  for  the  fabrication  of  low-resistivity  p- 
type  ZnO  crystal  leads  to  the  following  conclusions.  (1)  We  predict  the  “unipolarity”  in  ZnO 
crystals.  (2)  We  propose  Ga  and  Al  species  as  suitable  candidates  for  use  of  donors.  (3) 
Simultaneous  codoping  using  N  species  as  an  acceptor  and  the  Ga  or  Al  as  reactive-codopant 
donor  is  very  effective  for  materials  design  to  fabricate  low-resistivity  p-type  ZnO  crystals. 

(4)  For  both  ZnO:(2N,  Zn;)  and  ZnO:(2Li,  F),  there  will  remain  problems  of  poor  reproducibility 
with  degradation  of  crystallinity  due  to  an  increase  in  the  Madelung  energy  while  the  donor 
codopants,  excess  Zn  or  F,  enhances  the  incorporation  of  the  acceptors  into  ZnO  crystals. 

These  results  await  experimental  verification. 
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ABSTRACT 

Thin  films  of  CuA102,  CuGa02  and  Agln02  with  delafossite  structure  were  prepared  on 
sapphire  substrates  by  pulsed  laser  deposition  method.  The  resulting  CuA102  thin  films 
exhibited  p-type  conduction  and  the  electrical  conductivity  at  room  temperature  was  0.3  S  cm'1. 
CuGa02  thin  films  were  grown  epitaxially  on  a-Al203  (001)  surface  and  showed  p-type 
conduction  (conductivity  at  room  temperature  =  0.06  S  cm'1).  The  optical  band  gap  was 
estimated  to  be  ~3.5  eV  for  CuA102  or  ~3.6  eV  for  CuGa02.  On  the  other  hand,  the  thin  film  of 
Sn  doped  AgInOz  exhibited  n-type  conduction.  The  optical  band  gap  and  electrical  conductivity 
at  room  temperature  were  ~4.1  eV  and  70  S  cm'1,  respectively.  The  recent  work  demonstrates 
the  validity  of  our  chemical  design  concept  for  p-  and  n-type  transparent  conducting  oxides, 
providing  an  opportunity  for  realization  of  transparent  p-n  junction  using  delafossite-type 
oxides. 

INTRODUCTION 

Transparent  conductive  oxides  (TCOs)  such  as  electron  doped  ZnO,  ln203,  Sn02  are  widely 
and  practically  used  as  transparent  electrodes  in  flat  panel  displays,  solar  cells  and  touch  panels. 
However,  all  conduction  type  of  these  materials  is  n-type,  no  p-type  TCO  was  found  so  far.  This 
mono-polarity  is  the  primary  origin  of  the  restricted  application  of  TCOs.  Therefore,  realization 
of  p-type  TCOs  should  be  a  milestone  to  expand  the  utilization  of  TCOs  as  transparent  oxide 
semiconductors,  because  a  wide  variety  of  active  functions  of  semiconductor  devices  comes 
from  p-n  junctions. 

We  have  proposed  a  guideline  for  chemical  design  of  .p-type  TCOs  and  found  CuA102,‘ 
CuGa022  and  SrCu2Oz3  as  a  consequence  of  exploration  efforts  following  the  guideline.  Further, 
all  oxide-based  transparent  polycrystalline  p-SrCu202/n-Zn0  heterojunction  thin  film  diodes 
exhibiting  rectifying  properties  were  successfully  fabricated.4  In  order  to  achieve  better 
performance,  fabrication  of  p-n  heterojunctions  with  same  crystal  structure  is  desirable. 
Transparent  oxides  with  delafossite  structure  are  unique  materials  that  satisfy  our  working 
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hypotheses  for  exploring  both  p-  and  n-type  TCOs.  It  turned  out  that  CuA102  and  CuGa02 
delafossites  are  p-type  TCOs,  while  Sn  doped  Agln02  delafossite  is  n-type  TCO.5 

Our  guideline  to  find  p-  and  n-  type  TCOs  are  summarized  in  as  follows:1,6  The  essence  of 
guideline  to  find  p-type  TCOs  is  to  have  monovalent  copper  as  the  major  constituents.  The 
selection  of  Cu+  is  based  on  its  electronic  configuration  and  energy  levels  of  3d  orbitals. 
Cuprous  ion  has  the  electronic  configuration  of  (Ar)  3d104s°  (closed  shell),  which  is  free  from 
visible  coloration  arising  from  a  d-d  transition  commonly  seen  in  transition  metal  ions.  The 
energy  level  of  a  3d10  state  is  close  to  that  of  an  O  2p6  state.  As  a  consequence,  covalent 
bonding  formation  or  hybridization  of  orbitals  is  expected  between  Cu  3d10  and  O  2p6.  The 
hybridization  of  the  orbitals  will  bring  large  dispersion  to  the  valence  band  or  reduction  of  the 
localization  of  positive  holes.  Formation  of  a  covalent  bonding  between  Cu+  and  O2  ions 
demands  an  appropriate  crystal  structure.  The  crystal  structure  is  required  to  meet  two 
requirements,  one  is  that  Cu+-02'  bonds  with  a  moderated  covalency  exist,  and  another  is  to 
retain  a  wide  energy  gap  for  optical  transparency.  This  argument  can  be  valid  also  to  Ag+ 
instead  of  Cu+. 

For  the  n-type  TCO,  high  mobility  of  carrier  electron  in  the  conduction  band  is  required.  A 
liner  chain  of  edge-sharing  octahedra,  in  which  the  p-block  heavy  cations  (M,+)  with  ns°  electric 
configuration  (n:  the  principal  quantum  number)  occupy  the  central  position,  is  preferred  to 
satisfy  this  requirement.  Since  there  is  no  intervening  oxygen  between  the  two  neighboring  M 
cations  in  the  chain  of  edge-sharing  octahedra,  direct  overlap  between  ns  atomic  orbitals  of  the 
neighboring  M  cations  is  possible  for  the  p-block  heavy  cations.  In  this  case,  the  bottom  edge  of 
conduction  band  is  mainly  composed  of  ns  atomic  orbitals  of  M  cations.  As  a  consequent,  a 
large  dispersion  of  the  conduction  band,  which  is  appropriate  for  high  mobility  of  electron 
carrier,  may  be  expected. 

Taking  the  above  stated  requirements  into  consideration,  we  selected  as  the  candidate 
materials  ternary  noble  metal  oxide  with  delafossite  structure  (AB02).  Figure  1  illustrates 
delafossite-type  crystal  structure.  The  delafossite  is  composed  of  an  alternate  stacking  O-A-O 


FIG.  1 .  Crystal  structure  of  delafossite  (AB02). 
This  material  has  layer  structure  composed  of  A 
(A  =  Cu,  Ag)  plane  and  B02  (B  =  Al,  Ga,  In) 
layer  alternately  stacked  along  c-axis. 
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dumbbells  and  B06  edge-sharing  octahedral  layer.  According  to  our  hypothesis,  delafossite 
oxides  satisfy  the  requirements  for  p-  and  n-type  TCOs,  when  Cu  and/or  Ag  as  A  cation  and  p- 
block  heavy  cations,  such  as  Ga3+  and  In3+,  as  B  cation  are  chosen.  It  is  considered  that  B06 
octahedral  layers  and  O-A-O  layers  work  as  conduction  paths  for  electrons  and  positive  holes, 
respectively.  That  is  to  say,  double  oxides  with  delafossite  structure  are  candidate  materials  for 
preparing  p-  and  n-type  TCOs  aiming  at  a  transparent  p-n  junction  using  the  same  crystal 
structure. 

The  present  paper  describes  (1)  the  preparation  of  p-type  conducting  CuA102  and  CuGa02 
thin  films  and  n-type  conducting  Agln02  thin  films  by  pulsed  laser  deposition  (PLD)  method 
and  (2)  the  electric  structure  of  CuA102,  which  is  a  prototype  of  p-type  conducting  transparent 
oxides,  probed  by  photoemission  spectroscopy. 

EXPERIMENT 

Polycrystalline  CuA102  was  synthesized  by  heating  a  stoichiometric  mixture  of  Cu20  and 
A1203  at  1373  K  for  10  h.7  The  powder  was  pressed  into  a  pellet  by  a  cold  isostatic  press  (CIP) 
at  800  kg  cm'2  and  then  sintered  at  1373  K  for  10  h.  Resulting  sintered  pellets  were  used  as  the 
target  for  preparation  of  CuA102  thin  films  by  PLD  method. 

Sintered  pellets  of  CuGa02  for  the  target  PLD  were  prepared  by  using  solid  state  reactions 
of  Cu20  and  Ga203.8  Stoichiometric  amounts  of  the  raw  materials  were  mixed  thoroughly  with 
methanol  and  calcined  at  1373  K  for  24  h.  The  material  was  pelletized,  CIPed  and  sintered  at 
1373  K  for  24  h. 

Agln02  delafossite  were  prepared  by  cation  exchange  reaction,9, 10  because  direct  preparation 
of  Agln02  by  a  conventional  solid  state  reaction  of  ln203  with  AgN03  or  Ag20  at  high 
temperature  was  unsuccessful  due  to  the  precipitate  of  metallic  silver.  Naln02  with  rock  salt 
structure  was  first  prepared  by  direct  solid  state  reaction  between  Na2C03  and  ln203  at  1123  K 
for  12  h  in  O,  gas  flow.  Then  Naln02  powder  was  mixed  with  AgN03  and  KN03  in  the  molar 
ratio  1:1. 8:0.8,  and  heated  at  453  K  for  48  h  in  air.  Under  the  heat  treatment,  Naln02  was 
subjected  to  the  cation  exchange  of  Na+  with  Ag+  in  the  melt  and  as  a  consequent  Agln02  with 
delafossite  structure  was  synthesized.  The  solidified  mixture  was  washed  with  water  to  dissolve 
the  remaining  nitrates.  The  Agln02  powders  were  shaped  into  disk  by  CIP.  The  molded  disks 
were  sintered  at  773  K  for  24  h  in  02  gas  flow. 

In  the  preparation  of  targets  for  PLD,  substitution  of  Sn  5  at.%  with  In  was  carried  out  to 
dope  carrier  electrons  by  using  Sn  doped  Naln02  in  the  cation  exchange  reaction,5  because  non- 
doped  AgInOa  sintered  disks  were  almost  insulating.  Since  this  substitution  was  successful  to 
enhance  the  conductivity  in  the  disks,  fabrication  of  Agln02  thin  films  by  PLD  was  performed 
using  these  disks  as  targets. 
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TABLE  I  Preparation  condition  for  CuA102,  CuGaO,  and  AglnO,  thin  films. 


CuA102  CuGa02  Agln02 


Target  (pellet) 

CuA102 

CuGa02 

Sn  doped  Agln02 

Substrate 

a-AlA  (001) 

a-Al20,  (001) 

a-A!A  (001) 

Substrate-target  distance 

(mm) 

25 

25 

30 

Substrate  temperature 

(K) 

963 

973 

723 

Oxygen  pressure 

(Pa) 

1.3 

9 

13 

KrF  excimer  laser 

Repetition  frequency 

(Hz) 

20 

20 

2 

Energy  density  (J  pulse-1  cm-2)  5.0 

6.0 

8.0 

Post  annealing 

(h) 

3 

Thin  films  of  CuAlO,,  CuGa02  and  AglnO,  were  deposited  on  a-Al203  single  crystal 
substrate  by  PLD  method  using  KrF  excimer  laser  (Lambda  Physik  ComPex  102).  The  base 
pressure  before  the  deposition  was  ~10'6  Pa.  Table  I  summarizes  the  optimized  preparation 
conditions  for  each  thin  film.  The  films  of  0uA1O2  were  post-annealed  at  963  K  for  3  h  under 
the  deposition  after  deposition,  and  were  cooled  down  to  room  temperature  maintaining  an 
atmosphere  oxygen  partial  pressure  of  1 .3  Pa. 

Crystalline  phases  in  the  pellets  and  the  films  were  identified  by  X-ray  diffractometer 
(XRD)  (Cu  Ka,  Rigaku  Rint-2500),  and  film  thickness  was  measured  with  a  stylus  (Sloan 
DEKTAK3ST).  Optical  transmission  spectra  of  the  films  were  measured  with  a  dual  beam 
spectrophotometer  (Hitachi  U-4000).  Electrical  conductivity  was  measured  by  the  two-probe 
method  in  a  temperature  range  10  K  ~  300  K.  Measurements  of  the  Seebeck  and  Hall 
coefficients  were  carried  out  at  room  temperature. 

Measurements  of  photoemission  spectroscopy  (PES)  and  inverse  photoemission 
spectroscopy  (IPES)  were  performed  on  the  thin  film  samples  at  room  temperature  using  an 
instrument  built  up  in  our  laboratory."  In  the  PES  measurement,  two  excitation  lights,  He  II 
resonance  radiation  (40.8  eV)  and  Mg  Ka  X-ray  (1254  eV),  were  used  for  UPS  and  XPS, 
respectively.  IPES  spectra  were  measured  in  BIS  mode  by  monitoring  the  intensity  of  emitting 
photon  at  9.45  eV.  These  measurements  were  carried  out  under  the  vacuum  level  lxlO'7  -  5x  10'8 
Pa. 

RESULTS 

Figure  2  shows  XRD  patterns  of  thin  films  and  powders  of  the  CuA102,  CuGa02  and  Sn 
doped  Agln02.  All  diffraction  peaks  were  indexed  as  delafossite  structure  except  for  peaks  from 
the  substrate.  The  CuAlQ2  and  CuGa02  thin  films  have  orientation  c-axis.  Epitaxial  growth  of 
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FIG.  2.  XRD  patterns  of  delafossites, 
CuA102  (a),  CuGa02  (b)  and  Sn  doped 
Agln02  (c).  Top  and  bottom  pattern  of 
each  material  are  due  to  thin  film  and 
ceramics  (for  PLD  target),  respectively. 


CuGa02  was  confirmed  by  X-ray  pole  figure  and  in-plane  measurements,  and  its  detail  will  be 
reported  elsewhere.12 

Figure  3  shows  optical  transmission  spectra  of  the  CuA102,  CuGa02  and  Sn  doped  Agln02 
thin  films  in  visible  and  near  infrared  (NIR)  regions.  No  distinct  optical  absorption  band  was 
observed  in  the  visible  region.  Relatively  high  transmittance,  -70%  at  500  nm,  was  achieved  for 
all  films  deposited  under  the  optimized  preparatory  conditions.  The  direct  allowed  optical  band 
gaps  of  CuAI02,  CuGa02  and  Agln02  thin  films  are  listed  in  Table  II.  In  the  spectrum  of  Sn 
doped  Agln02  thin  film,  a  decrease  in  NIR  (>  -2000  nm)  is  due  to  the  absorption  by  carrier 
electrons. 

Figure  4  shows  temperature  dependence  of  electrical  conductivity  in  the  CuA102,  CuGa02 
and  Sn  doped  Agln02  thin  films.  Table  II  summarizes  optical  and  electrical  properties  of  these 


Wavelength  (nm) 


FIG.  3.  Optical  transmission  spectra  of 
0uA1O2  (a),  CuGa02  (b)  and  Sn  doped 
AgInOz  (c)  thin  films.  The  surface  reflection 
loss  of  sapphire  substrate  was  subtracted. 
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TABLE  II  Optical  and  electrical  properties  of  CuA102,  CuGa02  and  Sn  doped  Agln02  thin  films  at 
room  temperature. _ 


CuA102 

CuGa02 

Sn  doped  Agln02 

Optical  band  gap 

(eV) 

-3.5 

-3.6 

-4.1 

DC  electrical  conductivity  (S  cm1) 

3. 4x1 04 

6.3xl0-2 

7.3x10' 

Activation  energy 

(eV) 

0.22 

0.13 

— 

Hall  coefficient 

(cm3  C>) 

+2.3x10-' 

+3.7 

-1.9x1 0‘2 

Carrier  density 

(cm3) 

2.7x1  O'9 

1.7xl018 

3.3X1020 

Hall  mobility 

(cirfV-'s-1) 

0.13 

0.23 

1.4 

Seebeck  coefficient 

(pVK1) 

+2.1X102 

+5.6x1 02 

-5.1x10' 

films  at  room  temperature.  The  dc  conductivities  of  the  CuAlO,  and  CuGa02  thin  films  at  room 
temperature  were  3.4xl0‘‘  S  cm'1  and  6.3xl0'2  S  cm1,  respectively.  The  temperature 
dependence  of  conductivities  of  the  CuA102  and  CuGa02  films  may  be  described  by  Arrehenius 
type  behavior  near  room  temperature  and  the  activation  energy  is  estimated  as  0.22  eV  for 
CuAlO,  or  0.13  eV  for  CuGa02.  On  the  other  hand,  the  data  on  plots  of  log  <r  vs.  T'u 4  at  low 
temperature  region  suggested  that  a  variable-range  hopping  mechanism  is  dominant  in  this 
region.  In  the  case  of  the  Sn  doped  Agln02  thin  film,  no  remarkable  dependence  of  the 
conductivity  on  temperature  was  observed  except  for  at  higher  temperatures  near  room 
temperature,  indicating  that  the  Fermi  level  of  the  specimen  locates  at  above  of  the  conduction 
band  bottom.  The  Seebeck  and  Hall  coefficients  of  the  CuA102  and  CuGa02  were  positive, 
indicating  positive  holes  are  undoubtedly  major  carriers  in  these  thin  films.  On  the  other  hand, 
the  Seebeck  and  Hall  coefficients  of  the  Sn  doped  Agln02  was  negative.  Therefore  we  conclude 
that  AgIn02:Sn  thin  films  are  n-type  conductors. 

XPS,  UPS,  and  IPES  spectra  of  CuA102  thin  film  are  shown  in  figure  5.  Fermi  energy 
determined  experimentally  was  set  as  zero  on  the  binding  energy  scale  in  the  three  spectra.  The 


FIG.  4.  Arrhenius  plots  of  dc  electrical 
conductivity  in  CuA102  (a),  CuGa02  (b)  and  Sn 
doped  Agln02  thin  films.  Inset  shows  plots  of 
log  crvs.  Tm  in  CuA102  and  CuGa02  films. 
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FIG.  5.  PES  and  IPES  spectra  of  CuA102  thin 
film.  The  origin  of  the  energy  axis  is  Fermi 
level  which  was  determined  by  using  Au 
deposited  on  sample.  Bands  A,  B  and  X  are 
discussed  in  the  text. 
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intensity  of  IPES  was  adjusted  to  be  comparable  to  those  of  the  PES  spectra.  The  band  gap, 
which  was  directly  observable  between  the  valence  band  edge  in  the  PES  spectra  and  the 
conduction  band  edge  in  the  IPES  spectrum,  was  -3.5  eV.  This  value  is  in  a  reasonable 
agreement  with  the  band  gap  evaluated  by  the  optical  measurement.  The  Fermi  energy  lies 
around  the  top  of  the  valence  band.  This  observation  agrees  with  the  fact  that  the  specimen 
exhibits  p-type  electrical  conductivity.  A  clear  band  was  resolved  at  -4  eV  (band  A)  in  the  XPS 
spectrum.  On  the  other  hand,  a  broad  band  at  -7  eV  (band  B)  and  a  shoulder  at  ~4  eV  (band  A) 
were  observed  in  the  UPS  spectrum.  In  the  IPES  spectrum,  a  very  broad  band,  which  is  indexed 
as  X,  was  observed.  No  other  band  was  resolved  in  the  unoccupied  state. 

DISCUSSION 

In  this  article,  we  described  the  detailed  preparation  procedure  of  p-type  and  n-type  TCOs 
with  delafossite  structure.  These  materials  described  here,  CuA102,  CuGa02  and  Agln02,  were 
found  for  the  first  time  by  us  on  the  basis  of  our  guideline.  Here,  we  discuss  the  material 
selection  toward  the  realization  of  transparent  p-n  junction  using  delafossite  TCOs. 

The  candidate  material  for  transparent  n-type  conductor  with  delafossite  structure  is  only 
Agln02,  but  there  are  two  candidates  for  p-type;  CuA102  and  CuGa02.  Both  CuA102  and 
CuGaOa  delafossites  thin  films  were  oriented  c-axis,  however  CuGa02  thin  films  were 
epitaxially  growth  in  an  as-deposited  states.12  This  is  an  advantage  for  CuGa02  thin  films  to 
fabricate  p-n  junction,  because  epitaxial  growth  is  expected  to  reduce  structural  imperfections  at 
the  p-n  interface.  The  distances  between  neighboring  oxygen  ions  on  c-surface  for  CuGa02  and 
Agln02  are  0.298  nm  and  0.328  nm,  respectively,  and  this  lattice  mismatch  is  -10%.  On  the 
other  hand,  the  distances  for  CuA102  and  a-Al203  substrates  are  0.286  nm  and  0.252-0.287  nm, 
respectively,  and  the  mismatch  between  Agln02  and  CuA102  is  -13%.  Therefor,  CuGa02  is 
expected  to  be  more  appropriate  for  combination  than  CuA102.  Furthermore,  an  advantage  of 
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CuGa02  is  that  the  oxygen  pressure  during  deposition  of  CuGa02  is  closed  to  that  of  Agln02. 
This  may  be  effective  to  prevent  the  oxidation  of  p-layer,  which  is  needed  to  be  deposited  on 
sapphire  before  the  deposition  of  Agln02  so  as  to  obtain  good  crystal  quality.  The  advantage  of 
CuA102  is  higher  electrical  conductivity  than  that  of  CuGa02.  However,  the  conductivity  of 
CuGa02  thin  films  will  be  enough  to  fabricate  p-n  junction  to  realize  rectifying  properties, 
because  the  conductivity  of  SrCu202  layer  in  p-SrCu202/n-Zn0  heterojunction  exhibiting  good 
rectifying  properties,  was  10‘3  S  cm1. 

Next,  the  electronic  structure  on  CuA102  is  discussed  on  the  results  obtained  here.  The 
structure  of  the  upper  part  of  valence  band  of  CuA102  was  probed  by  UPS  and  XPS.  It  was 
found  that  the  relative  intensity  of  the  band  A  with  respect  to  band  B  increased  largely  in  the 
XPS  spectrum  in  comparison  with  the  UPS  spectrum.  The  ratios  of  emission  cross  section  of  Cu 
3d  electron  to  O  2p  electron  for  40.8  eV  excitation  and  for  1254  eV  excitation  are  -1.5  and 
-30, 13  respectively.  Therefore,  the  change  in  the  relative  intensity  of  band  A  with  varying 
excitation  energies  indicates  that  the  contribution  of  Cu  3d  to  the  upper  valence  band  is 
significant.  In  most  transparent  oxides,  the  upper  valence  band  is  almost  entirely  composed  of 
O  2p  orbitals  and  the  contribution  metal  cation’s  orbitals  is  not  significant.  This  makes  a  sharp 
contrast  with  the  nature  of  present  material.  As  a  consequence,  it  is  now  concluded  that  our 
chemical  design'  to  find  a  new  TCO  exhibiting  p-type  conductivity  is  valid  in  the  viewpoints  of 
electronic  structure. 

CONCLUSIONS 

Thin  films  of  CuA102,  CuGa02,  and  Sn  doped  Agln02  with  delafossite  structure  were 
prepared  by  PLD  method  on  a-Al203  (001)  as  a  first  step  to  fabricate  transparent  homo- 
structural  p-n  junction.  The  conclusions  obtained  are  summarized  as  follows. 

(1)  CuA102  and  CuGa02  thin  films  oriented  c-axis  were  obtained.  No  preferential  orientation 
was  seen  for  Agln02  thin  films. 

(2)  The  Seebeck  and  Hall  coefficients  of  the  CuA102  and  CuGa02  were  positive,  while  those  of 
the  Sn  doped  Agln02  were  negative.  Therefore  CuA102  and  CuGa02  were  p-type 
conductor  and  Agln02  was  n-type  one. 

(3)  Photoemission  spectroscopy  revealed  that  the  upper  valence  band  of  CuA102  consist  of  Cu 
3d  orbitals  to  a  large  degree.  This  result  provided  a  solid  basis  for  our  working  hypotheses 
to  explore  p-type  transparent  oxides. 
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ABSTRACT 

The  crystallization  of  amorphous  indium  oxide  thin  films  with  zero  to  9.8 
wt%  Sn02  was  studied  using  a  combination  of  in  situ  MOSS  (multibeam  optical 
stress  senor)  and  in  situ  resistivity  measurements.  We  report  that  amorphous 
indium  oxide  deposited  using  electron  beam  evaporation  undergoes  crystallization 
in  a  two  part  process  of  amorphous  structure  relaxation  followed  by 
crystallization.  MOSS  measurements  show  that  the  relaxation  process 
corresponds  to  a  densification  of  the  amorphous  structure  while  crystallization 
results  in  a  molar  volume  increase. 


INTRODUCTION 


Tin-doped  indium  oxide  (ITO)  is  the  transparent  conductor  of  choice  for  a  number 
of  critical  technologies  including  flat  panel  displays,  EMF  shielding,  and  solar  cells. 
Although  other  transparent  conductors  are  available  such  as,  Sn02:F  and  Zn(Al)0,  ITO 
is  favored  because,  of  the  available  choices,  it  offers  the  highest  transmissivity  of  visible 
light  combined  with  the  lowest  electrical  resistivity.  For  high  performance  applications, 
ITO  is  deposited  on  heated  substrates  (300-400°C)  typically  using  dc-magnetron 
sputtering  of  a  ceramic  target  in  a  controlled  oxygen  ambient  to  achieve  resistivities  of  1- 
1.5x1  O'4  Qcm.  Flat  panel  display  technologies  currently  under  development  require 
deposition  of  ITO  films  onto  heat-sensitive  polymer  substrates  and  polymeric  color  filters 
that  cannot  survive  vacuum  processing  temperatures  above  200°C.  Under  these 
deposition  conditions  the  optical  transmissivity  and  electrical  conductivity  of  ITO  are 
severely  degraded.  In  fact,  physical  vapor  deposition  of  ITO  at  low  substrate 
temperatures  may  result  in  the  deposition  of  an  amorphous  material  with  lower 
conductivity  and  optical  transmissivity  than  the  crystalline  phase.  Remarkably,  the 
amorphous  material  will  undergo  solid  state  crystallization  at  extremely  low  temperatures 
(<150°C)  relative  to  the  ln203  melting  point  (1910°C).  In  this  paper  we  report  on  the 
amorphous  to  crystalline  phase  transformation  in  electron  beam  deposited  indium  oxide. 

Both  dc-magnetron  sputtering  [1]  and  electron  beam  evaporation  ([2]’ [3])  techniques 
are  reported  to  deposit  amorphous,  partially  amorphous,  or  crystalline  indium  (tin)  oxide 
on  cool  (T<200°C)  substrates.  In  all  of  these  cases  the  deposited  material  possesses 
inferior  electrical  and  optical  properties.  For  example,  deposition  of  thin  (below  50  nm) 
tin-doped  indium  oxide  (ITO)  films  at  substrate  temperatures  below  1 50°C  reportedly  L 
results  in  an  all  or  partly  amorphous  material  that  can  be  crystallized  via  a  brief  low 
temperature  anneal.  There  are  also  reports  in  the  literature  [6’  .'that  suggest  that  even  at 
higher  substrate  temperatures  there  are  conditions  where  the  initial  layers  (<5-10  nm)  are 
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deposited  in  the  amorphous  state  but,  as  the  film  thickness  increases,  the  film  reverts  to 
its  crystalline  form.  Similarly,  in  dc  magnetron  sputtered  materials,  both  Yi  [8]  and 
Vink  have  reported  that  ITO  deposited  on  substrates  that  are  close  to  150°C  is  initially 
amorphous.  Based  on  these  reports  it  appears  likely  that  the  mechanisms  of  the  a/c- 
transformation  during  both  growth  and  post-deposition  processing  plays  a  role  in 
determining  the  ultimate  microstructure  of  the  film.  In  our  work[10]  in  this  area,  we  have 
chosen  to  study  electron  beam  deposited  material  since  it  offers  a  method  for  producing 
amorphous  ITO  that  is  relatively  process  independent  and  allows  target  compositional 
changes  to  be  easily  implemented. 

Crystalline  indium  oxide  has  the  bixbyite  structure  which  is  described  using  the  c- 
type  rare  earth  vacancy  defect-oxide  crystal  prototype.  Bixbyite  has  an  80-atom  unit  cell 
with  the  Ia3  space  group  and  a  1 .0  nm  lattice  parameter  in  an  arrangement  that  is  based 
on  the  stacking  of  MOe  coordination  groups.  The  structure  is  closely  related  to  fluorite 
which  is  a  face-centered  cubic  array  of  cations  with  all  the  tetrahedral  interstitial 
positions  occupied  with  anions.  The  bixbyite  structure  is  similar  except  that  the  M08 
coordination  units  (oxygen  position  on  the  comers  of  a  cube  and  M  located  near  the 
center  of  the  cube)  are  replaced  with  units  that  have  oxygen  missing  from  either  the  body 
or  the  face  diagonal  as  shown  in  Figure  1.  The  removal  of  two  oxygen  ions  from  the 
MOg  to  form  the  M06  coordination  units  forces  the  displacement  of  the  cation  from  the 
center  of  the  cube.  In  this  way,  indium  is  distributed  in  two  non-equivalent  sites  with  1/4 
of  the  indium  atoms  positioned  at  the  center  of  a  trigonally  distorted  oxygen  octahedron 
(diagonally  missing  O).  The  remaining  3/4  of  the  indium  atoms  are  positioned  at  the 
center  of  a  more  distorted  octahedron  that  forms  with  the  removal  of  two  oxygen  atoms 
from  the  face  of  the  octahedron.  The  resulting  M06  coordination  units  are  then  stacked 
such  that  1/4  of  the  oxygen  ions  are  missing  from  each  {100}  plane. 

Amorphous  indium  oxide  is  likely  formed  during  physical  vapor  deposition 
processing  when  the  InOx  units  that  evolve  from  the  source  or  which  form  from  species 
arriving  on  the  growth  surface  are  incorrectly  oriented  as  they  are  incorporated  into  the 
growing  film.  The  restricted  mobility  of  the  indium-oxygen  clusters  at  low  substrate 
temperatures  preserves  the  misorientation  of  the  coordination  units  and  consequent  bond 
distortion.  Remarkably,  the  crystallization  of  amorphous  ITO  occurs  rapidly  at  very  low 
homologous  temperatures  (T/Tm<0.19)  with  150°C  being  commonly  cited  as  the 
temperature  at  which  crystallization  occurs  rapidly. 
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Fig.  1 :  Bixbyite  consists  of  a  2x2x2  array  of  In-06  structural  units  to  form  a  80  atom  unit 
cell  with  a  1  nm  lattice  parameter.  The  two  configurations  of  In-06  structural  units  are 
shown. 
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Fig.  2:  Typical  plot  of  resistivity  versus  time  showing  first  order  (Avrami  parameter  of  1) 
relaxation  of  the  crystalline  structure  (approx,  first  5000  sec)  and  crystallization  via 
nucleation  and  growth  (Avrami  parameter  2-3). 


EXPERIMENT 


Indium  oxide  samples  were  deposited  using  electron  beam  evaporation  from 
sintered  ceramic  targets  containing  0,  2.5,  5,  and  9.8  wt%  Sn02.  The  films  were 
deposited  to  a  thickness  of  100,  200,  and  300  nm  onto  optical-quality  glass  substrates  at  a 
deposition  rate  of  about  0.8  nm/s  in  a  chamber  that  was  pre-pumped  to  a  base-pressure  of 
3xlO‘6Torr  .  No  gases  were  introduced  during  deposition. 

The  kinetics  of  the  crystallization  process  were  studied  using  500-pm-wide  Hall- 
spider  type  structures  that  were  fabricated  using  lift-off  lithography.  Electrical  contact 
was  made  to  large  contact  pads  during  isothermal  annealing  in  air  using  tungsten  pressure 
probes.  The  resistance  of  the  material  was  monitored  during  anneals  at  temperatures 
ranging  between  100  and  165  °C  using  a  47  Hz  AC  probe  cuirent  no  larger  than  1  pA 
while  the  specimen  voltage  was  monitored  using  a  lock-in  amplifier. 

The  evolution  of  film  stress  due  to  the  change  in  volume  associated  with  the 
crystallization  process  was  studied  using  a  multiple-beam  optical  stress  sensor  system. 
The  details  of  this  system  are  discussed  elsewhere  [11]  Briefly,  MOSS  is  a  laser-based 
method  of  measuring  wafer  curvature  that  creates  multiple,  highly  parallel  beams,  by 
passing  a  HeNe  laser  beam  through  an  etalon.  The  parallel  beams  are  reflected  off  the 
substrate  and  into  a  CCD  camera.  The  change  in  position  of  the  beams  on  the  CCD 
during  the  transformation  yields  a  measure  of  the  change  in  substrate  curvature  which, 
using  the  Stoney  equation,  provides  a  measure  of  film  stress. 
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RESULTS  AND  DISCUSSION 


Figure  2  shows  a  typical  plot  of  resistivity  versus  time  at  temperature  for  a  pure 
indium  oxide  sample  annealed  at  115°C.  Similar  results  were  obtained  from  samples 
containing  0,  2.5,  5,  and  9.8  wt%  Sn02  and,  in  every  case,  showed  a  shift  to  longer  times 
at  lower  temperatures  which  is  an  obvious  characteristic  of  a  thermally  activated  process. 
Inspection  of  the  resistivity  curve,  however,  suggests  that  there  are  two  processes  that 
operate  during  annealing  and  which  result  in  a  decrease  in  film  resistivity.  The  first  of 
these  can  be  seen  in  Fig.  2  as  the  rapid  20%  decrease  in  resistivity  that  occurs  in  this 
sample  (at  1 15°C)  in  the  first  5000  sec.  At  higher  temperatures  the  characteristic  time  for 
|^A^ial  r,esistftftce  chanSe  decreases.  Glancing  incidence  angle  x-ray  diffraction 
(GIAX)  studies  reveal  that  the  initial  reduction  in  resistivity  occurs  without  the 
formation  of  detectable  amounts  of  crystalline  material.  This  is  shown  in  Fig.  3  where  a 
set  of  9.8  wt%  Sn02  samples  were  annealed  at  120  °C  while  monitoring  the  resistance  at 
temperature.  At  roughly  5000  sec  intervals  one  of  the  samples  was  removed  to  allow  x- 
ray  data  to  be  taken.  The  lower  curve  shows  the  broad  amorphous  peak  that  is 
characteristic  of  as-deposited  amorphous  ITO.  This  broad  amorphous  peak  (curves  b  and 
c)  persists  even  after  the  resistance  has  dropped  by  almost  20%.  After  about  20,000  sec, 
the  bixbyite  222  peak,  at  a  two-theta  of  30.5°,  becomes  apparent  in  the  top-most  curve 
corresponding  to  point  (d)  on  the  resistance  plot. 


A  model  that  accurately  describes  the  relationship  between  volume  fraction 
crystalline  material  and  resistivity  in  thin  film  indium  oxide  was  developed  based  on  a  2- 
d  modification  of  Landauer’s  3-d  model1121  for  two-phase  resistivity.  The  details  are 
available  elsewhere  but  using  x-ray  diffraction  to  determine  the  volume  fraction 
crystalline  material  it  was  shown  that  this  model  closely  predicts  the  change  is  resistance 
as  a  function  of  volume  fraction  crystalline  material. 

Using  the  above  two-phase  resistivity  model  and  a  non-linear  least  squares  fitting 
routine,  the  measured  resistivity  was  used  (previously  reported  work  |101)  to  show  that  the 
change  in  resistivity  is  consistent  with  a  two  step  process  consisting  of  a 
precrystallization  relaxation  of  the  amorphous  structure  followed  by  classical  nucleation 
and  growth.  The  relaxation  process  occurs  with  a  first  order  kinetic  parameter  for  all 
compositions  tested  (0,  2.5,  5,  9.8  wt%  Sn02)  as  is  consistent  with  a  point-defect 
mediated  process.  The  relaxation-induced  part  of  the  resistivitivity  curve  is  shown  in 
Fig.  3.  The  subsequent  crystallization  process  was  shown  to  have  a  kinetic  parameter  of 
approximately  2  in  the  case  of  pure  indium  oxide  and  was  as  high  as  3.7  for  the  indium 
oxide  samples  containing  9.8  wt%  Sn02.  Plan  view  TEM  reveals  that  the  higher  tin 
concentration  sample  has  a  much  finer  grain  size  (<100  nm  diameter  grains)  than  the  pure 
indium  oxide  case  (>1000  nm  grains)  suggesting  that  the  Sn02  plays  a  role  in 
determining  the  nucleation  of  the  crystalline  phase. 

MOSS  measurements  of  100,  200,  and  300  nm-thick  indium  oxide  with  9  8  wt% 
SnO,  were  used  to  monitor  the  effect  of  the  transformation  on  film  stress.  The  change  in 
stress  that  accompanies  the  heating  of  a  200  nm  thick  sample  at  135  °C  is  shown  in 
Fig.  4.  In  this  plot,  the  change  in  stress  is  plotted  on  the  left  axis  while  the  corresponding 
change  in  resistance  is  plotted  on  the  right.  The  ITO  thin  film  shows  an  initial  positive 
(tensile)  change  m  stress  which  peaks  at  about  5000  sec  and  then  decreases  in  the 
subsequent  15000  secs  of  the  anneal.  Inspection  of  the  resistance  curve  in  Fig.  4  shows 
that  the  first  5000  seconds  corresponds  to  the  amorphous  relaxation  process  that  precedes 
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two  theta  (degrees)  time  (1 03  sec) 

Figure  3:  (a)  Glancing  incidence  angle  x-ray  diffraction  patterns  showing  (from  bottom 
to  top)  indium  (9.8  wt%  Sn02)  oxide  in  the  as  deposited  (bottom  curve)  condition  and  the 
change  in  resistivity  with  increasing  time  at  temperature  (b-d). 


crystallization  while  the  time  scale  of  the  stress  decrease  is  consistent  with  crystallization. 
The  initial  increase  in  tensile  stress  is,  we  speculate,  due  to  densification  resulting  from 
the  relaxation  of  distorted  In-Ox  bonds  to  a  more  equilibrium  configuration.  The  decrease 
in  tensile  stress  that  we  observe  is  due  to  a  volume  increase  associated  with  the 
crystallization  of  the  ITO  from  the  relaxed  amorphous  structure.  This,  initially  surprising 
result,  appears  to  be  possible  because  of  the  arrangement  of  vacancies  that  is  part  of  the 
bixbyite  crystal  structure  described  above  and,  in  effect,  suggests  that  that  the  molar 
volume  of  bixbyite  is  greater  than  that  of  the  relaxed  amorphous  material. 

It  is,  in  principle,  possible  that  the  increase  in  volume  that  attends  the 
crystallization  of  our  ITO  samples  is  due  to  the  oxidation  of  sub-stoiciometric  indium 
oxide.  We  have  discounted  this  possibility  for  three  reasons.  First,  the  temperature  at 
which  these  tests  were  performed  (100-165°C)  is  likely  too  low  to  allow  for  long  range 
oxygen  diffusion.  Second,  measurement  of  the  rate  of  crystallization  in  dry  N2  was 
similar  to  that  observed  for  tests  run  in  air.  Third,  the  resistivity  curves  show  a  consistent 
drop  in  resistance  which  a  variety  (Hall,  reflectivity,  temperature  dependence)  of 
measurements  all  show  is  due  to  an  increase  in  carrier  density  which  implies  an  increase 
in  either  substitutional  tin  or  doubly  charged  oxygen  vacancy  density.  The  study  of  the 
molar  volume  change  as  a  function  of  processing  and  ambient  is  ongoing. 
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Time  at  temperature  (sec) 

Figure  4:  Change  in  stress  (left  axis)  and  change  in  resistance  (right  axis). 


CONCLUSIONS 


Using  a  combination  of  resistivity  and  stress  measurements  we  have  investigated 
the  crystallization  behavior  of  electron  beam  deposited  indium  oxide.  We  have  shown 
that  crystallization  is  preceded  by  a  relaxation  of  the  as-deposited  amorphous  structure 
and  have  shown  that  the  relaxed  structure  has  a  lower  molar  volume  than  the  as  deposited 
state.  The  reduction  in  resistance  that  accompanies  the  relaxation  process  in  both  pure 
indium  oxide  and  Sn-doped  indium  oxide  suggests  that  there  is  a  fundamental  change  in 
electronic  structure  during  the  relaxation  of  the  amorphous  structure  and,  kinetic  analysis 
reveals  that  this  change  occurs  with  an  Avarami  kinetic  parameter  of  unity  which  is 
consistent  with  a  point  defect  mediated  process.  Crystallization  was  shown  to  occur  via 
nucleation  and  growth.  The  kinetic  parameter  for  the  crystallization  appears  to  increase 
with  increasing  Sn  content  from  2  to  3.7  .  Crystallization  was  seen  to  be  a  thermally 
activated  process  that  occurs  at  reasonable  rates  (time  scale  of  days)  at  temperatures  as 
low  as  100  °C.  Furthermore,  the  crystalline  state  (bixbyite)  appears  to  have  a  larger 
molar  volume  than  the  relaxed  amorphous  state.  Finally,  the  above  observations 
highlight  the  extent  to  which  the  crystallization  of  this  complex  oxide  is  rich  with 
important  fundamental  and  technological  issues. 
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ABSTRACT 

High  quality  ITO  thin  films  were  grown  hetero-epitaxially  on  extremely  flat  substrate  of 
(001)  YSZ  by  a  pulsed  laser  deposition  technique  at  a  substrate  temperature  of  600°C.  The 
crystal  orientation  relationship  between  the  film  and  YSZ  were  confirmed  as  ITO  (001)  //  YSZ 
(001)  and  ITO  (010)  //  YSZ  (010),  respectively,  by  HR-XRD  and  HR-TEM.  The  carrier 
densities  of  the  films  were  almost  equal  to  Sn02  concentration  in  the  films.  That  is,  almost  all 
the  doped  Sn4+  ions  were  activated  to  release  electrons  to  the  conduction  band.  The  earner 
densities  of  the  films  were  enhanced  up  to  1.9xl021cm'3,  while  the  Hall  mobility  showed  a  slight, 
almost  linear,  decrease  from  55  to  40cm Vs'1  with  increasing  Sn02  concentration.  The  low 
resistivity  is  due  to  larger  electron  mobility,  which  most  likely  resulted  from  good  crystal  quality 
of  the  films.  The  optical  transmissivity  of  the  film  exceeded  85%  at  wavelengths  from  340  to 
780nm. 

INTRODUCTION 

Indium-tin-oxide  (ITO),  a  typical  transparent  conductor,  has  been  widely  used  as  a 
transparent  electrode  for  display  devices  such  as  LCDs,  PDPs  and  organic  LEDs.  Because  of 
the  requirement  for  high  transparency  of  the  electrodes,  the  films  become  thinner  in  these  devices. 
This  inevitably  leads  to  an  increase  in  the  electric  resistance,  provided  that  the  electric 
conductivity  of  the  film  remains  unchanged.  Thus,  many  attempts  have  been  made  to  increase 
the  electrical  conductivity.  However,  using  conventional  evaporation  or  sputtering  methods,  it  is 
almost  impossible  to  decrease  the  resistivity  down  below  lO^Qcm. 

A  few  ideas  have  been  proposed  with  the  intention  to  enhance  the  conductivity 
drastically.  The  first  is  to  apply  new  film  deposition  techniques  to  the  growth  of  ITO  films. 
DC  magnetron  sputtering1,  electron  beam  evaporation2  and  pulsed  laser  deposition3'7  (PLD) 
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techniques  have  been  tried.  However,  ITO  films  having  resistivity  below  lO^Qcm  have  not 
been  obtained  so  far.  Use  of  new  deposition  techniques  alone  does  not  seem  to  lead  to  any 
dramatic  improvement.  The  second  one  is  to  improve  the  crystal  quality  of  ITO  films.  This 
may  lead  to  an  increase  in  the  electron  mobility  due  to  the  reduction  of  the  scattering  centers  such 
as  crystal  imperfections  and  neutral  donor  centers.  Use  of  a  single  crystal  substrate M,  hopefully 
one  lattice-matched  with  ITO,  and  a  high  temperature  deposition  process  seem  to  be  essentially 
important  to  accomplish  it.  The  third  approach  is  to  design  such  a  quantum  structure  that  the 
donor-doped-layer  is  spatially  separated  from  the  carrier  drifting  one,  which  is  analogous  to  a 
HEMT  device.  The  mobility  may  be  improved  in  this  film  structure  because  of  the  reduction  of 
interaction  between  carriers  and  scattering  centers. 

We  have  employed  a  combination  of  the  first  and  the  second  approaches.  That  is,  an 
ITO  film  was  grown  on  an  extremely  flat  yittria-stabilized-zirconia  (YSZ)1'3  single  crystal 
substrate  at  a  temperature  of  600°C  by  a  pulsed  laser  deposition  technique.  Twice  the  cubic 
lattice  constant  of  YSZ  (1.02nm)  is  very  close  to  that  of  ITO  (l.Olnm),  which  could  make 
epitaxial  growth  of  ITO  possible.  The  PLD  method  is  suited  for  oxide  film  preparation. 
Additionally,  film  composition  is  easily  controlled  by  changing  the  target  composition. 

We  have  obtained  epitaxially  grown  ITO  films  using  this  approach  and  the  resistivity  was 
reproducibly  reduced  down  to  7.8  x  10~5Qcm. 

EXPERIMENTAL 

Oxygen  gas  was  introduced  into  the  chamber  with  a  pressure  of  1.2  x  10'3Pa.  YSZ  (001) 
was  used  as  the  substrate.  Surface  polished  Si02  glass  was  also  used  as  a  substrate  for 
comparison.  The  substrate  temperature  was  maintained  at  600  °C  during  film  deposition.  An 
ITO  ceramic  target  (Sn02  concentration:  0~~15wt.%)  was  set  at  the  center  of  the  PLD  chamber, 
and  the  substrate  was  positioned  facing  the  target.  An  ITO  film  was  deposited  on  a  rotating 
substrate  by  focusing  a  KrF  (X=248nm)  excimer  laser  onto  the  rotating  target.  The  distance 
between  the  substrate  and  the  target  was  30mm.  The  pulsed  laser  with  a  repetition  rate  of  1 0Hz 
was  focused  onto  the  target  with  an  energy  density  of  about  6J/cm2. 

The  film  thickness  was  determined  by  means  of  a  conventional  stylus  profilometer 
(Taylor-Hobson,  Tallystep).  An  atomic  force  microscope  (AFM,  S.I.I.,  SPI-3700)  was  used  to 
investigate  surface  morphology  of  the  films.  The  Sn02  concentration  was  analyzed  by  XRF 
measurement  (RIX2100,  Rigaku).  Crystalline  quality  and  orientation  were  analyzed  by  X-ray 
diffraction  (ATX-G,  Rigaku  Co.),  in  which  the  (O  axis  was  rotated  in  the  horizontal  plane  and  the 
0  axis  was  rotated  azimuthally.  The  detector  was  manipulated  with  both  the  26  axis  in  the 
horizontal  plane  and  the  26%  axis  in  the  vertical  plane.  Out-of-plane  crystal  orientation  was 
measured  by  synchronous  scan  of  the  26  with  the  ft)  axis.  Tilting  was  analyzed  from 
measurements  of  20-fixed  coscan  (out-of-plane  locking  curve).  In-plane  crystal  orientation  was 
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measured  by  synchronous  scan  of  the  2 d%  and  with  the  0axis.  Twisting  was  analyzed  from 
measurements  of  26^-fixed  (j)  -scan  (in-plane  locking  curve).  The  interface  between  the  ITO 
film  and  the  substrate  was  observed  by  high  resolution  TEM  (JEM-2000EX,  JEOL).  The 
electrical  properties  were  measured  at  room  temperature  by  the  van  der  Pauw  method.  Optical 
transmission  and  reflection  spectra  were  measured  by  U-4000  spectrometer  (Hitachi  Co.). 


RESULTS 


Figure  1  shows  an  AFM  image 
of  a  polished  YSZ  surface  after 

annealed  at  1350°C  for  lh  in  air.  ▼  A 

0.25nm 

Flat  terraces  and  steps  were  clearly  t 

observed.  Terrace  width  was  about  } 

150nm,  and  step  increments  were 

about  0.26nm,  which  was  in  good  Fi8'  »'  A™  ima8e  of  annealed  substrate  of  YSZ 

agreement  with  the  distance  between  (°01)-  Flat  te,Taces  and  stePs  were  clear|y  observed' 

two  adjacent  (002)  planes  of  YSZ  (0.257nm).  400nm-thick  ITO  films  were  grown  on  the 
annealed  substrate  of  YSZ  by  PLD  at  a  substrate  temperature  of  600°C.  Figure  2  shows  the 
AFM  images  of  the  ITO  thin  films  deposited  on  YSZ  and  Si02  glass.  The  grain  size  of  ITO  on 
YSZ  was  about  200nm,  which  was  larger  than  that  of  ITO  on  Si02  glass  (lOOnm).  Surface 
{  )  (  “  )  roughness  of  the  films  on 


Fig.  1.  AFM  image  of  annealed  substrate  of  YSZ 
(001 ).  Flat  terraces  and  steps  were  clearly  observed. 


ITO/YSZ 


IT0/Si02  glass 


YSZ  was  smaller  than  the 


films  grown  on  Si02  glass. 

Figure  3  shows 
out-of-plane  XRD  patterns 
of  ITO  thin  films 
deposited  on  (001)  YSZ 
(Fig.  3(a))  and  Si02  glass 
(Fig.  3(b)).  Only  intense 
Fig.  2.  AFM  images  of  the  ITO  thin  film  depesited-on  YSZ  (^01)  ITO  diffraction 
and  Si02  glass  Peaks  were  observed 

together  with  (001)  YSZ 

diffraction  peaks  in  Fig.  3(a),  indicating  that  the  crystal  orientation  is  ITO  (001)  //  YSZ  (001). 
The  full  width  at  half  maximum  of  out-of-plane  locking  curves  of  (004)  ITO  diffraction  was  0.4°, 
indicating  strong  orientation  of  ITO  (001)  //  YSZ  (001).  On  the  other  hand,  a  sharp  diffraction 
peak  of  (004)  ITO  with  weak  diffraction  peaks  such  as  (222)  was  observed  in  Fig.  3  (b), 
indicating  a  random  orientation  of  the  ITO  crystals.  Figure  4  shows  in-plane  XRD  patterns  of 
the  ITO  thin  film  grown  on  YSZ  surface.  In-plane  measurements  were  performed  around  the 


critical  angle  of  the  X-ray  total  external  reflection. 
The  grazing  incident  angle  of  the  X-ray  was  0.3°. 
Only  intense  (080)  ITO  diffraction  peak  is 
observed  together  with  (040)  YSZ  diffraction 
peak  in  Fig.  3(a).  This  indicates  that  crystal 
orientation  relationship  is  ITO  [010]  //  YSZ  [010]. 
Figure  4(b)  shows  in-plane  locking  curve  under 
the  condition  that  20%  axis  was  fixed  at  (080)  ITO 
diffraction  angle.  Four  peaks  locating  at  90° 
interval  were  observed,  indicating  hetero-epitaxial 
growth  in  lateral  direction  was  taken  place. 
Figure  5(a)  demonstrates  a  cross  sectional 
HR-TEM  image  near  interface  of  ITO  and  YSZ 
projected  <100>.  Its  in  versed  FFT  image  was 
shown  in  Fig.  5(b).  Although  several 
incoherencies  by  geometrical  misfit  dislocations 
could  be  observed  on  interface  shown  in  Fig.  5(b), 
ITO  and  YSZ  were  continuously  connected, 
proving  that  hetero-epitaxial  growth  occurs. 
From  these  observations,  it  is  verified  that  high 
quality  hetero-epitaxial  ITO  thin  films  were 
successfully  obtained  keeping  ^ 

crystallographic  orientation 
of  (OkO)  ITO  //  (OkO)  YSZ  ? 

and  (001)  ITO// (001)  YSZ.  X 

The  Sn02  g" 

concentration  analyzed  by  £ 

XRF,  carrier  density  (nmeas),  g> 

and  its  calculate  value  (iicaic.) 
from  the  Sn02  concentration 
are  listed  in  Table  1.  The 
conversion  efficiency  of  the 
dopant  (nmeas.  /  ncaic.)  was 
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Fig.  3.  Out-of-plane  XRD  patterns  of  the 
ITO  thin  films  deposited  on  YSZ  (a)  and 
Si02  glass  (b). 
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Fig.  4.  In-plane  XRD  patterns  of  the  ITO/YSZ.  (a)  20%/<{)  scan 
and  (b)  locking  curve  of  ITO  (080). 

almost  100%,  which  indicates  nearly  all  Sn4+  ions  release  electrons  into  the  conduction  band. 
This  is  probably  resulted  from  good  crystallinitiy  of  the  film.  This  also  implies  neutral 
impurities,  which  act  as  scattering  center  for  the  carrier,  become  very  small  density,  leading  to  the 
high  electron  mobility  of  the  film.  Figure  6  summarized  Hall  mobility,  and  the  electrical 
resistivity  of  ITO/YSZ  and  ITO/Si02  films  as  a  function  of  Sn02  concentration.  Although  Hall 
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mobility  of  ITO/SiO  2  glass  decreased  drastically  with  increasing  Sn02  concentration,  that  of 
ITO/YSZ  shows  slight  decrease  almost  linearly  with  the  concentration.  In  both  cases,  carrier 


electrons  were  mainly  scattered  by  ionized  impurity  such  as  dopant  Sn4+  ion.  Additionally,  in 


case  of  IT0/Si02  glass  non-homogeneity  and 
neutral  impurity  would  cause  larger  electron 
scattering.  The  electrical  resistivity  of  ITO/YSZ 
decreases  sharply  from  about  10'2ftcm  to  below 
lO^Ocm  with  doping  of  Sn02,  and  it  saturates  when 
Sn02  exceeds  3wt.%,  showing  a  gentle  peak  at 
5.7wt%  Sn02.  The  lowest  resistivity  of  7.8  x 
10‘5Qcm  was  reproducibly  obtained  in  the  film 
containing  5.7wt.%  Sn02,  in  which  the  mobility 
was  42cm2V'ls"1  and  the  carrier  density  was  1.9  x 
1021cm"3. 

Figure  7  shows  the  optical  transmission  (T) 
and  the  reflection  spectra  (R)  in  the  visible  and 
near-IR  region  for  the  ITO/YSZ  film  containing 
5.7wt.%  Sn02  (lowest  resistivity  specimen).  In 
this  figure,  transmission  and  reflection  due  to  the 
YSZ  substrate  are  also  shown  by  dotted  lines.  The 
optical  transmissivity  of  the  film  exceeded  85%  at 
wavelengths  from  340  to  780nm. 


Fig.  5  (a)  X-TEM  image  of  ITO/YSZ 
and  (b)  its  inversed  FFT  image  of  near 
interface  region. 

Table  1  The  Sn02  concentration  analyzed  by  XRF,  carrier 
density  (nmeas.),  and  its  calculate  value  (iicaic.)  from  Sn02 
concentration. 


Sn02  concentration 
in  films  (wt.%) 

Carrier  density 
(lQ^cnr3) 

nmeas.  n  calc. 

Doping  efficiency 
(%) 

3.0 

0.96 

0.86 

110 

5.7 

1.9 

1.8 

106 

7.4 

1.9 

2.2 

86 
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CONCLUSIONS 

High  quality  ITO  thin  film  was  successfully  grown  hetero-epitaxially  on  extremely  flat 
substrate  of  (001)  YSZ  by  pulsed  laser  deposition  method  at  a  substrate  temperature  of  600°C. 
HR-XRD  and  HR-TEM  measurements  verify  crystal  orientation  relationship  between  the  film 
and  YSZ  were  ITO  (001)  //  YSZ  (001)  and  ITO  (010)  //  YSZ  (010),  respectively.  Almost  all  the 
Sn4+  ions  in  the  film  release  electrons  to  the  conduction  bands,  resulted  from  high  crystallinity  of 
ITO.  The  carrier  densities  of  the  films  were  enhanced  up  to  1.9xl021cm'3,  while  the  Hall 
mobility  showed  a  slight,  almost  linear,  decrease  from  55  to  40cm2V'Is'1  with  increasing  Sn02 


Sn02  content  (wt.%) 

Fig.  6.  Hall  mobility  and  the  carrier 
density  of  the  films  as  a  function  of  the 
Sn02  concentration. 


concentration.  The  low  resistivity  is  due  to 
larger  electron  mobility,  which  was  most  likely 
resulted  from  high  crystal  quality  of  the  films. 
The  optical  transmissivity  of  the  film  exceeded 
85%  at  wavelengths  from  340  to  780nm. 


Fig.  7  Optical  transmission  and  reflection 
spectra  of  ITO/YSZ  and  YSZ  substrate. 
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Abstract 

Transparent  conducting  oxides  (TCO)  have  relatively  low  mobilities,  which  limit  their  performance 
optically  and  electrically,  and  which  limit  the  techniques  that  may  be  used  to  explore  their  band  structure 
via  the  effective  mass.  We  have  used  transport  theory  to  directly  measure  the  density-of-states  effective 
mass  and  other  fundamental  electronic  properties  of  TCO  films.  The  Boltzmann  transport  equation  may 
be  solved  to  give  analytic  solutions  to  the  resistivity,  Hall,  Seebeck,  and  Nemst  coefficients.  In  turn, 
these  may  be  solved  simultaneously  to  give  the  density-of-states  effective  mass,  the  Fermi  energy  relative 
to  either  the  conduction  or  valence  band,  and  a  scattering  parameter,  s,  which  characterizes  the  relaxation 
time  dependence  on  the  carrier  energy  and  can  serve  as  a  signature  of  the  dominate  scattering  mechanism. 
The  little-known  Nemst  effect  is  essential  for  determining  the  scattering  parameter  and,  thereby,  the 
effective  scattering  mechanism(s).  We  constructed  equipment  to  measure  these  four  transport  coefficients 
on  the  same  sample  over  a  temperature  range  of  30  -  350  K  for  thin  films  deposited  on  insulating 
substrates.  We  measured  the  resistivity,  Hall,  Seebeck,  and  Nemst  coefficients  for  rf  magnetron-sputtered 
aluminum-doped  zinc  oxide.  We  found  that  the  effective  mass  for  zinc  oxide  increases  from  a  minimum 
value  of  0.24m,,  up  to  a  value  of  0.47me  at  a  carrier  density  of  4.5  x  1020  cm'3,  indicating  a  nonparabolic 
conduction  energy  band.  In  addition,  our  measured  density-of-states  effective  values  are  nearly  equal  to 
conductivity  effective  mass  values  estimated  from  the  plasma  frequency,  denoting  a  single  energy 
minimum  with  a  nearly  spherical,  constant-energy  surface.  The  measured  scattering  parameter,  mobility 
vs.  temperature,  along  with  Seebeck  coefficient  values,  characterize  ionized  impurity  scattering  in  the 
ZnO:Al  and  neutral  impurity  scattering  in  the  undoped  material. 

Introduction 

Technically  and  commercially  significant  applications  for  transparent  and  conducting  thin  films  are 
increasing  in  today’s  market.  Some  of  these  potentially  large-volume  items  include:  low-emissivity, 
selectively  reflecting  architectural  windows;  durable,  antistatic  coatings;  transparent  electrodes  on  flat- 
panel  displays;  solar  cells;  and  electrochromic  windows.*  As  demand  increases  for  larger  and  better  flat- 
panel  displays  and  solar  cells,  current  transparent  and  conducting  materials  will  hinder  this  development. 

Transparent  conducting  oxide  (TCO)  thin  films  represent  a  compromise  between  optical  transmittance, 
bounded  by  absorbance  at  the  optical  band  gap  and  reflectance  at  the  plasma  frequency,  and  electrical 
conductivity.  As  noted  by  Coutts  et  al.,2  this  compromise  must  pivot  about  maximizing  the  mobility.  For 
highly  degenerate,  metal-like  TCO  films,  mobility,  p,  may  be  defined  by  the  Drude  theory, 

/i  =  qrf  m* ,  (1) 

where  m’  is  the  conductivity  effective  mass  and  T  is  the  relaxation  time  which  is  close  to  the  average 
time  between  carrier-scattering  elastic  collisions.  Obviously,  either  a  long  relaxation  time  or  a  small  m* 
will  increase  the  mobility.  Fundamental  studies  of  existing  and  novel  TCO  materials  require  knowledge 
of  both  x  and  m*.  Cyclotron,  de  Haas  van  Alphen,  and  shubnikov-de  Haas  resonance  techniques,  the 
traditional  methods  for  probing  the  Fermi  surface  via  the  effective  mass,  are  only  applicable  for  high- 
mobility  materials  because  of  the  constraint  that  the  product  pB  »  1,  so  that  electrons  complete  at  least 
one  orbit  before  they  are  scattered.  Effective  mass  values  for  polycrystalline,  thin-film  TCOs  are  usually 
inferred  from  optical  data  or  assumed  to  be  equal  to  single-crystal,  bulk  values. 

In  addition  to  the  need  for  a  direct  measure  of  m*  in  TCOs,  understanding  the  mechanism(s)  for 
scattering  of  carriers  in  films  is  of  great  importance  for  improving  transport  properties.  To  better 

259 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  623  ©  2000  Materials  Research  Society 


understand  the  limits  of  mobility  and  the  dominant  scattering  mechanisms,  a  novel  measurement 
technique,  based  on  transport  phenomena,  has  been  applied  to  TCO  thin-films.  Transport  phenomena 
coefficient  measurements  —  resistivity,  Hall,  Seebeck,  and  Nemst  —  on  thin-film  TCO  samples  were 
used  with  solutions  to  the  Boltzmann  transport  equation  to  make  direct  measurements  of  the  density-of- 

states  effective  mass,  md ,  and  an  energy-dependent  scattering  parameter,  s.  We  have  constructed  an 
instrument  to  enable  these  measurements  for  films  grown  on  electrically  insulating  substrates.  Our  group 
has  applied  this  technique  to  TCO  thin-film  samples  and  has  made,  to  our  knowledge,  the  first  direct 

measurements  of  md  and  s  on  films  of  cadmium  stannate,  zinc  stannate,  zinc  oxide,  tin  oxide,  and 
cadmium  oxide.  In  this  paper,  we  will  discuss  transport  theory,  our  transport  coefficient  instrument,  and 
data  obtained  from  our  zinc  oxide  study. 

Theory 

Traditionally,  a  relaxation  time  approximation  has  been  used  for  analytic  solutions  to  Boltzmann’s 
transport  equation  in  the  study  of  charge  transport  in  materials.  This  approximation  assumes  a  mean  time, 
t,  between  transitions,  induced  by  scattering  events,  from  an  excited  to  an  equilibrium  distribution  or  vice 
versa  .  In  general,  x  depends  on  energy,  temperature  and  direction,  especially  for  impurity  ion  scattering, 
if  the  constant  energy  surface  is  anisotropic.  In  our  case  the  constant  energy  surface  is  almost  spherical, 
hence  we  can  assume  an  isotropic  x.  The  frequency  of  elastic  collisions,  f\E),  depends  on  the  density- 
of-states  function,  g (£),  and  the  square  of  the  matrix  element  of  the  scattering  transition  from  an  initial 
energy  state  to  a  final  state  of  the  same  energy,  w(E).  For  parabolic  energy  bands,  g(E)  «  EW2,  whereas 
w(E)  is  a  power  function  of  energy  w(E)<x  E~s  ~  ( k2)~s,  where  k  is  the  wave  vector  magnitude.  Thus, 

T  ~X(E)  =  w(E)g(E)  =  E~SEX/1  =  El/2~s,  (2) 

which  is  often  written  r  ~  Es~x/2  «  e/  ,  with  s’  =  s  - 1/2.  For  the  parabolic  band  model,  s'  has  been 
identified^  for  several  scattering  mechanisms  that  are  shown  below: 

Acoustic  Phonon  scattering  — >  s'  =  -1/2,  s  =  0 
Neutral  Impurity  scattering  — >  s'  =  0,  s  =  1/2 
Ionized.  Impurity  scattering  — >  s'  =  3/2  s  =  2 

In  the  non-parabolic,  isotropic  energy-band  case,  the  dependence  E(k)  can  be  described  by  the  equation 
(3) 


y±  =  Y{E)  =  E  +  ^r  + 
2  ma  Ex 


(3) 


where  E,  and  E2  are  constants  for  a  given  material.  For  not  too  strong  nonparabolicity  (E,,  >  E)  it  can 

be  assumed,  to  a  first  approximation,  that  the  transition  matrix  element  preserves  the  same  dependence  on 
k.  as  in  the  parabolic  case.  -  The  nonparabolic  den sity-of- states  function, 
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Clearly,  the  s'  and  s  values  for  different  scattering  mechanisms  in  the  nonparabolic  case  are  the  same  as  in 
the  parabolic  case. 

Using  equations  (2)  -  (5),  we  have  recently  outlined4  how  transport  phenomena  may  be  used  to 
probe  the  Fermi  surface  and  reveal  scattering  mechanisms  in  degenerate  semiconductors.  Our  work 
follows  original  efforts  by  Zhitinskaya  et  al.5  and  Kolodziejczak  et  al.,6*7  who  recognized  that  knowledge 
of  four  transport  coefficients  could  reveal  the  effective  density-of-states  (DOS)  mass  at  the  Fermi  level, 


m,  = 


Kl^. 


k\T 


a  - 


Q 


Kk 


and  s,  the  scattering  parameter, 
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(7) 


(8) 


Equation  (6)  illustrates  that  the  DOS  effective  mass  may  be  experimentally  determined  by  measuring  the 
conductivity  (o).  Hall  (RHaii)»  Seebeck  (a),  and  Nemst  (Q)  coefficients  of  a  sample.  This  technique  has 

been  coined  the  method  of  four  coefficients 8  and  was  originally  applied  to  n-type  PbTe  single  crystals.5 
Our  group  has  applied  the  method  of  four  coefficients  to  thin-film  TCO  samples,  using  a  specially 
designed  instrument  to  measure  the  four  coefficients  on  the  same  sample.  A  detailed  discussion  of  these 
transport  phenomena  may  be  found  in  the  literature.3’9’10 


heater  blocks. 


Experimental  Procedure 

Measurement  of  four 
transport  coefficients  on  thin- 
films  has  been  attempted  by  other 
groups11  and  emphasizes  the 
need  for  a  clever  film  pattern  to 
accomplish  all  of  the 
measurements  on  the  same 
sample.  For  our  instrument,13 
thin-film  TCO  samples  are 
deposited  on  electrically 
insulating  substrates  and 
photolithographically  etched  to 
the  pattern  shown  in  Figure  1. 

The  high  aspect  ratio  of  the 
sample  conforms  to  the  specimen 
shape  dictated  by  the  ASTM 
designation  F76-8613  for  van  der 
Pauw  resistivity  and  Hall 
measurements,  as  well  as 
ensuring  a  large  Nemst  voltage 
between  contacts  1  and  3  and  a 
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large  temperature  gradient  between  contacts  2  and  4.  As  depicted  in  Figure  1,  the  film  is  placed  film-side 
down  across  two  copper  heater  blocks,  with  contacts  2  and  4  making  ohmic  contact  with  the  heater  blocks 
by  silver  paint  or  an  indium  dot.  Contacts  1  and  3  are  indium-soldered  to  fine  copper  wire.  The  heater 
blocks  are  electrically  isolated  from  each  other,  and  each  has  a  copper  wire  attached  to  it  to  make 
electrical  contact  to  the  film.  The  heater  blocks  have  a  differential  thermocouple  mounted  between  them 
to  measure  the  temperature  gradient  across  the  sample.  Heater  block  2  has  an  additional  embedded 
thermocouple  for  absolute  temperature  measurement.  The  entire  sample  holder  of  Figure  1  is  cooled  by  a 
closed-cycle  helium  cryostat  for  temperature-dependent  measurements  from  30  -  350  K.  The  four 
transport  coefficients,  mentioned  above,  may  be  measured  by  the  instrument.  The  specific  measurement 
sequence  is  outlined  in  reference  13. 

Results 

RF  magnetron-sputtered  ZnO  and  ZnO:Al  thin-films  grown  on  7059  glass  were 
photolithographically  patterned  to  the  shape  shown  in  Figure  1.  Film  thickness  was  measured  by 
profilometry.  The  four  relevant  transport  phenomena  coefficients  (conductivity,  Hall,  Seebeck,  and 
Nemst)  were  measured  by  the  method  and  by  the  instrument  described  above,  which  were  then  used  in 

equation  (6)  to  calculate  the 

DOS  effective  mass,  md . 

Figure  2  shows  the  md  values 
plotted  against  the  carrier 
density,  n.  We  first  note  that 
* 

md  is  not  constant  with  carrier 
density  and  varies  from  about 
0.3  to  0.47  as  the  carrier  density 
changes  from  2  x  1019  -  5  x  1020 
cm'3.  This  trend  shows  that  the 
conduction  energy  band  for 
ZnO  is  non-parabolic  in  this 
carrier  density  range  and  will 
make  the  energy-band  term,  X, 

non-zero.  In  addition  to  our  m d 
values  for  ZnO  plotted  in  Figure 
2,  conductivity  effective-mass  values  are  plotted.  These  values,  taken  from  the  literature14’15  or 
calculated  from  transmission  and  reflection  measurements,  were  determined  by  the  plasma  frequency. 

Note  that  the  conductivity  and  DOS  effective  mass  are  in  good  agreement  with  each  other.  The 
relationship  between  conductivity  and  DOS  effective  mass  values  for  a  material  with  N  constant  energy 
ellipsoid  of  revolution  surfaces  is  given  by 


'cP 


Carrier  Concentration  (x  102°cm"3) 

Fig.  2  DOS  and  conductivity  effective  mass  values  plotted  against  carrier 
concentration.  Fermi  energy  levels  above  the  conduction-band  minimum  are 
also  plotted. 


+  where 

m(  3  P*  H  m. 


(9) 


With  such  good  agreement  between  m*c  and  md  we  conclude  that  N  must  be  one  and  that  (5  must  also  be 
approximately  one.  This  being  the  case,  we  may  conclude  that  ZnO  has  a  single-valley  minimum  in  the 
conduction  energy  band  and  that  the  constant  energy  surface  must  be  spherical  to  within  experimental 
uncertainty.  The  single-valley  minimum  of  ZnO  is  predicted  by  theory,16  but  the  uncertainty  in  the 
plasma  frequency  data  makes  it  difficult  to  be  certain  of  the  spherical  nature  of  the  energy  surface.  We 
note  that  ZnO  is  hexagonal  and  that  our  films  are  uniaxially  textured  with  (002)  orientation.  Anisotrophy 
in  the  effective  mass  is  not  found  in  the  literature,  nor  is  it  observed  in  the  mobility  above  100  K. 17 
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A  best-fit  line  was 
drawn  through  the  points  of 

md  vs.  n,  which  was  then 
used  to  calculate  X  in 
equations  (7)  and  (8).  We 
solved  for  X  to  determine  the 
degree  to  which  the  band 
shape  affects  the  scattering 
parameter,  s,  in  equation  (7). 
Figure  3  shows  the  calculated 
scattering  parameter  values 
for  our  ZnO  and  ZnO:Al 
Carrier  Concentration  (x  lO^cm"3)  samples,  along  with  the 

Fig.  3  Measured  scattering  parameter,  s,  plotted  with  predicted  trends  for  predicted  trends  in  the 

several  scattering  mechanisms.  The  left-most  sample  is  ZnO  whereas  the  other  scattering  parameter  for  five 

four  samples  are  ZnO:Al.  scattering  mechanisms. 

For  the  ZnO:  A1  samples,  the  measured  scattering  parameter  lies  near  the  trend  expected  for  ionized 
impurity  scattering  (I.I.S.)  with  screening  by  free  electrons.  I.I.S.  is  predicted  for  these  films,  where 
aluminum  is  added  to  contribute  an  electron  to  the  conduction  band  to  dope  the  films  n-type.  The 
electron  leaves  behind  an  ionized  aluminum  atom  that  acts  as  an  impurity  scattering  center.  We  will 
discuss  below  our  method  for  accounting  for  the  screening  by  free  electrons. 

Returning  to  Figure  3,  we  notice  that  for  the  undoped  ZnO,  the  scattering  parameter  lies  most 
closely  with  the  neutral  impurity  trend.  Figure  4  shows  our  Seebeck  measurements  plotted  against 
expected  Seebeck  values  for  five  scattering  mechanisms.  Again,  ionized  and  neutral  impurity  scattering 
are  the  apparent  mechanisms.  Mobility  vs.  temperature  data  for  both  a  ZnO  and  ZnO:  A1  film  are  shown 
in  Figure  5.  The  undoped  ZnO  film  shows  a  clear  positive  dependence  of  mobility  on  temperature, 
indicative  of  neutral  impurities.  As  the  temperature  decreases,  the  number  of  neutral  impurity  centers  will 
increase,  decreasing  the  relaxation  time  between  collisions,  and  thus  decreasing  the  mobility.10  For  the 

doped  material,  the  mobility  is  seen 
to  be  almost  constant  with 
temperature,  characteristic  of  I.I.S. 
in  a  degenerate  material.10’18 
Agreement  between  optical  and 
Hall  mobility  data,  along  with 
temperature  dependent  conductivity 
data,  rule  out  grain-boundary 
scattering  as  a  major  contributor  in 
our  ZnO  films. 

To  extrapolate  ma,  the 
effective  mass  at  the  conduction- 
band  minimum,  we  use  a  first-order 
nonparabolicity  approximation  by 
using  only  the  first  two  terms  in 
equation  (3).  Our  measured  value 
of  m0  is  0.24  for  this  sample 
set.  This  value  allows  a  calculation 
of  the  Fermi  energy  level  relative  to  the  conduction  band.4  Figure  2  shows  the  calculated  Fermi  energy 
level  above  the  conduction  band,  revealing  a  strong  degeneracy  in  all  of  the  samples.  Knowledge  of  the 
effective  mass  at  the  bottom  of  the  band  allows  us  to  correct  for  nonparabolicity  effects  in  the  predicted 
mobility  for  films  experiencing  ionized  impurity  scattering.  Following  work  similar  to  Pisarkiewicz  et 
al.1^  we  matched  predicted  and  measured  mobilities  to  ascertain  a  D.C.  dielectric  constant.  The  effective 
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Fig.  4  Seebeck  coefficient  vs.  carrier  concentration  for  the  same  films  as 
in  Fig.  3.  Shown  with  predicted  trends  for  several  scattering 
mechanisms. 
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Fig.  5  mobility  vs.  temperature  for  ZnO  and  ZnO:Al  films, 
and  4  and  is  in  good  agreement  with  the  measured  quantities. 


screening  length,  r0,  of  an  ionized 
impurity  was  then  calculated,10  again 
taking  into  account  the  nonparabolicity 
of  the  conduction  band.  The  effective 
screening  length  adjusts  the  scattering 
parameter,  s’,  through  the  following 
equation: 


3  _  d\n$(k,r0 ) 
2  d\nE 


where 


$(k,ra)  =  ln(l  +  4 &2r2) - _  .(10) 

1  +  4  k2r; 


This  correction  is  shown  in  Figures  3 


Conclusions 


We  have  used  the  method  of  four  coefficients  in  this  study  to  show  that  the  conduction  band  in  ZnO 
is  non-parabolic,  with  an  mo  value  of  0.24  nv  The  dominant  scattering  mechanism  in  our  ZnO  thin  films 
is  neutral  impurities,  whereas  screened  ionized  impurity  scattering  dominants  the  ZnO:Al  films. 
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ABSTRACT 

CuA102  is  one  of  several  materials  currently  being  investigated  for  application  as  a  p-type 
transparent  conducting  oxide.  In  this  paper  we  report  a  method  of  making  c-axis  oriented 
CuA102  thin  films  which  eliminates  previously  reported  phase-purity  and  surface  morphology 
problems.  Thin  film  precursors  of  CuA102  were  deposited  on  YSZ  (100)  substrates  by  room- 
temperature  radio  frequency  sputtering.  Subsequent  annealing  in  lOmT  of  oxygen  at 
temperatures  as  low  as  800°  C  resulted  in  phase-pure,  textured  CuA102.  The  films  were  p-type 
and  transparent  with  a  gap  of  3.5eV,  but  typical  carrier  concentrations  were  low  (on  the  order  of 
1016  cm'3).  Oxygen  anneals  at  700°  C  in  1  atm  of  02  raised  this  to  10t8  cm'3  in  some  samples.  In 
order  to  increase  the  carrier  concentration  further,  we  are  testing  chemical  substitution  on  the 
metal  sublattice.  Initial  experiments  were  done  with  Mg  as  a  dopant,  either  by  direct  solid-state 
synthesis  for  bulk  materials  or  by  alternating  deposition  of  MgO  and  CuA102  during  the  pulsed 
laser  deposition  of  thin  films.  At  Mg  molar  concentrations  of  1%  or  less,  the  bulk  material  was 
phase-pure  CuA102  by  x-ray  diffraction,  but  was  mixed-phase  CuA1204  and  CuO  when  the  Mg 
concentration  was  increased  to  2%.  Thin  films  sputtered  from  the  1%  Mg  substituted  target 
crystallized  to  CuA102  after  a  940°  C  anneal  at  10T  02,  but  were  more  than  30  times  more 
resistive  than  the  undoped  films. 

INTRODUCTION 

Recent  results  have  shown  that  CuA102  is  a  p-type  transparent  semiconductor  [1],  which 
might  have  applications  as  a  transparent  conductor  if  the  conductivity  can  be  substantially 
improved.  This  could  have  considerable  consequences  in  a  wide  range  of  devices  from 
photovoltaics  to  flat-panel  displays.  However,  thin  film  synthesis  of  CuA102  is  difficult  because 
of  the  complex  Cu:Al:0  phase  diagram.  Although  phase-pure  bulk  synthesis  is  relatively 
straight-forward,  the  reproducible,  phase-pure  growth  of  thin  films  by  pulsed  laser  depostion 
(PLD)  without  post-deposition  processing  seems  nearly  impossible.  We  have  used  ex-situ 
anneals  to  increase  the  crystallinity  and  to  reduce  the  concentration  of  the  CuO  and  CuA1204 
impurity  phases  usually  present  in  our  films.  Our  previously  reported  method  involving  crucible 
anneals  at  1050°  C  over  mixed  CuO  and  A1203  powders  suffered  from  both  the  persistence  of 
impurity  phases  and  surface  morphology  problems.  Nonetheless,  it  was  relatively  robust,  and 
remarkably  insensitive  to  the  way  we  laid  down  the  precursor  film.  Since  amorphous,  sputtered 
precursor  films  yielded  annealed  films  that  were  often  better  than  the  PLD  variety,  our 
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subsequent  annealing  experiments  have  focussed  on  films  deposited  exclusively  by  RF 
sputtering  at  room-temperature.  By  changing  substrates  from  sapphire  to  (100)  oriented  YSZ 
substrates,  and  annealing  at  lower  temperatures  and  oxygen  partial  pressures,  we  can 
reproducibly  make  phase-pure  c-oriented  thin  films  up  to  about  2000A  in  thickness. 

All  the  p-TCO  candidates  under  investigation  today  -  including  CuA102  -  still  have 
conductivities  four  or  five  orders  of  magnitude  lower  than  what  has  been  achieved  with  n-type 
TCO’s.  We  are  attempting  to  reduce  that  gap  with  CuA102,  and  to  that  end,  are  conducting 
various  single-species  doping  experiments  (with  oxygen,  nitrogen,  magnesium,  and  potassium). 
To  date,  the  only  species  we  know  was  actually  incorporated  into  the  films  (without  inducing  a 
substantial  loss  of  phase-purity)  has  been  Mg,  but  it  only  made  the  films  more  resistive. 

EXPERIMENT 

Amorphous  copper-aluminum-oxide  samples  were  grown  on  (100)  YSZ  substrates  by 
radio-frequency  sputtering  of  a  one-inch  diameter  CuA102  target.  The  target  was  mounted  3.3 
cm  above  the  substrate.  After  reducing  the  base  pressure  to  below  10'4Torr,  a  fixed  flow  rate 
(10.5  seem)  of  N2  gas  was  admitted  into  the  chamber  and  the  valve  separating  the  chamber  and 
the  turbo  pump  was  throttled  to  maintain  a  constant  total  pressure  of  65  mT.  The  films  were 
deposited  at  a  rate  of  70A/min  using  an  emmitted  power  of  50W.  The  film  thickness  was 
determined  by  means  of  a  Sloan  Dektac  3  stylus  profilometer. 

Ex-situ  anneals  were  performed  in  a  quartz  tube  furnace  with  the  samples  placed  on  an 
alumina  sled.  Rotameters  and  a  digital  flowmeter  (Sierra  Designs  model  820)  were  used  to 
monitor  the  ratio  of  the  manually  regulated  flow  rates  between  argon  and  oxygen.  Using  this 
method,  a  partial  pressure  of  lOmT  of  oxygen  was  maintained  in  the  tube  during  the  anneal.  The 
furnace  temperature,  as  measured  by  a  thermocouple  inside  the  tube,  was  ramped  up  from  200° 
C  to  940°  C  at  a  rate  of  10  degrees  per  minute,  then  held  at  940°  C  for  1.5  hours  before  gradually 
cooling  to  200°  C. 

Optical  measurements  were  performed  on  a  Cary  5G  UV-vis  NIR  spectrophotometer  in 
dual  beam  mode  with  a  fixed  spectral  width  of  8nm  in  the  near-infrared  and  2nm  in  the  UV  and 
visible  portions  of  the  spectrum.  Four-point  conductivity  and  Hall  measurements  were  taken  on 
a  Bio-Rad  model  HL5500PC  using  a  van  der  Pauw  electrode  configuration  with  pressed  indium 
contacts.  Crystallinity  was  determined  by  x-ray  diffraction  (XRD)  using  Cu  Ka  radiation  in  a 
Scintag  diffractometer. 

RESULTS 

.Growth 

In  our  initial  work  [2],  CuA102  films  were  grown  on  c-plane  sapphire  substrates,  because 
A1203  is  well  lattice-matched  to  CuAlQ2,  and  has  a  high  melting  point.  However,  due  to  the 
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persistence  of  the  CuA1204 
impurity  phase,  we  suspected 
that  at  the  1050°  C  annealing 
temperatures  the  aluminum  in 
the  substrate  was  contaminating 
the  films.  Figure  1  shows  a 
worst-case  film  which 
demonstrates  the  point.  The  top 
panel  is  the  XRD  spectrum  for 
a  film  sputtered  on  a  sapphire 
substrate  then  annealed  at 
1050°C  in  air,  and  the  spectrum 
in  the  middle  panel  is  of  a  film 
sputtered  and  annealed  under 
the  same  conditions,  except  on 
a  YSZ  substrate.  The  film  on 
sapphire  is  randomly  oriented 
CuA1204,  whereas  the  film  on 
YSZ  is  phase  pure  (00L) 
oriented  CuA102,  as  can  be  seen 
by  comparing  its  XRD 
spectrum  with  the  expected 
powder  pattern  for  CuA102  in 
the  bottom  panel. 

Even  with  the  YSZ 
substrates,  the  surface  of  the 
films  would  sometimes  be 
covered  with  mm-wide  circles, 
which  we  hoped  could  be 
eliminated  by  reducing  the 
processing  temperature.  Using 
existing  phase  diagram 
information  [3],  we  created  the 
oxygen  partial  pressure  vs. 
temperature  phase  diagram 
shown  in  Figure  2.  The  shaded 
area  is  the  region  of  stability  for 
the  CuA102  phase.  It  suggests 
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Figure  1:  Effect  of  substrate.  XRD  patterns  of  films  sputtered  on 
different  substrates,  then  annealed  in  air  at  1050°  C  for  1.5  hours  (top  panel 
-  sapphire  substrate;  middle  panel  -  YSZ  substrate).  The  PDF  for  CuA102 
is  shown  on  a  linear  scale  in  the  bottom  panel 


Figure  2:  Cu-Al-0  Phase  Diagram.  The  shaded  area  is  the  region  of 
stability  for  CuA102.  The  triangles  identify  the  (p02,T)  conditions  for  this 
annealing  experiment.  The  dashed  line  shows  p02of  air  at  our  location. 


that  lower  temperature  anneals  are  possible  provided  we  lower  the  oxygen  partial  pressure  (lower 


left  hand  comer  of  the  graph).  We  made  several  samples  to  evaluate  this,  and  annealed  them  at 
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Figure  3:  XRD  patterns  of  three  films  sputtered  on  YSZ  substrates 
then  annealed  at  the  conditions  of  the  shaded  area  of  Figure  2. 


the  conditions  indicated  by  the 
triangles  in  Figure  2.  The  partial 
pressure  of  the  bottom  two 
triangles  was  estimated  from  the 
vendor’s  stated  impurity  level  of 
the  argon  gas  used  during  the 
anneal  (no  oxygen  was 
intentionally  introduced  into  the 
tube  furnace).  In  every  case,  the 
films  annealed  at  the  (p02,  T) 
conditions  inside  the  shaded  area 
came  out  phase-pure  CuA102 
whereas  those  outside  were  mixed- 
phase  CuAI02,  CuO  and  CuAl204. 

Figure  3  contains  the  XRD 
data  from  three  of  the  triangles  in 
the  previous  figure.  It  shows  that 
phase-pure  and  textured  films  were 


grown  down  to  800°  C  (a  250°  reduction  in  processing  temperature)  although  some  broadening 


can  be  observed  in  the  diffraction  peaks  at  the  lowest  temperatures.  No  splotches  were  evident 
in  any  of  the  films  grown  at  or  below  940°  C. 

In  addition,  the  films  were  far  more  transparent  than  our  earlier  CuA102  films  which 
contained  trace  CuA1204  impurities  [2].  With  the  naked  eye,  the  substrates  with  2000A  thick 
films  on  them  were  difficult  to  distinguish  from  blank  substrates.  Figure  4  shows  the  optical 
transmittance  spectrum,  normalized  to  a  YSZ  substrate,  for  one  such  film.  The  direct  allowed 


Figure  4:  Optical  transmittance  of  a  film  sputtered  on  two-sides  polished  YSZ  then  annealed  at  940°  C  in  10T  Oz 
for  1.5  hours. 
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Figure  5:  XRD  pattern  of  thin  film  with  ~2%  Mg  doping.  The  t  symbols  represent  CuO  impurities, 
band-gap  was  3.56eV,  as  estimated  by  a  plot  of  a2  vs  hv. 

Chemical  Substitution 

We  attempted  to  increase  the  carrier  density  of  the  films  by  chemical  substitution.  We 
first  tried  oxygen  anneals,  hoping  interstitial  oxygen  would  add  holes  to  the  lattice.  Anneals  in 
flowing  oxygen  at  800°  C  or  more  resulted  in  a  decomposition  of  the  CuA102  into  CuAl204  and 
CuO,  consistent  with  expectations  from  Fig.  2.  However,  1.5hr  700°C  anneals  did  not  alter  the 
phase  of  the  films.  Though  the  700°  C  anneals  appeared  to  affect  the  transport  properties  (one 
sample  had  N  =  1018  cm'3),  no  consistent  change  in  carrier  density  was  observed.  In  a  different 
series  of  experiments,  KOH  was  evaporated  on  the  surface  of  the  films  and  then  annealed  at  700° 
C.  The  same  decomposition  of  CuA102  into  CuA1204  and  CuO  occurred  as  in  the  oxygen 
annealing  experiments. 

When  2%  magnesium  was  mixed  in  with  our  standard  target  recipe  and  annealed  at 
1050°C,  CuA1204  and  CuO  were  formed  in  addition  to  CuA102.  But  when  the  concentration  of 
Mg  was  reduced  to  1%,  phase  pure  material  with  the  CuA102  structure  was  formed  at  the  same 
temperature.  We  then  tried  a  similar  doping  level  in  the  films  (by  sputtering  from  the  doped 
target)  and  achieved  almost  phase  pure  films.  ICP  measurements  confirmed  that  there  was 
actually  Mg  in  the  film.  Figure  5  shows  the  X-ray  diffraction  spectrum  of  this  film.  It  shows  c- 
oriented  CuA102  peaks  with  very  small  CuO  lines. 

Unfortunately,  the  Mg  incorporation  actually  increased  the  resistivity  from  about  75  £2- 

cm  in  the  undoped  films  to  2500  £2 -cm.  Table  1  summarizes  the  relevant  transport 
measurements.  It  has  been  speculated  that  a  potential  problem  with  p-type  doping  in  oxides  is 
that  the  films  could  self-compensate  by  producing  O  vacancies  [4],  so  we  tried  annealing  the  Mg 
doped  films  in  oxygen  (700°  C  for  1.5  hours)  but  this  did  not  appear  to  change  the  resistivity. 
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N 

cm'3 

P 

£2-cm 

P 

cm2/ Vs 

Undoped  film 

1  *  1017 

75 

.9 

02  doped  film 

1.4*  1018 

20 

.2 

Mg  doped  film 

2.4  *  1016 

2500 

.1 

Undoped  bulk 

4  *  10'5 

335 

5.4 

Table  1:  Summary  of  transport  properties 


CONCLUSIONS 

Thin  film  synthesis  of  CuA102  is  problematic,  but  transparent,  phase-pure  and  textured 
film  growth  is  possible  by  post-deposition  annealing  of  CuA10x  precursors  sputtered  on  YSZ 
substrates.  The  undoped  film  carrier  density  of  1017  has  not  been  improved  with  simple  doping 
experiments.  Future  efforts  will  focus  on  ion  implantation  and  various  co-doping  schemes  [5]. 
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ABSTRACT 

This  paper  reports  on  progress  in  the  fabrication  of  IR-transparent  electrically  conductive 
copper  aluminum  oxide  (CuAlxOy)  by  reactive  magnetron  co-sputtering  from  high-purity-Cu  and 
-A1  targets  in  an  argon-oxygen-gas  mixture.  Recent  equipment  modifications  have  resulted  in 
much  better  control  of  deposition  parameters  like  forward  and  reflected  power  and,  consequently, 
much  better  control  of  film  composition.  Applying  the  correct  amount  of  power  to  each  target 
and  adjusting  the  oxygen-partial  pressure  have  significantly  reduced  the  growth  of  surface-oxide 
layers  on  the  metal  targets.  Equipment  and  process  improvements  have  eliminated  the  sputter- 
rate  inconsistencies  and  arcing  that  led  to  lack  of  composition  control  in  our  earliest  films.  We 
now  have  much  better  control  of  film  composition  and  are  beginning  to  understand  the 
relationship  between  the  electro-optical  properties  and  the  molecular  structure  of  the  films  using 
Fourier  transform  infrared  (FTIR)  spectroscopy,  electron  spectroscopy  for  chemical  analysis 
(ESCA),  inductively  coupled  plasma  (ICP)  emission  spectroscopy,  high  resolution  electron 
microscopy  (HREM)  and  electron  energy  loss  spectroscopy  (EELS).  A  pair  of  weakly  intense 
FTIR  absorption  bands  at  1470  and  1395cm'1  is  present  in  films  that  have  enhanced  electrical 
conductivity  and  IR  transparency.  Understanding  the  origin  of  these  bands  could  speed 
development  of  CuA102  as  a  wide-bandgap-conductive  oxide  since  these  bands  are  clearly 
associated  with  enhanced  conductivity  and  carrier  mobility.  The  best  film  to  date  transmits  about 
80%  in  the  mid-wave  IR  and  has  a  sheet  resistance  of  160H/sq. 

INTRODUCTION 

Recently,  the  first  example  of  a  transparent  conductive  oxide  (TCO)  with  p-type 
conductivity  was  demonstrated  [1].  Kawazoe's  group  used  laser  ablation  to  deposit  thin  films  of 
CuA102  exhibiting  p-type  conduction.  This  is  an  exciting  result  because  the  higher  effective- 
hole  mass  of  the  p-type  carriers  should  push  the  plasma  resonance  further  into  the  IR.  A  durable, 
p-type  TCO  like  CuAlxOy  with  a  tailorable  bandgap  and  transparency  in  the  IR  could 
revolutionize  the  design  and  fabrication  of  photovoltaics  and  make  solar  energy  a  much  more 
affordable  alternative  to  fossil  fuels.  Kawazoe  used  x-ray  diffraction  (XRD)  to  show  that  p-type 
CuA102  films  deposited  by  laser  ablation  were  polycrystalline  and  exhibited  the  crystalline 
structure  of  a  novel  class  of  metal  oxides  known  as  delafossites.  Single  crystals  of  delafossite 
metal  oxides  exhibit  very  anisotropic  electrical  properties.  Specifically,  the  electrical 
conductivity  is  high  in  the  direction  perpendicular  to  the  c-axis  of  the  unit  cell  and  is  orders  of 
magnitude  lower  in  the  direction  parallel  to  the  c-axis  [2].  The  delafossite-CuA102-unit  cell  is 
made  up  of  layers  of  Cu+  cations,  one  atomic-dimension  in  thickness  that  are  basically  metallic. 
These  layers  of  Cu+  are  bound  to  layers  of  octahedrally  coordinated  Al3+  ions  by  O-Cu-O  dumb¬ 
bells.  The  sheets  of  Cu+  metallic  layers  enhance  electrical  conductivity  in  the  direction 
perpendicular  to  the  c-axis  while  the  oxygen  atoms  retard  electrical  conductivity  in  the  direction 
parallel  to  the  c-axis.  Our  sputter-deposited  films  are  amorphous  and  exhibit  isotropic  electrical 
conductivity.  By  making  the  films  oxygen-deficient,  it  should  be  possible  to  enhance  the 
electrical  conductivity  without  degrading  the  IR  transparency  significantly. 
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FTIR  spectra  presented  here  will  show  that  a  pair  of  weakly  intense  absorption  bands  at 
1470  and  1395cm  is  present  in  CuAlxOy  films  that  have  enhanced  electrical  conductivity  and  IR 
transparency.  The  fact  that  the  frequencies  of  the  1470  and  1395cm'1  bands  are  about  twice  those 
of  the  major  phonons  in  Cu20  and  A1203  is  significant  and  indicates  that  this  pair  of  bands  may 
involve  cumulated  Cu-CMAl-O-Cu  bonds  along  the  c-axis.  Higher-order  bonding  tends  to 
enhance  carrier  mobility.  Furthermore,  higher-order  bonding  in  a  metal  oxide  would  likely  result 
from  an  oxygen  deficiency.  Understanding  the  origin  of  these  bands  could  speed  development  of 
magnetron-sputter-deposited  CuAlxOy  as  a  wide-bandgap-conductive  oxide  since  these  bands  are 
clearly  associated  with  enhanced  conductivity  and  carrier  mobility.  The  delafossite  structure  of 
CuA102  to  some  degree  mimics  the  structures  of  high-temperature-superconducting-copper- 
oxide  compounds  on  an  atomic  scale.  The  pair  of  bands  at  1470  and  1395cm'1  may  be  associated 
with  the  phonon-assisted  electrical  conduction  and  Cooper-pair  phenomena  that  are  used  to 
explain  superconductivity  [3],  Hall-effect  measurements  also  show  that  our  CuAlxOy  films  are  p- 

type  so  lattice  vibrations  probably  are  involved  in  the  enhanced  conductivity. 

Cumulated  Cu— O— Al— O— Cu  bonds  would  require  pz  orbitals  on  O  to  overlap  with  pz 
orbitals  on  Al  and  d2  orbitals  on  Cu  atoms.  Using  a  new  technique  that  combines  conventional 
XRD  with  electron-beam  diffraction,  Zuo  et  al.  were  able  to  observe  directly  the  classic  textbook 
shape  of  a  dz  orbital  in  p-type  Cu20  [4].  The  work  by  Zuo  et  al.  is  expected  to  be  a  first  step 
toward  understanding  high-temperature-superconducting-copper-oxide  compounds  and  may  help 
explain  the  enhanced  conductivity  and  IR  transparency  in  our  sputter-deposited  CuAlxOy  films. 

EXPERIMENTAL  APPROACH 

An  automated-research-coating  (ARC)  system  equipped  with  three  magnetron  guns  is  used 
to  deposit  CuAlxOy  by  co-sputtering  from  high-purity- Al  and  -Cu  targets  in  a  reactive-Ar-02 
mixture.  The  purity  of  each  of  the  2-in-diam-metal  targets  is  at  least  0.99999.  The  ARC  system 
is  equipped  with  two  600W-rf-power  supplies  and  one  250W-dc-power  supply.  The  water- 
cooled  chamber  is  a  1 2-in-diam  by  1 4-in-high  stainless-steel  cylinder  and  is  configured  for 
downward  sputtering  onto  a  rotating  substrate  table  with  a  target-substrate  distance  of  about 
5.5in.  By  rotating  the  substrate  underneath  the  guns,  it  is  possible  to  obtain  good  film  uniformity 
over  an  8-in-diam  wafer.  For  the  CuAlxOy  films,  the  rotation  speed  of  the  substrate  table  was  set 
to  lOrpm.  The  vacuum  system  consists  of  a  250-liter-per-sec  turbomolecular  pump  from  Varian 
and  a  direct-drive  oil-filled  rough  pump  Trivac  model  D8B  from  Leybold.  As  the  chamber  is 
back-filled,  the  turbopump  automatically  slows  down  to  half-speed  to  minimize  the  gas  load  and 
prevent  excessive  wear  on  the  bearings.  For  these  experiments,  the  02-partial  pressure  ranged 
from  0.7%  to  10%.  With  a  combined  Ar-02-gas-flow  rate  of  27sccm  and  a  pump  speed  of  125 
liters  per  sec,  the  total  pressure  is  maintained  at  about  14mtorr.  The  chamber  was  heated  during 
pump-down  using  quartz  lamps.  With  a  thermocouple  reading  of  150°C,  the  base  pressure  of  the 
chamber  before  starting  the  backfill  was  less  than  3  x  1  O'6  torr. 

For  most  of  the  deposition  runs,  there  were  two  substrates:  a  glass  microscope  slide  partially 
covered  by  a  mask  for  thickness  measurement  and  a  Si  wafer  for  FTIR  spectroscopy.  To  allow 
for  IR  transmittance,  the  resistivity  of  the  Si  wafers  was  specified  to  be  greater  than  20f2-cm. 

Step  heights  were  measured  using  a  Tencor  P-10  contact-stylus  profiler.  Room  temperature 
resistivities  of  films  deposited  onto  microscope  slides  were  measured  using  a  four-point  probe. 
Transmission  spectra  were  measured  using  a  Bio-Rad  FTIR  spectrophotometer.  A  single-beam 
spectrum  of  a  coated-Si  wafer  was  divided  by  a  single-beam-background  spectrum  of  an 
uncoated-Si  wafer  for  all  of  the  FTIR  transmission  spectra  shown  here.  This  approach  was  used 
to  eliminate  Si  absorption  bands  from  the  spectra  since  only  absorption  from  the  coating  was 
important  in  this  study.  In  addition,  electron  spectroscopy  for  chemical  analysis  (ESCA)  was 
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performed  on  a  limited  number  of  samples  to  determine  the  elemental  compositions  of  die  films. 
FTIR,  ESCA  and  four-point-probe  measurements  were  obtained  with  films  that  ranged  in 
thickness  from  about  1500  to  5000-A-thick.  A  500-A-thick  film  was  deposited  onto  several  3- 
mm-diam-carbon  grids  for  high  resolution  electron  microscopy  (HREM)  and  electron  energy  loss 
spectroscopy  (EELS).  To  provide  an  adequate  amount  of  material  for  the  inductively  coupled 
plasma  (ICP)  emission  measurement,  a  4-in-diam  Si  wafer  was  coated  with  a  1.12-pm-thick  film. 

RESULTS  AND  DISCUSSION 

Recent  equipment  modifications  have  resulted  in  much  better  control  of  deposition 
parameters  like  forward  and  reflected  power  and,  consequently,  much  better  control  of  film 
composition.  The  automated  research  coater  (ARC)  was  originally  equipped  with  a  switch  box 
that  allowed  the  operator  to  choose  different  combinations  of  power  supplies  for  different  targets 
using  PC-controlled  software.  It  recently  became  obvious  that  the  switch  box  was  interfering 
with  the  measurement  and  control  of  power  to  each  of  the  targets.  Removing  the  switch  box  and 
modifying  the  rf-matching  networks  eliminated  many  of  the  deposition-control  problems. 

The  best  results  to  date  have  been  obtained  using  dc  power  for  the  Cu  target  and  rf  power  for 
the  A1  target.  The  black  trace  in  figure  1  shows  the  transmission  spectrum  of  a  2850-A-thick 
CuAlxOy  film  that  has  a  resistivity  of0.0046Q-cm  and  a  sheet  resistance  of  160Q/sq.  Deposition 
parameters  were  170W-dc  power  applied  to  the  Cu  target,  325W-rf  power  applied  to  the  A1 
target,  and  1 .4%-02-partial  pressure.  The  deposition  rate  was  about  3-A-per-sec.  Prior  to 
turning  on  the  02-partial  pressure  and  before  starting  the  deposition  of  the  CuAlxOy  film, 
approximately  1 9  A  of  Cu  metal  was  deposited  using  1 00%  Ar  and  a  second  high-purity-Cu 
target.  The  gray  trace  in  figure  1  is  an  FTIR  spectrum  of  one  of  the  first  CuAlxOy  films  deposited 
two  years  ago  and  is  included  to  show  that  significant  progress  has  been  made.  Since  the  initial 
demonstration  of  p-type  IR-transparent  CuAlxOy  coatings  by  magnetron-sputter  deposition  two 
years  ago,  we  have  succeeded  in  reducing  the  resistivity  of  the  CuAlxOy  by  more  than  a  factor  of 
4  from  0.020  to  0.0048Q-cm.  In  addition,  transmission  in  the  mid-wave  IR  has  increased  from 
70%  to  almost  90%. 

The  role  of  the  thin  underlying  Cu  layer  is  not  fully  understood.  By  itself,  the  Cu  is  too  thm 
to  contribute  significantly  to  the  conductivity.  This  was  verified  when  four-point-probe 
measurements  were  made  on  a  glass  slide  half-coated  with  a  19-A-thick-Cu  layer.  The  19-A- 
thick-Cu-coated  half  was  found  to  be  as  electrically  insulating  as  the  uncoated  half  of  the  glass 
slide.  Results  presented  below  show  that  the  thin  underlying  Cu  layer  appears  to  promote  the 
growth  of  the  appropriate  microstructure  needed  for  enhanced  conductivity  and  IR  transparency. 

Figure  2  summarizes  the  effect  of  depositing  thin  Cu  layers  of  varying  thickness  at  the 
beginning  of  the  CuAlxOy  coating  run.  Deposition  conditions  for  the  outer  layer  of  CuAlxOy 
were  the  same  for  all  three  films:  170W-dc  power  applied  to  the  Cu  target,  280W-rf  power 
applied  to  the  A1  target,  l.l%-02-partial  pressure  and  a  15-min-long-deposition  time.  For  the 
film  in  trace  a,  no  thin  layer  of  Cu  was  deposited  at  the  beginning  of  the  coating  run.  The 
resulting  3 140-A^thick  CuAlxOy  film  was  very  transparent  but  was  only  semi-conductive  with  a 
resistivity  of  5  lQ-cm  and  a  sheet  resistance  of  1 .6  x  1 06Q/sq.  For  the  film  in  trace  b, 
approximately  1 3  A  of  Cu  was  deposited  first  followed  by  the  outer  layer  of  CuAlxOy.  The  ^ 
resulting  2640-A-thick  Cu/CuAlxOy  film  was  more  than  80%  transparent  from  3 125  to  1042cm' 
and  was  conductive  with  a  resistivity  of  0.0400-cm  and  a  sheet  resistance  of  1470Q/sq.  For  the 
film  in  trace  c,  approximately  19A  of  Cu  metal  was  deposited  first  followed  by  the  outer 
CuAlxOy.  The  resulting  2680-A-thick  Cu/CuAlxOy  film  was  more  than  70%  transparent  from 
4000  to  1961cm'1  and  was  very  conductive  with  a  resistivity  of  0.005 5Q-cm  and  a  sheet 
resistance  of  206Q/sq.  Notice  that  the  thickness  values  for  the  films  deposited  onto  Cu  were 
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about  85%  of  the  thickness  value  for  the  film  deposited  directly  onto  the  substrate  even  though 
the  deposition  conditions  and  deposition  times  were  identical  for  all  three  CuAlxOy  layers. 

Experiments  were  done  to  determine  if  replacing  the  thin  Cu  layer  with  a  thin  layer  of  A1  or 
tin  (Sn)  would  also  promote  the  growth  of  a  CuAlxOy  film  that  has  enhanced  conductivity  and  IR 
transparency.  Replacing  the  thin  Cu  layer  with  a  thin  layer  of  A1  resulted  in  CuAlxOy  films  that 
were  significantly  more  transparent  in  the  IR  but  were  also  more  than  three  orders  of  magnitude 
less  conductive.  In  other  words,  a  thin  A1  layer  does  not  promote  the  growth  of  a  film  that  has 
enhanced  electrical  conductivity  and  IR  transparency;  the  CuAlxOy  film  that  grows  on  top  of  the 
thin  A1  layer  has  properties  very  similar  to  a  CuAlxOy  film  that  is  grown  on  a  bare  substrate.  A 
thin  Sn  layer  also  does  not  promote  the  growth  of  a  CuAlxOy  film  that  has  enhanced  electrical 
conductivity  and  IR  transparency. 
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Figure  2.  FTIR  spectra  for  films  having 
underlying  Cu  layers  of  varying  thickness. 
Deposition  parameters  for  all  three  outer 
CuAlxOy,  layers  were  the  same.  Trace  a  is  for 
a  film  with  no  underlying  Cu  layer;  the  3140- 
A-thick  CuAlxOy  has  a  resistivity  of  5IQ.-cm 
and  sheet  resistance  of  1.6  x  106Q/sq.  Trace  b 
is  for  a  film  with  an  underlying  1 3-A-thick-Cu 
layer;  the  2640-A-thick  Cu/CuAlxOy  has  a 
resistivity  of  0.040Cl-cm  and  sheet  resistance 
of  1470QJsq.  Trace  c  is  for  a  film  with  an 
underlying  1 9-A-thick-Cu  layer;  the  2680-A- 
thick  Cu/CuAfOy  has  a  resistivity  of 0.0055Q- 
cm  and  sheet  resistance  of 2060/sq. 

The  black  trace  in  figure  3  is  an  FTIR  spectrum  of  a  2893-A-thick  CuAlxOy  film  with  a 
resistivity  of  0.0148a-cm  and  a  sheet  resistance  of  510Q/sq.  The  gray  trace  is  an  FTIR  spectrum 
of  the  same  film  after  it  was  annealed  in  a  high- vacuum  chamber  at  600°C  in  02  for  five  hours. 
The  peak  transmission  before  annealing  was  92.9%  and  after  annealing  was  1 19.3%.  The 
annealed  film  was  very  electrically  insulating  with  a  sheet  resistance  of  greater  than  1  x  1 09H/sq. 

Another  difference  between  the  as-deposited  and  annealed  film  is  the  absence  of  the  pair  of 
small  absorption  bands  at  1470  and  1395cm'1  in  the  spectrum  of  the  annealed  film.  The  pair  of 
weakly  intense  bands  at  1470  and  1395cm'1  is  present  in  spectra  of  films  that  exhibit  enhanced 
electrical  conductivity.  When  these  bands  are  absent,  the  CuAlxOy  films  have  high  values  of 
resistivity.  It  is  possible  that  the  enhanced  conductivity  of  sputter-deposited  CuAlxOy  films  could 
be  a  result  of  overlapping  d  orbitals  on  neighboring  Cul+  atoms  in  the  plane  perpendicular  to  the 


Wavenumber  (cm'1) 

Figure  2.  FTIR  spectra  for  two  CuAlxOy  films. 
The  black  trace  is  for  a  2850-A-thick  film  that 
has  a  resistivity  of  0. 0046Q.-cm  and  a  sheet 
resistance  of  1600/sq.  The  gray  trace  is  for  a 
3800-A-thick  film  that  has  a  resistivity  of 
0. 02Q-cm  and  sheet  resistance  of 540Q/sq. 
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c-axis  of  the  delafossite-unit  cell.  Overlapping  d  orbitals  also  would  explain  why  the  sputter- 
deposited  CuAlxOy  films  absorb  strongly  in  the  visible.  Another  possibility  is  that  the  1470  and 
1395cm"1  bands  involve  vibrational  modes  of  the  entire  Cu-O-Al-O-Cu  sequence  along  the  c-axis 
of  the  delafossite-unit  cell.  Cuprous  oxide  (Cu20)  absorbs  strongly  at  609cm"1  [5].  Randomly 
oriented  AI2O3  has  a  strong  absorption  centered  at  about  670cm"  with  shoulders  at  560  and 
750cm'1  [5].  The  fact  that  the  frequencies  of  the  1470  and  1395cm'1  bands  are  about  twice  those 
of  the  major  lattice  vibrations  in  Cu20  and  A1203  is  significant  and  indicates  that  these  modes 
may  involve  cumulated  Cu— O-Al-O-Cu  bonds.  Higher-order-7t  bonding  would  tend  to 
enhance  carrier  mobility.  Higher-order  bonding  in  a  metal  oxide  also  would  result  from  an 
oxygen  vacancy.  Understanding  the  origin  of  the  pair  of  bands  at  1470  and  1 395cm  could 
accelerate  the  development  of  CuAlxOy  as  a  wide-bandgap-conductive  oxide  since  the  bands  are 
clearly  associated  with  enhanced  electrical  conductivity  and  carrier  mobility. 

Figure  4  is  a  high-resolution-ESCA  spectrum  for  one  of  the  most  electrically  conductive  and 
IR  transparent  CuAlxOy  films.  The  spectrum  has  been  deconvolved  into  three  distinct  peaks  with 
the  Cu  3pl  peak  at  79.36eV  contributing  about  12%,  the  Cu  3p3  peak  at  77.43eV  contributing 
about  28.5%  and  the  A1  2p  peak  at  74.76eV  contributing  about  59.5%.  Although  ESCA  is  only 
semi-quantitative,  the  high-resolution  ESCA  spectrum  clearly  shows  that  the  film  is  A1  rich.  The 
more  quantitative  method  of  inductively  coupled  plasma  (ICP)  emission  spectroscopy  shows  the 
Al:Cu  ratio  in  the  CuAlxOy  film  is  about  2:1.  Even  with  a  very  non-stoichiometric  composition, 
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Figure  3.  FTIR  spectra  for  a  CuAlxOy  film 
before  and  after  02  annealing.  The  black 
trace  is  for  a  2893-A-thick  CuAlxOyfilm  that 
had  a  resistivity  of  0.0148Cl-cm  and  a  sheet 
resistance  of  SlOQJsq  before  annealing.  The 
gray  trace  is  for  the  same  film  after  annealing. 
The  annealed  film  is  very  insulating. 


Figure  4 .  High-resolution  ESCA  spectrum  of 
a  CuAlxOy  film  showing  the  deconvolved  peaks 
for  Cu  3pl  at  79.36eV,  Cu  3p3  at  77.43eV and 
Al2p  at  74.76eV. 


the  CuAlxOy  film  is  very  conductive  with  a  resistivity  of  0.005  lO-cm,  a  sheet  resistance  of 
246Q/sq,  and  a  peak  IR  transmission  of  67%.  Like  the  black  trace  in  figure  1 ,  the  FTIR  spectrum 
of  this  film  (not  shown  here)  has  a  broad  absorption  from  about  2500  to  800cm"  resembling  the 
broad  phonon  absorption  in  A1203  films.  This  broad  absorption  along  with  resistivity 
measurements  indicates  that  most  of  the  extra  A1  goes  into  the  CuAlxOy  films  as  oxide  rather 
than  free  metal.  The  excess  Al-0  bonds  make  the  CuAlxOy  films  extremely  hard  and  scratch 
resistant.  However,  too  many  Al-0  bonds  eventually  degrade  the  electrical  conductivity. 

Atomic  force  microscopy  (AFM)  and  high-resolution  electron  microscopy  (HREM)  indicate 
that  magnetron-sputter-deposited  CuAlxOy  is  not  a  single-phase  material.  A  second  Cu-rich 
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phase  appears  to  be  contributing  to  the  enhanced  electrical  conductivity.  Although  not  shown 
here,  the  phases  and  grain  sizes  in  the  AFM  images  are  similar  to  those  in  the  HREM  images. 

The  HREM  images  shown  in  figures  5  and  6  indicate  that  the  500-A-thick  CuAlxOy  film  consists 
of  islands  of  crystalline  elemental-Cu  particles  in  an  amorphous  Cu-Al-0  matrix.  The  size  of  the 
Cu  particles  is  about  40  to  50nm.  Electron  energy  loss  spectroscopy  (EELS)  was  used  to  show 
that  the  dark  spots  in  the  bright  field  image  in  figure  5  are  cubic-Cu  crystallites  and  that  the  Cu- 
Al-0  matrix  has  a  ratio  of  Al:Cu  of  1 : 1  with  O  attached  to  both  A1  and  Cu.  Figure  6  is  simply  a 
dark  field  image  of  the  same  area  shown  in  figure  5  where  the  light  spots  are  now  the  cubic-Cu 
crystallites.  It  is  likely  that  the  elemental-Cu  particles  are  partly  a  result  of  diffusion  of  the  thin 
layer  of  Cu  that  was  deposited  onto  the  substrate  and  then  overcoated  with  about  480  A  of 
CuAlxOy.  At  first,  the  Al:Cu  ratio  determined  by  EELs  appears  to  contradict  the  ICP  and  ESCA 
data  that  show  the  Al:Cu  ratio  is  2: 1 .  This  apparent  contradiction  is  probably  related  to  the  fact 
that  the  overlying  CuAlxOy  layers  in  the  ICP  and  ECSA  samples  were  much  thicker.  The 
CuAlxOy  layers  in  figures  5  and  6  had  to  be  thinner  to  allow  for  transmission  of  electrons  through 
the  HREM  samples.  As  the  thickness  of  the  CuAlxOy  layer  increases,  the  ability  of  the  thin 
underlying  layer  of  Cu  to  promote  the  growth  of  the  correct  microstructure  and  composition  for 
enhanced  transparency  and  conductivity  probably  diminishes.  It  may  be  necessary  to  periodically 
increase  and  then  decrease  the  concentration  of  elemental  Cu  during  the  deposition  of  the 
overlying  CuAlxOy  layer  to  maintain  the  optimum  composition  and  microstructure.  Preliminary 
attempts  to  do  this  indicate  that  the  amount  of  elemental  Cu  needed  is  very  small. 


Figure  5.  High  resolution  electron 
micrograph  (150.000X)  of  a 
CuAlxOy  film  (bright  field  image). 
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ABSTRACT 

The  characteristics  of  indium  tin  oxide  (ITO)  films  grown  at  room  temperature  on  (100) 
Si  and  Corning  glass  substrates  by  an  in  situ  ultraviolet-assisted  pulsed  laser  deposition 
(UVPLD)  technique  have  been  investigated.  The  most  important  parameter,  which  influenced 
the  optical  and  electrical  properties  of  the  grown  films,  was  the  oxygen  pressure.  For  oxygen 
pressure  below  1  mtorr,  films  were  metallic,  with  very  low  optical  transmittance  and  rather  high 
resistivity  values.  The  resistivity  value  decreased  when  using  higher  oxygen  pressures  while  the 
optical  transmittance  increased.  The  optimum  oxygen  pressure  was  found  to  be  around  10  mtorr. 
For  higher  oxygen  pressures,  the  optical  transmittance  was  better  but  a  rapid  degradation  of  the 
electrical  conductivity  was  noticed.  X-ray  photoelectron  spectroscopy  investigations  showed 
that  ITO  films  grown  at  10  mtorr  oxygen  are  fully  oxidized.  All  of  the  grown  films  were 
amorphous  regardless  of  the  oxygen  pressure  used. 


INTRODUCTION 

Indium  tin  oxide  (ITO)  thin  films  are  widely  used  for  optoelectronic  devices  as  they 
combine  a  good  electrical  conductivity  with  high  transparency  in  the  visible  range.  There  are  a 
number  of  interesting  applications  such  as  anode  contact  in  organic  light-emitting  diodes  [1,2] 
or  coating  of  flexible  polymer  substrates  for  ultralight  mobile  display  panels  [3]  where  the  use  of 
a  low  processing  temperature  is  very  important.  The  use  of  the  pulsed  laser  deposition  (PLD) 
technique,  which  has  several  important  advantages  [4],  has  allowed  the  growth  of  good  quality 
indium  tin  oxide  (ITO)  thin  films  at  relatively  low  temperatures  and  even  room  temperature  [5- 
8].  Other  techniques  such  as  synchrotron  radiation  ablation  [9]  or  plasma-ion  assisted 
evaporation  [10]  were  also  employed  to  deposit  ITO  films  at  room  temperature.  We  investigated 
the  use  of  an  in  situ  ultraviolet-assisted  PLD  technique  (UVPLD)  for  the  growth  of  ITO  films  at 
room  temperature.  The  UV  source  photodissociates  molecular  oxygen  and  provides  ozone  and 
atomic  oxygen  during  the  growth  [11].  These  more  reactive  gases  have  been  shown  to  promote 
the  crystalline  growth  at  lower  temperatures  than  those  normally  used  during  conventional  PLD 
[12].  Moreover,  UV+ozone  is  known  to  be  an  effective  way  to  clean  organic  contaminants  from 
the  substrate  [13,  14],  a  fact  that  can  also  improve  the  quality  of  the  deposited  layers. 

EXPERIMENT 

The  PLD  system  employed  is  presented  elsewhere  in  much  more  detail  [15,  16]  and  it  is 
only  briefly  described  here.  An  excimer  laser  (KrF,  A,=248  nm,  laser  fluence  ~2  J/cm2  , 
repetition  rate  5  Hz)  was  used  to  ablate  ITO  targets  (99.99%  purity).  The  oxygen  pressure  was 
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varied  from  0.1  mtorr  to  50  mtorr.  A  vacuum  compatible,  low  pressure  Hg  lamp,  which  allows 
for  in-situ  UV  irradiation  of  the  substrate  during  the  laser  ablation-growth  process,  was  fitted  to 
the  PLD  system.  Films  were  deposited  onto  (100)  Si  wafers  and  Corning  glass  substrates  that 
were  placed  at  10.5  cm  in  front  of  the  target. 

The  crystalline  structure  of  the  grown  films  was  investigated  by  x-ray  diffraction  (XRD) 
and  transmission  electron  microscopy  (TEM).  The  chemical  composition  was  determined  by  x- 
ray  photoelectron  spectroscopy  (XPS,  Perkin  Elmer  5100,  Mg  Kcc  radiation)  and  Auger  electron 
spectroscopy  (AES).  The  optical  properties  of  films  grown  on  Si  substrates  were  investigated  by 
spectroscopic  ellipsometry  (VASE,  Woollam  Co.)  at  70°  while  those  of  film  deposited  on 
Coming  glass  were  analyzed  by  optical  spectrophotometry.  The  sheet  resistance  was  measured 
by  a  four  point  probe  method  and  the  surface  morphology  by  atomic  force  microscopy  (AFM). 

RESULTS 

XRD  and  TEM  investigations  showed  that  all  films  deposited,  regardless  of  the  oxygen 
pressure  used,  were  amorphous.  Crystalline  films  were  deposited  by  UVPLD  at  a  substrate 
temperature  of  only  100  °C.  The  effect  of  the  oxygen  pressure  on  the  resistivity  of  the  grown 
ITO  films  is  shown  in  Fig.  1.  Values  measured  for  several  films,  which  were  grown  by 
conventional  PLD  for  comparison  reasons,  are  also  shown  in  Fig.  1.  As  one  can  note,  there  is  a 
continuous  improvement  of  the  electrical  conductivity  with  the  increase  of  the  oxygen  pressure 
up  to  a  value  of  10  mtorr.  A  further  increase  of  the  oxygen  pressure  resulted  in  a  steep  increase 
of  the  electrical  resistivity.  A  similar  dependence  has  been  already  reported  for  ITO  films  grown 
by  PLD  [7,  8].  It  is  worth  noting  that  by  using  the  UVPLD  technique  it  was  possible  to  obtain 
resistivity  values  below  4x1  O'4  O-cm. 
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Figure  1.  Resistivity  values  versus  oxygen  pressure  for  ITO  films  grown  by  PLD  and  UVPLD. 

The  optical  transmittance  of  a  typical  ITO  film  grown  under  the  optimum  oxygen 
pressure,  i.  e.  10  mtorr,  is  displayed  in  Fig.  2.  One  can  note  that  the  film  exhibited  a 
transmission  almost  as  good  as  the  Corning  glass  substrate.  The  refractive  index  and  extinction 
coefficient  values  estimated  from  the  transmittance  curve  are  shown  in  Table  I.  The  optical 
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transmittance  of  a  film  grown  under  2  mtorr  oxygen  is  also  shown.  It  is  obvious  that  the  effect  of 
oxygen  pressure  on  the  optical  transmittance  is  very  important. 
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Figure  2.  Optical  transmittance  of  ITO  thin  films  deposited  by  UVPLD  on  Corning  glass. 
Table  I.  Optical  parameters  of  the  ITO  film  showed  in  Fig.  2. 


The  optical  properties  of  ITO  films  deposited  on  Si  were  investigated  by  VASE.  In  Fig. 

3  the  refractive  index  and  extinction  coefficient  values  of  films  deposited  by  PLD  (328  nm  thick) 
and  UVPLD  (317  nm  thick)  under  10  mtorr  oxygen  are  shown.  One  can  note  that  apart  from  the 
region  of  high  absorption  (270-310  nm)  the  refractive  index  values  were  quite  close  to  the 
reference  ITO  values.  Also,  the  extinction  coefficient  values  were  very  small,  confirming  the 
transparency  of  these  films  determined  by  spectrophotometry. 
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Figure  3.  Refractive  index  and  extinction  coefficient  values  of  ITO  films  grown  under  10  mtorr. 
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XPS  investigations  were  performed  on  samples  grown  on  Si  under  5  and  10  mtorr  of 
oxygen  by  conventional  PLD  and  UVPLD.  Typical  examples  of  survey  and  high  resolution 
scans  for  In  3d5/2,  Sn  3d5/2  ,  and  O  Is  spectra  acquired  from  a  sample  that  was  in  situ  sputter- 
cleaned  for  3  min  by  a  2  keV  Ar  ion  beam  are  displayed  in  Figs  4-7.  The  In  and  Sn  peaks 
correspond  to  oxidized  positions,  ln203  and  Sn02,  respectively  [17-19].  The  oxygen  peak 
exhibited  a  small  shoulder  on  the  high  energy  side.  This  shape  indicates  the  presence  of  two 
oxidation  states.  The  peak  located  at  530  eV  corresponds  to  O  bound  to  In  and  that  at  531.0  eV 
corresponds  to  O  bound  to  Sn.  The  O  Is  spectra  acquired  from  the  as-received  surface  exhibited 
a  much  larger  shoulder  towards  high  energy  side.  This  result  indicated  some  Sn  segregation  in 
the  surface  region,  which  was  confirmed  by  measuring  the  In/Sn  ratio:  this  increased  from 
around  10  in  the  surface  region  to  -13.3  in  the  bulk.  Another  XPS  result  worth  mentioning  is 
that  the  overall  stoichiometry  of  the  film  was  around  In0.44Sn0.03O0.53  for  both  PLD  and  UVPLD 
grown  films.  AES  investigations  also  confirmed  the  growth  of  ITO  films.  It  also  showed  that 
there  was  no  lateral  variation  in  the  chemical  composition  of  the  films. 


Figure  4.  XPS  survey  spectra  of  an  ITO  film  grown  by  UVPLD  under  10  mtorr  02;  the  sample 
was  sputtered  clean  with  2.0  keV  Ar  ions  for  3  min;  take-off  angle  45°. 
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Figure  7.  XPS  narrow  scan  of  the  O  Is  region 

The  surface  morphology  was  investigated  by  AFM.  A  typical  image  is  displayed  in  Fig. 
8.  The  films  were  quite  smooth,  with  an  average  root-mean-square  (RMS)  roughness  of  around 
0.3  nm.  This  is  a  very  good  value,  comparable  to  other  reported  results  [8,  17]. 
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Figure  8.  AFM  image  (1  pm  x  l]um)  of  the  ITO  film  grown  on  Si. 

It  has  been  found  that  UVPLD  grown  films  exhibited  slightly  better  electrical  and  optical 
properties  than  PLD  grown  films  under  identical  conditions.  However,  neither  XPS  nor  TEM 
investigations  could  find  substantial  differences  in  the  microstructure  or  composition  between 
these  films.  UV  radiation  and  ozone  help  to  better  clean  the  substrate.  According  to  XPS  results 
there  was  always  a  slightly  lower  C  Is  peak  due  to  contamination  on  UVPLD  grown  samples 
compared  to  PLD  samples.  The  ozone  and  atomic  oxygen  formed  by  photodissociation  during 
UVPLD  are  more  reactive  than  molecular  oxygen  and  can  oxidize  metals  even  at  room 
temperature.  Also,  because  In  and  Sn  can  react  with  oxygen  during  PLD  even  in  gas  phase  [5],  it 
is  very  likely  they  will  react  even  more  with  ozone.  Also,  the  surface  mobility  of  adatoms  is 
increased  by  UV  irradiation  [20].  It  was  found  that  under  identical  conditions  the  PLD  grown 
samples  were  a  little  bit  thicker  than  UVPLD  grown  ones,  implying  that  the  desorption  of  loosely 
bound  adatoms  was  also  increased  during  UV  irradiation.  All  these  factors  could  contribute  to 
the  observed  better  characteristics  of  UVPLD  grown  ITO  films. 


CONCLUSIONS 


Good  quality  ITO  films  have  been  grown  at  room  temperature  on  Si  and  Corning  glass 
substrates  using  an  in  situ  ultraviolet-assisted  pulsed  laser  deposition  technique.  Under  optimum 
oxygen  deposition  conditions,  films  possessing  high  transparency  and  a  resistivity  lower  than 
4xl0‘4  O-cm  have  been  routinely  grown. 
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ABSTRACT 

Room  temperature  operation  of  UV  LED  is  realized  for  the  first  time  using  a  hetero  p-n 
junction  composed  of  transparent  conductive  oxides,  p-SrCu202  and  n-ZnO.  Ni/ 
SrCu202/Zn0/IT0  multi-layered  film  was  epitaxially  grown  on  an  extremely  flat  YSZ  (111) 
surface  by  a  PLD.  The  grown  films  were  processed  by  a  conventional  photolithography, 
followed  by  reactive  ion  etching  to  fabricate  p-n  junction  diode.  The  resultant  device  exhibited 
rectifying  I-V  characteristics  inherent  to  p-n  junction  whose  turn-on  voltage  was  about  1 .5  V.  A 
relatively  sharp  electro-luminescence  band  centered  at  382nm  was  generated  when  applying  the 
forward  bias  voltage  larger  than  the  tum-on  voltage  of  3V.  The  red  shift  in  the  EL  peak  was 
noticed  from  that  of  photo-luminescence  (377nm),  which  was  most  likely  due  to  the  difference  in 
the  excited  state  density  between  the  emission  processes.  The  EL  band  is  attributed  to 
transition  in  ZnO,  probably  to  that  associated  with  electron-hole  plasma.  The  photo-voltage 
was  also  generated  when  the  p-n  junction  was  irradiated  with  UV  light  of  which  energy 
coincided  with  both  exciton  and  band-to-band  transitions  in  ZnO. 

INTRODUCTION 

ZnO  has  been  known  to  emit  visible  light  efficiently  when  excited  with  either  electron 
beams  or  UV  light.  Utilizing  this  feature  together  with  n-type  conductivity,  it  has  been 
commercialized  as  green  phosphor  for  vacuum  fluorescence  devices  and  CRTs.  The  material  is 
also  promising  for  UV  light  emitting  phosphor,  as  it  has  a  direct  band  structure  with  an  energy 
gap  of  3.3eV.  Additionally,  binding  energy  of  exciton  in  ZnO  is  about  60meV,  sufficient 
enough  to  be  thermally  stabilized  even  at  room  temperature. 
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Laser  operation  excited  with  electron  beams  or  UV  light  has  been  reported  so  far.  2'5 
However,  no  UV  emission  associated  with  p-n  junction  has  been  realized  to  date.  Primary 
reason  for  that  is  its  difficulty  to  prepare  p-type  conductive  ZnO,  although  several  attempts 
including  laser  doping  or  co-doping6  have  been  made.  Thus,  ELs  of  green  or  UV  light  has  been 
obtained  only  from  MIS  diode  structure  using  SiO  as  insulator. 7 

Our  approach  to  realizing  ZnO  based  light  emitting  diode  is  rather  unique  in  a  sense  that 
TCOs  exhibiting  p-type  conductivity  other  than  p-ZnO  was  employed  as  a  partner  of  n-ZnO  to 
form  hetero  p-n  junction,  in  place  of  developing  homo  p-n  junction  of  ZnO.  Among  several 
p-TCOs, 8 11  which  we  have  developed  recently,  p-SrCu202  was  selected  in  this  study,  primary 
because  it  can  be  deposited  as  low  as  350°C.  The  low  temperature  deposition  process  makes  it 
possible  to  minimize  chemical  reaction  at  the  SrCu202  /  ZnO  interface.  Further,  SrCu202  could 
be  hetero-epitaxially  grown  on  ZnO,  as  the  lattice  mismatch  between  5  lattices  of  ZnO  (0001) 
and  6  lattices  of  SrCu202  (112)  is  less  than  0.9%.  That  is,  so  called  “domain  matching  epitaxy 
is  expected  to  work  in  this  combination.  In  general,  epitaxial  grown  is  possibly  to  result  in 
the  formation  of  high  quality,  optically  active  p-n  junction. 

EXPERIMENTAL 

Diode  fabrication 

ITO,  ZnO,  SrCu202  and  Ni  films  were 
successively  grown  on  an  yittria-stabilized-zirconia 
(YSZ)  single  crystal  substrate  by  a  pulsed  laser 
deposition  method,  in  which  KrF  (X=248nm)  excimer 
laser  was  used  as  an  exciting  source.  N-type 
conductivity  was  realized  with  an  introduction  of  excess  F  Schematic  illustration  of 

Zn  and/or  oxygen  defect  into  ZnO  lattice  by  controlling  fabricated  p-n  junction, 
the  atmosphere  during  the  deposition,  while  p-type  conductivity  was  obtained  with  a  dope  of  K+ 
ions  into  Sr  site  in  SrCu202.  The  carrier  density  in  each  film  is  set  to  be  5  x  10l7cm~3, 
corresponding  to  the  depletion  layer  thickness  of  about  lOOnm.  The  deposition  temperature  for 
ZnO  was  raised  up  to  800°C,  which  made  it  possible  for  ZnO  films  to  grow  epitaxially  on  the 
ITO  film. 13 15  This  could  lead  to  good  crystal  quality  of  ZnO.  On  the  other  hand,  that  for  the 
SrCu202  film  was  lowered  down  to  350°C  with  a  hope  to  form  an  abrupt  interface  between  ZnO 
and  SrCu202.  Thickness  of  ZnO  and  SrCu202  was  500nm  and  200nm,  respectively,  which  was 
much  thicker  than  the  depletion  layer. 

The  obtained  multi-layered  films  were  processed  by  a  conventional  photolithography 
technique,  followed  by  a  reactive  ion  etching  process  to  fabricate  a  mesa  structure  having  a 
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surface  area  of  500mm  x  500mm.  Au  wire  was  attached  to  both  ITO  film  (n-electrode)  and  to 
Ni  metal  surfaces  (p-electrode).  A  schematic  illustration  of  the  diode  structure  is  shown  in  Fig. 
1. 

Evaluation 


Crystalline  quality  and  orientation  were  analyzed  by  X-ray  diffraction  measurements 
(ATX-G,  Rigaku  Co.),  in  which  out-of-plane  XRD  pattern  (synchronous  scan  of  20  with  ©  in  the 
horizontal  plane),  in-plane  XRD  pattern  (synchronous  scan  of  20%  with  <j>  in  the  azimuth  plane), 
out-of-plane  locking  curve  (20  fixed  ©  scan)  and  in-plane  locking  curve  (20%  fixed  (j)  scan)  were 
obtained.  Lattice  image  near  the  SrCu202  /  ZnO  interface  was  observed  by  high  resolution 


TEM  (JEM-2000EX,  JEOL). 

I-V  characteristic  was 
evaluated  by  applying  DC  voltage  to 
the  diode.  Electro-luminescence  (EL) 
as  a  result  of  electric  current  injection 
or  photo-luminescence  (PL)  excited 
with  He-Cd  (325nm)  laser  irradiation 
was  focused  into  a  bundle  fiber 
through  the  transparent  n-electrode 
(ITO)  and  guided  to  a  spectrometer 
with  multi-channel  detector.  For 


photo-voltage  measurement, 

monochromized  and  chopped  light 
from  Xe  lamp  was  irradiated  onto  the 
p-n  junction  through  the  transparent 
n-electrode  and  produced 

photo-voltage  was  detected  by  a 
lock-in  amplifier. 

RESULTS 

Figure  2  shows  out-of-plane 
(a)  and  in-plane  (b)  XRD  patterns  of 


2e  (deg.) 
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the  multi-layered  film.  The 

out-of-plane  XRD  pattern  indicated  Fi8'  1  HR  XRD  Pattems  of  multl'layered  film' 
that  SrCu202  (112),  ZnO  (0001)  and  (a>  Out-of-plane  XRD  pattern,  (b)  In-plane  XRD 


pattern 
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ITO  (111)  planes  were  laminated 
vertically  on  YSZ  (111). 

FWHM  of  the  out-of-plane 
locking  curve  for  ZnO  and 
SrCu202  were  0.2  and  1  degree, 
respectively.  In-plane  XRD 
pattern  together  with  locking 
curves  for  ITO  and  ZnO  indicate 
that  (111)  of  ITO  and  (0001) 

ZnO  were  hetero-epitaxially 
grown  on  YSZ  (111)  both  in 
lateral  and  vertical  direction. 

However,  in-plane  locking  curve 
for  (11 0)  of  SrCu202  implied 
only  part  of  this  plane  was 
laterally  oriented  with  respect  to 
the  ZnO  layer. 

Figure  3  shows  a  cross  sectional  TEM  image  near  the  p-n  junction,  in  which  electron 
beams  were  injected  along  [1120]  of  ZnO.  The  stacking  of  ZnO  (0001)  and  SrCu202  (112) 
planes  in  terms  of  deposition  direction  was  clearly  observed  having  a  very  abrupt 
hetero-epitaxial  interface.  It  was  also  noticed  there  existed  several  domain  boundaries  in 
SrCu202  layer,  indicating  the  SrCu202  layer  were  composed  of  several  crystallographic  domains. 
For  instance,  observed  plane  in  the  left  region  of  Fig.  3  corresponds  to  (llO),  which  was 
expected  from  the  domain  matching  epitaxy,  and  that  in  the  right  one  is  assigned  as  (111),  which 
is  twisted  by  90  degree  from  (110).  Those  observations  are  in  good  agreement  with  those  by 
XRD,  implying  the  interface  based  on  the  domain  matching  epitaxy  between  SrCu202  and  ZnO 
was  only  partially  realized  in  our  specimen. 

The  diode  exhibited  rectifying  I-V  characteristics  inherent  to  p-n  junction,  when 
applying  DC  bias  voltage  to  the  electrodes.  The  turn  on  voltage  was  about  1 ,5V,  which  is  much 
smaller  than  that  expected  from  band  gap  energy  of  ZnO  or  SrCu202.  With  an  increase  in  the 
bias  voltage  larger  than  3V  in  the  forward  direction,  relatively  sharp  emission  band  centered  at 
382nm  was  observed.  The  emission  intensity  enhanced  with  an  increase  in  the  electric  current 
(voltage)  as  shown  in  upper  part  of  Fig.  4.  Photo-luminescence  spectrum  of  the  same  device 
was  shown  in  the  lower  part  of  this  figure,  where  excitation  spectrum  for  photo-voltage  was  also 
shown  by  dotted  line.  PL  band  is  attributed  to  transition  associated  with  exciton  in  ZnO. 
Then,  it  is  suggested  that  photo-carrier  was  generated  directly  by  band-to-band  excitation  and 
indirectly  excited  through  exciton  state.  Auger  process  among  exciton  may  be  responsible  for 


5  nm 


Fig.  3.  Cross  sectional  HR-TEM  image  near  the  p-n 
junction  region. 
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Wavelength  (nm) 

470  440  410  380  350 


Photon  energy  (eV) 

Fig.  4.  UV  emission  spectrum  of  p-SrCu202 
/  n-ZnO  p-n  junction  LED.  (a)  EL:  emission 
due  to  current  injection,  (b)  PL: 
photoluminescence  excited  with  325nm  He-Cd 
laser  light,  PV:  activation  spectrum  for 
photo-voltage  (Photo-voltage  of  0.26mV 
was  obtained  when  excited  with 
monochromated  0.2mW  Xe  lamp  at  X  = 
374nm.) 


Forward  bias  voltage  (V) 

Fig.  5.  LED  emission  intensity  as  a 
function  of  forward  bias  voltage.  The 
turn-on  voltage  is  about  3  V. 

the  indirect  excitation.  Small  red  shift  of  EL 
band  from  PL  was  observed,  which  may  be 
resulted  from  the  excitation  density  difference 
in  emission  process.5,16  EL  is  also  due  to 
transition  in  ZnO,  most  likely  to  that 
associated  with  electron-hole  plasma,  which 
were  generally  observed  in  high  density 
excitation.  Bias  voltage  dependence  of  EL 
intensity,  summarized  in  Fig.  5  demonstrated 
the  turn  on  voltage  was  about  3V,  in  good 
agreement  with  band  gap  energy  of  ZnO 
(3.3eV).  From  these  observations,  it  is 
concluded  that  EL  is  resulted  from  electron 
injection  through  the  hetero  p-n  junction  and  it 
is  likely  attributed  to  electron  hole 
recombination  in  ZnO.  Obtained  efficiency 
of  our  LED  is  in  the  order  of  10'3%  and  this 
low  efficiency  is  probably  due  to 
non-homogeneity  of  the  junction,  as  suggested 
by  XRD  and  TEM. 
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CONCLUSIONS 


In  summary,  a  UV  light-emitting  diode  was  realized  at  room  temperature  for  the  first 
time  using  a  hetero  p-n  junction  composed  of  p-SrCu202  and  n-ZnO.  EL  is  resulted  from 
electron  injection  through  the  hetero  p-n  junction  and  it  is  likely  attributed  to  electron  hole 
recombination  in  ZnO.  Obtained  efficiency  of  our  LED  is  in  the  order  of  10'3%.  The  low 
efficiency  could  be  improved  through  the  optimization  of  the  device  fabrication  process. 
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OXYGEN  IONS  DIFFUSITIYES  IN  TIN  DIOXIDE  BASED 
THIN  FILMS 


N.  Y.  Shishkin,  I.M.  Zharsky,  Belarus  State  University  of  Technology,  Minsk  220050,  til. 
Sverdlov  13a,  Belarus 

ABSTRACT 

Oxygene  ions  diffusitives  in  tin  dioxide  based  thin  films  were  measured  with 
electrochemical  method.  The  Pd  content  0-3%  at.  thin  films  were  investigated.  The 
dependencies  of  the  diffusitives  vs.  content  of  the  layer  were  obtained. 

EXPERIMENT 

Ambipolar  diffusion  of  oxygene  ions  in  tin  dioxide  thin  films  was  investigated. 
Electrochemical  method  with  reversible  oxygen  electrode  (Pt  dispersed  on  cubic  Zr02) 
and  electron  filters  were  used.  The  diffusion  equation  can  be  solved  in  the  approximation 
of  fast  diffusion  and  dominant  electronic  conductivity  (really,  tin  dioxide  is  an  electronic 
semiconductor).  The  solution  looks  like: 

I  =  [2q(N-No)D  *  /L]  exp  (-(D  *  t/4L2), 

I  -  current,  N  -  concentration  of  electrons  after  equilibrium  establishment,  and  No  - 
before  feeding  voltage,  L  -  thickness  of  the  film,  t  -  time,  q  -  charge  (electron,  D  *  - 
chemical  diffusitive. 

Thin  film  of  tin  dioxide  were  investigated  with  a  content  of  a  palladium  (atomic  %)  0; 

O, 5;  0,7;  1;  2  and  3.  The  films  were  obtained  by  magnetron  sputtering  of  the  pure  tin 
target  (with  appropriate  palladium  surface  content  in  mosaic  form)  and  subsequent 
oxidation.  The  thickness  of  the  films  was  about  40  nm.  Apart  from  the  work, 
temperature  dependencies  of  conductivity  and  that  in  different  atmospheres  (air  with  CO, 
Nox)  were  measured.  The  method  utilized  for  film  production  ensures  absence  of 
channels  and  through  defects.  That  was  confirmed  by  electron  microscopy  investigation. 

RESULTS 

Logarithm  of  the  diffusitive  dependence  vs.  inverse  temperature  has  a  linear 
character  with  two  different  slopes.  The  low  temperature  (the  point  of  transition  is  700K) 
region  corresponds  to  the  diffusitive  and  the  high  temperature  region  includes  defects 
formation  process.  For  the  pure  tin  dioxide  energy  of  activation  of  the  diffusion  is  0.3  eV 
in  both  regions.  The  Do  is  7.6E-8  in  low  temperatures  and  2.3E-7  square  cm/s  in  high. 
Maximum  value  of  the  diffusitive  was  found  for  the  film  with  0.7-1%  at.Pd  for  the 
highest  defectivity  of  the  material.  Activation  energy  grows  with  Pd  content.  Thus, 
maximum  conductivity  changes  with  CO  gas  influence  can  be  found  for  the  0.7-1%  at.  Pd 
films. 
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CONCLUSION 


The  possibility  of  the  diffusitives  measurement  in  thin  film  was  shown.  The 
values  obtained  are  in  good  agreement  with  those  for  bulk  material,  being  naturally 
higher  for  possible  electric  field  existence  originated  from  oxygene  species  adsorbed. 
The  fieled  accelerates  oxygene  ions  as  it  is  shown  for  thin  films  oxidation 
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Properties  of  a  novel  amorphous  transparent  conductive  oxide,  InGa03(Zn0)m 
M.Orita,*  H.Ohta,*  M.Hirano,*  H.Hosono,*  K.Morita,  H.Tanji,  H.Kawazoe 
*  Hosono  Transparent  ElectroActive  Materials,  ERATO,  JST,  KSP  C-1232,  3-2-1 
Sakado,  Kawasaki,  213-0012,  JAPAN,  orita@teara.ksp.or.jp 
**  R&D  center,  HOYA  corporation,  3-3-1  Musashino,  Akishima,  196-8510,  JAPAN. 

ABSTRACT 

Novel  amorphous  transparent  conductive  oxides,  InGa03(Zn0)m,  where  m  is  an 
integer  less  than  four,  was  developed.  Optical  transmittance  in  the  visible  region  exceeded 
over  80  %  and  the  electric  conductivity  at  300  K  was  as  large  as  400  S/cm.  Both  Seebeck 
and  Hall  coefficients  exhibited  negative  values,  indicating  the  conduction  was  n-type.  It  was 
suggested  that  4s  orbital  of  Zn2+  played  a  significant  role  for  the  formation  of  the  extended 
state  responsible  for  the  conduction,  while  In3+  acted  as  a  modifier  for  the  stabilization  of 
amorphous  state. 

INTRODUCTION 

Beside  well  known  amorphous  transparent  semiconductors,  which  could  be  grouped 
into  two  categories  (tetrahedral  and  chalcogenide  ones),  amorphous  transparent  conductive 
oxides  (TCO)  such  as  ln203(,)  and  Cd2Sn04(2)  have  been  developed,  in  which  5s  orbital  of 
metal  ions  contributes  to  the  conduction.  Based  on  a  working  hypothesis  that  oxides 
composed  of  metal  ions  with  electronic  configuration  (n-l)d!0ns°  (n>5)  might  become 
conductive,  novel  amorphous  TCOs  such  as  a-AgSb03(3*,  a-Cd2Ge04(4),  and  a-Cd2Pb04(5) 
have  been  found.  In  general,  unoccupied  state,  or  the  conduction  band,  in  oxides  composed 
of  (n-l)d10ns°  metal  ions  are  mainly  formed  by  the  vacant  ns  orbital.  When  the  ns  orbital 
radii  were  large  enough,  the  orbital  could  be  delocalized  around  the  neighboring  metal  ions  by 
the  overlap  interaction.  In  addition,  when  the  fracture  of  the  metal  ions  was  high  enough, 
the  delocalized  state  might  extend  all  over  the  compound.  The  electron  transfer  through  the 
extended  state  would  lead  to  the  good  conductivity.  It  was  reported  that  such  extended  state 
was  formed  by  the  5s  orbital  of  Cd  ions  in  xCdO-(l-x)Ge02  system  when  the  x  values  were 
larger  than  0.5 /6*  The  value  was  considered  to  be  a  threshold  beyond  which  the  delocalized 
state  was  spread  all  over  the  system.  Since  the  4s  orbital  of  Ge  was  unlikely  effective  for  the 
conductivity,  the  principal  quantum  number  n  should  be  larger  than  five  to  have  sufficient 
overlap  interactions.  Thus,  3d104S°  cations  such  as  Zn2+,  Ga3+,  Ge4+  have  been  excluded  from 
constituents  effective  for  the  conductivity.  Actually,  no  amorphous  TCOs  based  on  the  3d104s 
metal  ions  have  been  reported  so  far  as  far  as  we  know. 

We  have  reported  recently  that  a  series  of  InGa03(ZnO)m  crystalline,  where  m  value 
was  an  integer,  became  transparent  conductors/7*  Particularly,  good  conductivity  of  500  S/cm 
was  obtained  for  the  films  with  the  m  value  of  one/8*  Although  the  molar  fraction  of  In3  ions 
in  the  system  remained  0.33,  which  was  smaller  than  the  threshold  value  of  0.5,  the  5s  orbital 
of  In3+  ions  formed  the  extended  states  at  the  bottom  of  the  conduction  band. (9*  This  may  be 
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tentatively  explained  by  the  following  consideration.  The  compound  has  layered  structure 
composed  of  an  alternative  stacking  of  In02  and  GaZnC>2  layers.  In  ions  locates  two 
dimensionally  on  the  InC>2  layer,  which  makes  it  possible  for  the  In  5s  orbital  to  form  the 
extended  state  within  the  layer,  in  spite  of  the  fact  that  the  fraction  was  below  the  threshold.  In 
other  words,  it  was  suggested  that  the  good  conductivity  took  place  in  the  layer  two 
dimensionally.  Therefore,  it  is  of  great  interest  as  to  whether  the  good  conductivity  could  be 
obtained  for  the  corresponding  amorphous  state. 

EXPERIMENT 

Thin  film  specimens  were  prepared  by  means  of  pulsed  laser  deposition.  Dense 
sintered  disks  of  InGa03(Zn0)m  compositions  with  single  phase  were  prepared  as  targets  by 
conventional  ceramic  processes  followed  by  polishing  using  a  diamond  grinder.  They  were 
mounted  in  an  ultra  high  vacuum  chamber  of  1  x  10‘6  Pa  at  base  pressure.  An  Si02  substrate 
with  a  dimension  of  10  x  10  x  0.5  mm  was  set  parallel  to  the  target  being  separated  by  30  mm. 
The  substrate  and  the  target  were  rotated  mechanically.  Oxygen  gas  was  introduced  through 
a  mass  flow  meter,  and  the  pressure  of  the  chamber  was  maintained  at  0.8  Pa.  KrF  excimer 
pulsed  laser  beam  (wavelength  of  248  nm,  repetition  of  10  Hz)  was  focused  on  the  target  for 
20  minutes.  Power  density  at  the  target  surface  was  4  to  6  J/cm2  per  pulse.  No  intentional 
heating  of  substrate  was  made. 

Chemical  compositions  of  the  film  specimens  were  measured  by  an  X-ray 
fluorescence  method  (Rigaku,  XRF-3080E3).  Amorphous  and  crystal  phases  were  analyzed 
by  an  X-ray  diffraction  (XRD,  Rigaku  RINT),  electron  beam  diffraction  and  Transmission 
Electron  Microscope  (TEM).  Film  thickness  was  measured  with  a  stylus  surface  profiler 
(Taylar-Hobson,  Talystep).  Transmission 
spectra  were  measured  by  a  spectrometer  in 
the  wavelength  range  from  200  to  1000  nm. 

Electrical  conductivity  and  Hall  constants 
were  measured  by  a  van  der  Pauw  method. 

Measurements  of  thermopower  were  made 
under  temperature  differences  of  5  to  20  °C 
at  ambient  temperature. 

RESULTS 

Chemical  compositions  of  the 
prepared  films  were  analyzed  by  XRF  and 
shown  in  Fig.  1,  where  molar  ratios  of  Zn2+ 
ions  to  Ga3+  ions  in  the  films  were  plotted 
versus  m  values  of  targets.  A  linear  Fi2-  1  Zn2+/Ga3+  and  In3+/Ga3+  ratios  in  the 

relationship  was  obtained  and  the  slope  was  flIms  vcrsus  m  values  in  the  tarSets- 

1.3,  in  spite  that  contents  of  ZnO  in  films 
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such  as  ZnGa204  tended  to  be  much  smaller  than  those  in  the  targets.  Evaporation  of  ZnO 
from  once  deposited  on  substrates  was  considered  to  be  significant  when  substrates  were 
heated  up  to  elevated  temperatures.  The  ratio  of  In3+/Ga3+  remained  almost  unity. 

Crystalline  phases  were  observed 
in  the  cases  of  the  m  values  larger  than  2500 
five.  An  XRD  pattern  for  m~5  film 

2000 

exhibited  a  sharp  peak  at  32° 

characteristic  of  the  corresponding  J 1500 

crystalline  phase  (Fig.  2).(10)  Only  f 

2  1000 

halos  were  seen  near  22°  and  34°  for  any  s 
films  of  m  less  than  four,  without  the  500 
sharp  peak.  The  halo  at  22°  was 
attributed  to  a  Si02  substrate  and  that  at 

20  {«) 

34  was  due  to  the  film.  Electron 

diffraction  measurements  of  m=l  Fig.  2  XRD  patterns  of  a-InGa08(Zn0)„  films, 
specimen  had  only  diffuse  ring  patterns 

and  any  diffraction  spot  was  not  seen  (Fig.  3a).  A  cross  sectional  TEM  image  of  the  film 
(Fig.  3b)  showed  homogeneous  amorphous  structure  and  no  any  sign  of  crystalline  particle 
was  found. 


Fig  3a.  (upper  left)  Electron  diffraction 
pattern  of  a-InGaCVZnO  film  for  a 
selected  area. 

b.  (right)  TEM  cross  sectional  view  of 
the  a-InGaCh'ZnO  film. 

Optical  transmission  spectra  of  the  amorphous  films  were  demonstrated  in  Fig.  4. 
Each  film  was  transparent  through  the  visible  region.  Optical  band  gaps  derived  from  Tauc 
plots  of  the  absorption  spectra  increased  from  2.85  eV  to  3.00  eV  as  m  value  decreased  (Table 
1).  The  widening  of  the  gap  was  likely  due  to  an  increase  in  Ga203  concentration.  An 
averaged  transmittance  from  400  nm  to  800  nm  was  over  80  %  . 
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Table  1  summarized  electric  and 
optical  properties  of  the  films  at  room 
temperature.  Seebeck  coefficients  of  the 
amorphous  films  were  ranged  from  -53  to 
-66  pK/V,  which  were  smaller  than  that  of 
crystalline  ZnO  (-714  pK/V)  by  one  order  of 
magnitude.  The  negative  sign  indicated 
that  the  films  were  n  type  conductors. 
Signs  of  Hall  coefficients  of 
a-InGa03(Zn0)m  system  were  also  negative. 
Sign  anomaly  of  Hall  coefficient,  commonly 
seen  in  the  other  classes  of  amorphous 
conductors  such  as  a-Si  and  a-As2S3,  have 
been  attributed  to  very  short  mean  free  path 
down  to  the  order  of  atomic  distance/121 
The  mean  free  path  of  the  a-InGa03(Zn0)m 
system  derived  from  Hall  measurements  on 
the  basis  of  the  free  electron  model  was 
around  10  nm,  which  was  considered  to  be 
large  enough  to  suppress  the  sign  anomaly. 
The  carrier  density  and  the  mobility  were  in 
the  order  of  1020/cm3  and  10  cm2/Vs 
respectively,  which  were  comparable  to 
those  of  crystalline  m=l  films/81  It  was  in 
contrast  to  chalcogenide  conductors,  where  a 
change  in  the  conductivity  by  the  phase 
transition  from  crystal  to  amorphous  is  in 
the  order  of  105.  Arrhenius  plot  of  the 
conductivity  was  shown  in  Fig.  5. 
Variation  in  the  conductivity  through  all 
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Fig.  4  Transmittance  and  reflectance  for 
a-InGa03(ZnO)m  films. 
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Fig.  5  Arrhenius  plots  on  conductivity  for 
a-InGa03(ZnO)m  films. 


Table  1  Optical  and  Electric  Properties  of  amorphous  InGaQ3(ZnO)m  films. 


Phase  of 

Target 

( m  value) 

Thickness 

(nm) 

Tauc  gap 

(eV) 

Averaged 

transmitt 

ance (%) 

Seebeck 

Coefficient 

(mV/ K) 

Transport  Properties 

o 

(S/cm) 

n 

102°/cm3 

M 

cm2/Vs 

1 

251 

3.00 

81 

-53 

256 

0.77 

20.8 

2 

205 

2.95 

85 

-62 

281 

1.37 

12.8 

3 

238 

2.95 

81 

-61 

171 

0.60 

17.7 

4 

234 

2.85 

79 

-66 

408 

1.22 

20.9 
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temperature  regions  was  about  3%.  The  activation  energy  derived  from  the  slope  was 
around  0.1  meV,  which  was  much  smaller  than  the  thermal  energy  of  room  temperature  (26 
meV).  The  carrier  density  in  the  order  of  1020/cm3  may  cause  the  degeneracy  in 
conductivity. 

It  was  revealed  by  XRD  patterns  that  In3+  ions  more  than  17  %  were  required  for  the 
formation  of  the  amorphous  phases.  It  is  known  that  the  In3+  ion  has  wide  variety  of 
coordination  numbers  from  4  to  8  depending  on  kinds  of  oxides.  Even  in  one  lattice  of 
ln203,(ll)  for  example,  the  bond  angle  is  distributed  from  78.4°  to  113.3°.  The  flexibility  of 
bond  angle  of  O-In-O  implies  that  In3+  ions  act  as  an  amorphous  modifier  that  may  release  the 
internal  stress  of  the  O-Zn-O  network. 

The  good  conductivity  of  a-InGa03(Zn0)m  films  indicates  the  existence  of  the 
extended  states.  Since  the  fraction  of  In  ions  is  smaller  than  0.5,  and  that  of  Zn  is  larger  than 
0.5,  it  is  considered  that  Zn  4s  contributes  to  form  the  extended  states.  It  was  observed  that 
Ge  4s  was  not  contributive  to  the  conductivity  in  the  xCdO(l-x)Ge02  system.  It  is 
considered  that  ion  radii  are  another  difference  between  Ge4+  ion  and  Zn2+  ion,  which  affects 
the  overlap  interaction.  Slater’s  orbital  radius  of  Ge4+4s  (1.08  A)  is  much  smaller  than  that  of 
Cd2+5s  (1.80  A),  while  radius  of  Zn2+4s  (1.54  A)  is  rather  larger  than  that  of  In3+5s  (1.49  A) 
(Table  2).  Thus  the  overlap  integral  between  Zn  4s  orbitals  are  comparable  to  that  between 
the  In  5  s  orbitals  in  the  a-InGa03(ZnO)m  system,  and  it  is  quite  reasonable  that  Zn  4s  orbital 
contributes  to  the  formation  of  the  extended  states.  Then  the  hypothesis  is  likely  generalized 
by  using  the  orbital  radius/ 13)  instead  of  the  principle  quantum  number. 


Table  2  Radius  of  Slater  type  ns  orbitals  (unit-A) 


D 

II  B 

III  A 

IV  A 

VA 

Zn2+ 

Ga3+ 

Ge4+ 

■ 

1.54 

1.27 

1.08 

D 

Cd2+ 

In3+ 

Sn4+ 

1.80 

1.49 

1.26 

6 

Hg2* 

Tl3+ 

Pb4+ 

Bi5+ 

1.99 

1.64 

1.39 

1.21 

CONCLUSIONS 

Amorphous  transparent  conductive  films  of  InGa03(ZnO)m  of  m  values  less  than  4 
were  prepared  by  a  pulsed  laser  deposition  method.  Optical  band  gaps  were  estimated  to  be 
3  eV  from  Tauc  plots.  Averaged  transmittance  in  the  visible  range  was  over  80  %. 
Dominant  carrier  was  electron  from  Hall  and  Seebeck  coefficients,  and  no  sign  anomaly  of 
Hall  coefficient  was  observed.  Conductivity  as  large  as  400  S/cm  was  obtained  at  the 
maximum.  It  is  suggested  that  In3+  ion  acts  as  amorphous  modifier  and  that  Zn  4s  orbitals 
contributes  to  the  formation  of  the  extended  electronic  states.  The  present  system  was  the 
first  amorphous  TCOs  based  on  ZnO. 
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ABSTRACT 

Thin  films  of  Mgln204  spinel,  which  is  a  recently  discovered  TCO  material,  were  deposited  on 
MgO  (100)  surface  by  PLD.  The  thin  films  were  prepared  under  low  oxygen  partial  pressure  to 
enhance  formation  of  oxygen  vacancies,  from  which  carrier  electrons  were  generated.  X-ray  analy¬ 
ses  and  AFM  observations  suggest  epitaxial  growth  of  the  grains  with  diameter  of  100~200nm.  The 
grains  showed  strong  orientations  both  along  the  normal  of  the  thin  film  and  in  plane.  Epitaxial 
growth  of  the  spinel  was  also  confirmed  by  high-resolution  transmission  electron  microscopic  ob¬ 
servations.  The  lattice  image  of  the  interface  region  suggests  formation  of  structural  imperfections 
such  as  dislocations,  grain  boundaries  and  amoiphous  phase  in  significant  fraction.  Strong  optical 
absorption  due  to  electron  carriers  was  detected  in  near  infrared  region.  Very  large  Bumstein-Moss 
shift  was  observed  in  ultraviolet  region,  and  the  optical  band  gap  was  estimated  to  be  4.3eV.  DC 
conductivity  observed  was  4.5xl03Scm'1,  which  is  the  highest  value  reported  for  the  material  so  far. 
Concentration  and  Hall  mobility  of  carrier  electrons  were  found  to  be  ZlxlO^cm*3  and  14  cm^s'1, 
respectively. 

INTRODUCTION 

In  the  flat  panel  industries  developing  a  transparent  electrode  thin  film  with  higher  conductiv¬ 
ity  is  a  current  issue.  A  promising  approach  would  be  refinement  of  the  fabrication  process  condi¬ 
tions  of  ITO  thin  films.  Actually  very  high  conductivity  of  1.4xl04Scm'1  was  reported  in  the  labo¬ 
ratory  made  ITO  thin  films  [1-4].  We  have  proposed  an  alternative  approach  to  the  problem,  finding 
new  and  highly  conductive  materials  having  a  potential  of  replacing  ITO.  Spinel  lattice  was  selected, 
because  it  contains  a  linear  chain  of  edge  sharing  M06  octahedra  running  along  [110].  The  linear 
chain  is  expected  to  play  a  role  of  highway  for  carrier  electrons.  Mgln204  [5-8],  ZnGa204  [9]  and 
CdGa204  [10]  spinel  oxides  were  found  to  be  a  new  n-type  TCO  material.  Conductivity  of  Mgln204 
polycrystalline  thin  films  deposited  by  RF  sputtering  on  glass  substrates  [7,8]  was  changed  drasti¬ 
cally  in  10  orders  of  magnitude  from  10"8Scm4  to  102Scm1  upon  H+-  or  Li+-implantation  at  room 
temperature  without  post  annealing.  However,  Hall  mobility  of  the  thin  films  remained  around  2-3 
cm  V'V1,  which  was  almost  one  order  of  magnitude  smaller  than  that  of  the  doped  ITO  thin  films. 
The  most  probable  cause  of  the  low  mobility  was  supposed  to  be  the  scattering  at  grain  boundaries. 

The  purpose,  therefore,  of  the  present  study  is  to  examine  whether  higher  conductivity  of  the 
spinel  oxide  is  observable  or  not  by  fabricating  the  thin  film  with  higher  crystallinity.  Mgln204  thin 
films  are  grown  epitaxially  on  (100)  surface  of  a  single  crystalline  MgO  substrate  [11].  Electron 
carriers  were  generated  from  oxygen  vacancies.  Reported  will  be  structures  of  the  thin  films  and 
Mgln204/Mg0  interface  examined  by  X-ray  diffraction  and  transmission  electron  microscopy,  op¬ 
tical  transmission  characteristics,  and  electrical  properties. 

EXPERIMENT 

Thm  films  of  Mgln204  spinel  were  deposited  on  (100)  surface  of  single  crystalline  MgO  sub¬ 
strates  by  laser  ablation.  MgO  substrate  was  mechanically  polished  and  annealed  under  oxygen  at 
1200°C  for  lOh  prior  to  the  deposition.  The  lattice  mismatch  between  MgO  and  Mgln204  spinel  is 
5.2%.  Deposition  conditions  of  the  thin  films  are  summarized  in  Table  I.  An  emission  from  a  KrF 
excimer  laser  with  wavelength  of  248nm  was  used  for  excitation.  The  thin  films  were  prepared 
under  low  oxygen  partial  pressure  in  order  to  generate  carrier  electrons  from  oxygen  vacancies. 

Surface  structure  or  texture  of  the  as-deposited  films  was  examined  by  using  an  atomic  force 
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microscope  (AFM).  Orientation  of  Table  I  Deposition  conditions  of  Mgln204  thin  films 
Mgln204  crystals  in  the  films  was  by  laser  ablation 

identified  by  X-ray  powder  diffraction - - - - - 

and  pole  figure  measurements.  Cross-  Target  Sintered  disk  of  Mgln204 

sectional  images  of  MgIn204/MgO  in-  Substrate  MgO  (100) 

terfacial  region  were  obtained  by  a  Substrate  temp  450  °C 

high-resolution  transmission  electron  ^  6.5  J  cm  2  pulse1 

microscope  (HR-TEM).  Concentra-  „  r  OAIT 

tion  profile  of  the  constituent  cations,  Frequency  20  Hz 

Mg2+  and  In3+,  were  estimated  by  sec-  O2  gas  pressure  2.3  xlO  Pa 

ondary  ion  mass  spectrometry  (SIMS) 

and  Rutherford  backscattering  spectroscopy  (RBS). 

Optical  transmission  spectra  of  the  thin  films  were  measured  in  the  region  from  ultra  violet 
(UV)  to  near  infrared  (NIR)  at  room  temperature  by  using  a  conventional  spectrophotometer.  Elec¬ 
trical  conductivity  and  Hall  voltage  of  the  thin  films  were  measured  at  room  temperature  in  van  der 
Pauw  electrode  configuration.  Ohmic  contact  was  provided  by  a  sputtered  Au  electrode. 


Sintered  disk  of  Mgln204 
MgO  (100) 

450  °C 

6.5  J  cm'2  pulse’1 

20  Hz 

2.3  xlO'1  Pa 


RESULTS  AND  DISCUSSION 
Structure  Analysis 

AFM  images  of  the  MgO  substrate  subjected  to  the  annealing  is  shown  in  Fig.l.  Step  and 
terrace  structure  is  clearly  seen  in  the  surface  of  MgO  substrate,  although  sharp  spikes  or  peaks 


Distance  (nm) 

Fig.l  AFM  image  of  MgO  substrate  subjected 
to  the  annealing  under  oxygen  at  1200°C 
for  lOh  (upper  left).  Upper  right  is  a  bird- 
eye  view.  Distribution  of  the  height  along 
the  line  in  the  upper  left  was  depicted  in 
the  lower  figure.  Typical  step  height  was 
around  0.2nm,  which  was  equivalent  to  a 
half  of  the  lattice  constant  of  MgO  crystal. 


(nm) 


0  1000 


Distance  ( nm ) 


Fig.2  AFM  images  of  Mgln,04  thin  film.  Upper 
right  is  a  bird-eye  view.  Distribution  of 
the  height  along  the  line  in  the  upper  left 
was  depicted  in  the  lower  figure. 


298 


are  aligned  at  the  edges  of  the  terrace.  Height  of  the  steps  was  about  0.2nm  which  was  equivalent  to 
a  half  of  the  lattice  constant,  the  height  of  a  single  atomic  layer.  Width  of  the  terraces  ranged  from 
about  lOOnm  to  500nm  and  the  average  roughness  was  estimated  to  be  8xl0'2nm. 

AFM  image  of  the  surface  of  the  spinel  thin  films  is  shown  in  Fig.2.  Pillar  like  structure 
was  clearly  noticed.  The  diameter  of  grains  ranged  from  about  100  to  200  nm.  Because  of  the 
columnar  structure  the  average  surface  roughness  was  found  to  be  13nm,  which  was  far  bigger 
than  that  of  the  MgO  substrate. 

Thickness  of  the  thin  films  was  600~1200nm.  Depth  profile  of  Mg/In  ratio  in  the  thin  film 
estimated  by  SIMS  using  15.1  keV  02+  beam  was  almost  flat  from  the  surface  to  the  substrate,  but 
the  ratio  was  slightly  lower  than  the  stoichiometric  value  of  0.5.  Since  sputtering  rate  of  In  is  higher 
than  that  of  Mg,  atomic  ratio  of  Mg/In  would  probably  be  measured  as  smaller  than  0.5.  On  the 
contrary  the  profile  of  Mg/In  ratio  estimated  by  RBS  is  not  flat  in  the  thin  film:  almost  stoichiometric 
in  the  top  half  and  smaller  than  0.5  in  the  bottom  half.  At  the  present  moment  we  have  no  conclusive 
answer  to  the  discrepancy. 

Only  the  diffraction  peak  of  (004)  was  observed  in  the  out-of-plane  (20-0  scan)(Fig.  3  (a)).  X- 
ray  diffraction  pattern  indicates  strong  orientation  of  (004)  plane  in  parallel  with  the  surface  of  the 
substrate.  The  lattice  constant  estimated  from  the  diffraction  line  indicated  expansion  of  0.1%  along 
the  normal  of  the  thin  film.  In  the  measurements  of  the  in-plane  X-ray  diffraction  pattern  (<{>-scan) 
(Fig.  3(b)),  in  which  the  detector  was  fixed  at  the  diffraction  angle  of  (440)  and  equivalents,  clear 
four  peaks  were  observed.  The  angle  difference  of  the  neighboring  peaks  was  90  degree.  This  is  the 
indication  of  the  fact  that  each  crystal  grain  has  similar  orientation  also  in  plane.  FWHM  of  the 
rocking  curve  of  this  diffraction  line  was  found  to  be  0.68  degree. 


e  (deg.) 


Fig.3  X-ray  diffraction  patterns  of  Mgln204  thin  film  deposited  on  MgO  (100)  surface.  Deposition 
conditions  of  the  thin  film  is  given  in  Table  I.  (a )  is  the  pattern  obtained  by  20-0  scan,  and  (b) 
is  that  for  (440)  and  the  equivalents  obtained  by  <j>-scan,  respectively.  FWHM  of  the  diffrac¬ 
tion  line  for  (440)  was  found  to  be  0.68  degree  by  the  rocking  curve  measurements. 


Cross-sectional  HR-TEM  photos  of  the  thin  film  (a)  and  interface  region  (b)  are  displayed 
in  Fig.  4.  It  is  noted  in  the  image  (a)  that  the  surface  of  the  thin  film  is  not  flat  and  grain  size  is 
100~200nm  in  consistent  with  AFM  observations.  Texture  of  the  thin  film  seems  to  be  inhomoge¬ 
neous.  Density  of  dislocations  and  grain  boundaries  is  high  in  the  region  close  to  the  substrate.  In  the 
image  (b),  firstly  noted  is  that  the  thin  film  on  the  whole  is  epitaxially  grown  on  MgO  (100)  surface 
in  harmony  with  the  results  of  X-ray  analysis.  However  some  unexpected  observations  were  ob¬ 
tained.  The  interface  of  the  substrate  and  the  spinel  thin  film  is  not  atomically  flat  or  clear,  although 
the  substrate  having  flat  step  and  edge  structure  was  used  in  the  fabrication.  This  may  originate  from 
the  chemical  reaction  of  the  substrate  with  the  In  species  in  the  film.  Hesse  et  al.  observed  formation 
and  the  epitaxial  growth  of  Mgln204  spinel  at  the  interface  between  MgO  single  crystal  and  Ine03 
powder  [11].  More  surprisingly,  a  lot  of  structural  imperfections  are  involved  in  the  thin  film:  dislo¬ 
cations,  grain  boundaries  and  considerable  fraction  of  amorphous  phase.  The  structural  imperfec¬ 
tions  affect  X-ray  diffraction  only  on  the  width  of  the  diffraction  lines  as  a  first  approximation. 
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Fig.4  Cross-sectional  TEM  images  of  Mgli^O/MgO  structure.  Texture  of  the  spinel  thin  film  (a) 
and  lattice  image  of  the  region  near  the  interface  (b). 


Optical  and  Electrical  Properties 

Optical  transmission  spectrum  of  the  Mgln204  spinel  is  displayed  in  Fig.  5.  Firstly  noted  in  the 
figure  is  the  strong  absorption  and  reflection  in  NIR  region,  and  the  weak  transmission  loss  is  ex¬ 
tending  to  visible  range.  In  harmony  with  the  intense  loss  in  NIR  region,  a  very  large  Bumstein- 
Moss  shift  is  seen  in  the  ultraviolet  region.  All  these  observations  suggest  that  quite  high  concentra¬ 
tion  and  probably  small  effective  mass  of  carrier  electrons  were  generated  in  the  spinel  thin  film.  The 
inset  shows  the  plot  (ahv)2-hv  for  estimation  of  the  direct  allowed  band  gap.  This  amounts  to 
4.3eV.  H 

Electrical  properties  of  the  Mgln204  thin  film  was  measured  with  the  Van  der  Pauw  method  at 
room  temperature  and  results  are  summarized  in  Table  II.  Conductivity  of  this  film  was  found  to  be 
4.5X103  Scm'1,  this  being  the  highest  conductivity  reported  for  MgIn2C>4  spinel  and  about  a  half  of 
ITO  thin  films  commercially  available.  The  high  conductivity  observed  results  mainly  from  very  high 
electron  density  of  2.1xl021cm‘3  and  partially  from  relatively  large  Hall  mobility  of  14  cm2V'1s'^. 


Fig.  5 

Optical  transmission  spectra  of  Mgla,04 
spinel  thin  films  deposited  on  MgO  (100) 
surface  by  PLD.  Spectrum  (a)  is  obtained 
for  the  thin  film  prepared  under  high  oxy¬ 
gen  partial  pressure,  and  this  film  is  an  al¬ 
most  electrical  insulator  because  of  low 
concentration  of  the  oxygen  vacancies. 
Spectrum  (b)  is  obtained  for  the  conduc¬ 
tive  film  deposited  under  low  partial  pres¬ 
sure  of  oxygen.  The  inset  shows  the  plot 
of  (ahv)2-hv  for  estimating  direct  allowed 
band  gap. 


300 


Table  II  Electrical  properties  of  Mgln,04  thin  film 
deposited  on  MgO  (100)  surface.  Deposition 
conditions  are  given  in  Table  I. _ 


Conductivity 
Electron  concentration 
Hall  mobility 


4.5x10s  Scm*1 
2.1x10s1  cm'3 
14  cmV'V1 


The  mobility  is  also  the  highest  value  we 
have  obtained  so  far. 

Although  the  highest  conductivity 
was  observed  for  MgIn2C>4  spinel,  this  is 
not  considered  to  be  an  intrinsic  property. 

It  was  evidenced  that  concentration  of 
electron  carriers  could  be  increased  to 
about  2xl021cm'3,  which  is  the  highest 
value  to  avoid  generation  of  the  optical 
absorption  in  visible  range.  The  problem, 
therefore,  to  be  solved  to  obtain  higher  conductivity  is  how  we  can  realize  higher  Hall  mobility  of  the 
thin  film.  A  possible  approach  would  be  further  improvement  of  crystal  quality  of  the  thin  films.  As 
discussed  in  the  previous  subsection,  the  thin  film  obtained  in  the  present  study  includes  a  lot  of 
structural  imperfections  such  as  amorphous  region,  dislocations  and  grain  boundaries.  The  maxi¬ 
mum  mobility  hitherto  observed  for  the  polycrystalline  thin  films  obtained  by  RF  sputtering  was~2 
cmVs'1.  Then  an  improvement  in  crystal  quality  would  increase  the  Hall  mobility.  Selection  of  the 
substrate  material  with  smaller  lattice  mismatch  and  the  refinement  of  the  deposition  conditions  are 
thought  to  be  most  effective  factors. 


CONCLUSIONS 


Mgln204  spinel  thin  films  were  deposited  on  (100)  surface  of  a  single  crystalline  MgO  sub¬ 
strate  by  PLD.  The  electron  carriers  were  introduced  from  oxygen  vacancies.  In  order  to  increase 
concentration  of  the  vacancy,  low  oxygen  partial  pressure  was  employed  in  the  deposition.  Follow¬ 
ing  results  were  obtained  by  structure  analyses  and  measurements  of  optical  and  electrical  properties 
of  the  thin  films. 

X-ray  analyses  and  AFM  observations  suggest  epitaxial  growth  of  the  grains  with  diameter  of 
100~200nm.  The  grains  showed  strong  orientations  both  along  the  normal  of  the  thin  film  and  in 
plane.  Epitaxial  growth  of  the  spinel  was  also  confirmed  by  high-resolution  transmission  electror 
microscopic  observations.  The  lattice  image  of  the  interface  region  suggests  formation  of  structural 
imperfections  such  as  dislocations,  grain  boundaries  and  amorphous  phase  in  significant  fraction. 

Strong  optical  absorption  due  to  electron  carriers  was  detected  in  near  infrared  region.  Very 
large  Bumstein-Moss  shift  was  observed  in  ultraviolet  region,  and  the  optical  band  gap  was  esti¬ 
mated  to  be  4.3eV.  DC  conductivity  observed  was  4.5xl03Scm‘1,  which  is  the  highest  value  re¬ 
ported  for  the  material  so  far.  Concentration  and  Hall  mobility  of  carrier  electrons  were  found  to  be 
2.1xl021cm'3  and  14  cn^V'V1,  respectively.  Further  improvement  in  the  quality  of  the  thin  film  was 
discussed  to  be  a  key  factor  to  obtain  the  thin  film  with  higher  mobility. 
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ABSTRACT 

The  properties  of  thin  oxide  films  such  as  Y2O3,  ZnO  and  BaosSrosTiC^  grown  using  an  in  situ 
ultraviolet  (UV)-assisted  pulsed  laser  deposition  (UVPLD)  technique  have  been  studied.  With 
respect  to  films  grown  by  conventional  PLD  under  similar  conditions  but  without  UV 
illumination,  the  UVPLD  grown  films  exhibited  better  structural  and  optical  and  electrical 
properties,  especially  for  lower  substrate  temperatures.  They  also  exhibited  a  better 
stoichiometry  and  contained  less  physisorbed  oxygen  than  the  conventional  PLD  grown  layers. 
These  improvements  can  be  traced  to  several  factors.  Firstly,  deep  UV  photons  and  ozone 
ensure  a  better  in  situ  cleaning  of  the  substrate  prior  to  the  deposition.  Secondly,  the  presence  of 
more  reactive  gaseous  species  like  ozone  and  atomic  oxygen  formed  by  photodissociation  of 
molecular  O2  promotes  the  growth  of  more  oxygenated  films.  Thirdly,  absorption  of  UV 
photons  by  adatoms  could  result  in  an  increased  of  their  surface  mobility.  All  these  factors  have 
a  beneficial  effect  upon  crystalline  growth,  especially  for  moderate  substrate  temperatures.  For 
optimised  growth  conditions,  the  crystalline  quality  and  properties  of  ultraviolet-assisted  pulsed 
laser  deposited  films  was  similar  to  that  of  films  grown  using  conventional  PLD  at  substrate 
temperatures  of  at  least  200  °C  higher. 


INTRODUCTION 

Among  various  techniques  for  growing  thin  films,  pulsed  laser  deposition  (PLD) 
hasemerged  as  one  of  the  most  promising  due  to  several  important  advantages  such  as 
stoichiometric  transfer,  abrupt  interfaces,  layer  by  layer  growth  a.s.o.  [1,2].  One  particular 
advantage  that  helped  PLD  to  gain  its  wide  spread  acceptance  is  the  use  of  a  relatively  low 
substrate  temperature  during  the  growth  process.  However,  for  many  advanced  technology 
applications,  a  further  reduction  of  the  process  temperatures  is  highly  desirable.  A  lower 
deposition  temperature  will  prevent  or  at  least  limit  harmful  film  and/or  ambient  gas-substrate 
interaction  [3,  4],  unwanted  substrate  interdiffusion  processes,  and  re-evaporation  of  volatile 
components  [5,  6].  It  is  also  well  known  from  rapid  thermal  processing  practice  that  substrate 
temperature  non-uniformity  and  reproducibility  is  considerably  reduced  for  processing 
temperatures  below  500  °C  [7].  With  the  exception  of  very  few  materials,  most  high  quality 
PLD  grown  materials,  such  as  high  temperature  superconductors,  ferroelectrics  or  piezoelectrics, 
which  helped  established  its  reputation,  require  substrate  temperatures  in  excess  of  650  °C.  If 
one  wants  to  lower  the  processing  temperature  without  adversely  affecting  the  crystalline  quality, 
stoichiometry,  and  properties,  then  a  non-thermal  source  of  energy  and/or  a  more  reactive 
gaseous  atmosphere  should  be  provided  during  the  growth  process. 
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Ion  beam  assisted  PLD  has  been  successfully  demonstrated  for  the  growth  of  several 
materials  even  at  room  temperature  [8-10].  However,  it  is  rather  expensive  and  complicated  to 
be  easily  implemented,  especially  for  reactive  PLD,  which  uses  gas  pressures  of  around  tens  to 
hundreds  of  mbar.  The  use  of  a  more  reactive  gaseous  atmosphere  such  as  N20,  N02,  or  ozone 
has  been  shown  to  improve  the  general  properties  of  the  grown  layers  and  allow  for  a  reduction 
of  the  substrate  temperature  [11-13],  Photon-assisted  PLD  also  showed  great  promise  [14-16], 
This  is  a  process  where  either  a  part  of  the  incoming  laser  pulse  used  for  ablation  or  a  second 
laser  pulse  is  used  to  irradiate  the  substrate  during  the  growth  of  the  film.  The  growth  process 
which  takes  place  on  the  substrate  is  delayed  by  at  least  several  [is  with  respect  to  the  ablation 
process  initiated  by  the  incoming  laser  beam  because  of  the  necessary  time  for  the  ablated  atoms 
and  ions  to  travel  from  the  target  to  the  substrate.  The  best  results  using  this  method  have  been 
obtained  when  using  a  second  laser,  which  was  fired  after  a  certain  optimum  delay  time 
depending  on  the  target-substrate  distance  employed  in  that  particular  experiment.  There  are  two 
drawbacks  when  considering  this  two  lasers  technique.  First  of  all  it  is  rather  expensive  and 
complex.  Secondly,  the  pulsed  laser  beam,  which  directly  irradiates  the  substrate,  can  induce  an 
appreciable  heating  of  its  outermost  layer  [17].  This  is  so  even  for  modest  fluence  values  of 
several  tens  of  mJ/cm2,  thereby  precluding  its  application  to  sensitive  substrate  materials  such  as 
plastics.  One  has  also  to  consider  the  case  of  the  deposition  of  transparent  thin  films,  which  do 
not  absorb  very  well  the  laser  beam.  Moreover,  optical  interference  effects  when  the  growing 
film  is  very  thin  and  possess  a  refractive  index  different  from  that  of  the  substrate  can  further 
complicate  this  process  [18]. 

The  energy  of  adatoms  is  increased  by  absorption  of  photons.  This  can  also  increase  their 
surface  mobility,  which  will  have  a  beneficial  effect  upon  the  crystalline  quality  of  the  grown 
layers,  as  suggested  during  UV-assisted  ion  beam  growth  of  TiN  films  [19].  A  variant  of  the 
laser-assisted  PLD,  which  replaces  the  second  laser  with  an  inexpensive  UV  source,  namely  a 
low  pressure  Hg  lamp,  is  presented  here.  The  short  wavelength  UV  radiation  (A,=185  nm) 
emitted  by  such  lamps  can  dissociate  molecular  oxygen  and  form  ozone  and  atomic  oxygen, 
which  were  also  shown  to  help  the  crystallinity  of  the  grown  films.  In  comparison  with  the  laser- 
assisted  PLD  technique,  the  UV  source  can  be  used  during  the  cooling  stage  as  well.  It  has  been 
shown  that  an  UV-assisted  anneal  in  oxygen  of  PLD  grown  oxide  films  has  dramatically 
improved  their  crystallinity  and  properties  [20-22].  We  have  investigated  the  microstructure  and 
properties  of  Y2C>3,  Bao.sSro.sTiO.!  (BST),  and  ZnO  (results  for  indium  tin  oxide  (ITO)  will  be 
presented  in  Symposium  U)  films  grown  by  the  UVPLD  technique  at  moderate  temperatures. 

The  results  are  compared  with  those  obtained  from  films  grown  using  conventional  PLD  under 
similar  conditions. 

EXPERIMENT 

An  excimer  laser  (KrF,  A,=248  nm)  emitting  25  ns  long  pulses  was  used  to  ablate  the 
targets  (99.99%  purity  at  least).  The  laser  fluence  used  was  varied  from  1.5  to  2.5  J/cm2  and  the 
repetition  rate  was  set  at  5  Hz.  The  oxygen  pressure  was  optimized  for  each  studied  material  by 
monitoring  the  FWHM  of  the  main  x-ray  diffraction  peak  [23-26].  It  has  been  generally  found 
that  for  normal  deposition  conditions  (without  UV  irradiation)  the  optimum  pressure  was  slightly 
higher  than  that  required  during  UVPLD.  The  lower  optimum  oxygen  pressure  required  by 
UVPLD  is  an  indication  of  the  higher  reactivity  of  ozone  and  atomic  oxygen  species  created  by 
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Figure  1.  PLD  set-up:  the  position  of  the  Hg  lamp  is  indicated. 

UV  radiation-induced  photo-dissociation  of  molecular  oxygen  [27].  The  films  were  grown  on 
(100)  Si,  Corning  glass,  and  (001)  sapphire  substrates  that  were  cleaned  in  acetone,  then 
sonicated  in  methanol,  dipped  in  1%  HF  and  then  blown  dry  with  N2-  The  substrates  were 
located  at  ~  10  -  8  cm  in  front  of  the  target.  Several  films  were  also  deposited  on  very  thin  Si3N4 
membranes  (~10  nm  thick)  for  transmission  electron  microscopy  (TEM)  investigations.  The 
deposition  temperature  was  measured  with  a  thermocouple  attached  to  the  substrate  holder  and 
checked  with  an  infrared  pyrometer.  A  vacuum  compatible,  low  pressure  Hg  lamp  having  a 
fused  silica  envelope,  which  allows  more  than  85%  of  the  emitted  184.9  nm  radiation  (around  6 
%  of  the  25  W  output)  to  be  transmitted,  was  added  to  the  PLD  system  (see  Figure  1).  It  was 
used  for  in  situ  UV  irradiation  during  the  laser  ablation-growth  process  and  the  cooling  stage. 

The  lamp  was  situated  at  6  -  7  cm  in  front  of  the  substrate,  just  below  the  target.  It  was 
switched  on  before  the  start  of  the  deposition  process  to  clean  the  substrate  of  any  organic 

contaminants  [28, 29].  . 

The  crystalline  structure  of  the  grown  layers  was  investigated  by  x-ray  diffraction  (XRD, 
Philips  3720).  For  pole  figures,  <j>  scans,  and  rocking  curve  measurements  an  X’Pert  MRD 
Philips  system  was  used.  The  chemical  composition  and  bonding  were  investigated  by  x-ray 
photoelectron  spectroscopy  (XPS,  Perkin  Elmer  5100,  Mg  Ka  radiation),  and  the  optical 
properties  by  variable  angle  spectroscopic  ellipsometry  (VASE,  Woollam  Co.).  The 
microstructure  of  the  films  grown  on  Si3N4  membranes  was  investigated  by  transmission  electron 
microscopy  (Philips  420C  at  120  kV)  while  the  sheet  resistance  was  measured  by  a  four  point 
probe  method.  Rutherford  backscattering  spectrometry  (RBS)  in  random  and  channeling  mode 
was  used  to  assess  the  stoichiometry,  thickness,  and  epitaxial  quality  of  the  grown  layers  or 
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determine  more  accurately  the  oxygen  content.  The  capacitance-voltage  characteristics  for  MOS 
capacitors  were  measured  with  a  Hg  probe  at  100  kHz  using  a  HP4275A  LCR  meter.  The 
current-voltage  (I-V)  characteristics  were  determined  by  depositing  Au  contacts  onto  the  films 
and  measuring  the  leakage  current  of  the  formed  structures  with  a  semiconductor  parameter 
analyzer. 

RESULTS 

Cristallinity 

The  most  impressive  effect  of  the  UV  irradiation  upon  crystallinity  has  been  seen  for 
Y203  thin  films.  In  Fig.  2  one  can  note  that  highly  textured  Y203  films  can  be  grown  at  much 
lower  temperature  by  UVPLD  than  by  conventional  PLD.  For  BST  and  ZnO  the  differences 
were  subtler.  For  example,  both  UVPLD  and  PLD  grown  ZnO  films  were  highly  textured, 
showing  only  (002)  and  (004)  reflections.  However,  when  comparing,  for  films  grown  at  the 
same  substrate  temperature,  the  FWHM  of  the  (002)  rocking  curve  (see  Fig.  3)  one  can  clearly 
see  that  UVPLD  grown  film  exhibited  better  crystallinity. 
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Fig.  2.  XRD  diffraction  patterns  of  Y203  thin  films  grown  by  (a)  UVPLD  and  (b)  PLD 
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Fig.  3.  XRD  patterns  of  ZnO  thin  films  grown  at  550  °C  by  (a)  UVPLD  and  (b)  PLD;  the  insets 

show  the  ZnO  (002)  rocking  curve 
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The  evolution  of  crystallinity  of  layers  grown  at  a  fixed  substrate  temperature  of  400  °C 
under  the  optimum  oxygen  pressure  for  various  deposition  times  (i.e.  thicknesses)  was  studied 
for  yttria.  It  was  found  that  several  crystalline  orientations  were  present  after  only  one  minute 
deposition  time.  With  increasing  deposition  time  and  film  thickness,  the  ratio  of  the  intensities 
of  the  (222)  peak  to  other  peaks  increases  significantly,  thus  suggesting  that  there  is  a  typical 
case  of  the  survival  of  the  fastest  growth  mode. 

TEM  investigation  confirmed  the  better  crystallinity  of  UVPLD  grown  films.  In  Fig.  4 
typical  bright-field  TEM  micrographs  of  Y203  films  grown  on  membranes  are  displayed.  The 
crystallites  of  the  UVPLD  grown  film  are  more  homogeneous  and  the  film  appears  denser, 
exhibiting  larger  grains,  ~20  nm  versus  ~10nm  for  the  PLD  grown  film.  The  accompanying 
selected  area  electron  diffraction  patterns  reflected  this  difference  in  size  between  the  two 
samples.  The  pattern  of  the  UV  grown  sample  is  much  spottier  than  that  of  the  non-UV  sample. 
Similar  results  regarding  the  microstructure  of  the  grown  films  have  been  obtained  for  BST  and 
ZnO  films  [30].  These  XRD  and  TEM  results  indicated  that  during  UVPLD  the  surface  mobility 
of  adatoms  was  significantly  increased,  promoting  the  growth  of  high  crystalline  quality  layers  at 
relatively  moderate  temperatures. 


Figure  4.  Bright-field  TEM  micrographs  of  Y203  thin  films  grown  at  400  °C  by  UVPLD  and 
PLD. 


Stoichiometry 

The  XPS  investigations  conducted  revealed  interesting  details  regarding  the  chemical 
bonding  of  atoms  in  the  grown  layers.  In  Fig.  5  the  region  of  the  O  Is  photoelectron  peak 
acquired  from  Y203  films  grown  by  UVPLD  and  PLD  at  different  substrate  temperatures  are 
shown.  The  samples  were  sputter  cleaned  with  Ar  ions  (5  min,  4  kV)  until  no  C  contamination 
was  found  on  the  surface.  The  acquired  O  Is  peak  could  be  generally  fitted  using  two  peaks 
centered  at  around  529  eV  and  531  eV,  which  correspond  to  oxygen  atoms  (O2  )  bound  into  the 
chemical  compound  ,  ie.  Y203,  (or  BST  and  ZnO  for  these  materials),  and  physisorbed  oxygen 
(or  a  hydroxide),  respectively  [31,  32]. 
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Binding  energy  (cV)  Binding  energy’  (eV) 


Figure  5.  XPS  high  resolution  spectra  of  the  O  Is  region  acquired  from  Y203  thin  films  grown 
by  (a)  UVPLD  and  (b)  PLD  at  different  temperatures. 

One  can  clearly  see  from  Fig.  5  that  the  amount  of  physisorbed  oxygen  was  much  smaller 
in  the  UVPLD  samples  than  that  observed  in  the  PLD  samples.  The  films  grown  at  220  °C 
showed  a  third  oxygen  peak  centered  at  530.2  eV,  which  very  likely  corresponds  to  a  sub- 
stoichiometric  yttrium  oxide  phase,  in  agreement  with  the  results  for  the  Y  3d  peak,  which  also 
showed  two  components  [33]. 


Figure  6.  XPS  spectra  of  as-received  BST  films  grown  at  650  °C  by 
(a)  UVPLD  and  (b)  PLD:  three  oxygen  peaks  are  visible.  Labels  1,  2,  and  3  correspond 
to  oxygen  atoms  bound  in  BST,  a  surface  stressed  layer,  and  physisorbed,  respectively. 
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A  somehow  different  situation  was  encountered  when  analyzing  the  surface  composition 
of  BST  films.  As  one  can  note  from  Fig.  6,  where  the  O  Is  photoelectron  spectra  acquired  from 
as-received  samples  are  displayed,  there  are  3  oxygen  peaks  present.  Besides  the  usual  BST 
perovskite  phase,  an  additional  phase  was  found,  most  likely  caused  by  the  presence  of 
mechanical  stresses  and/or  oxygen  vacancies  [25].  The  presence  of  this  new  phase  will 
negatively  affect  the  electrical  characteristics  of  the  grown  structure.  One  can  also  note  that  the 
amount  of  oxygen  atoms  bound  to  BST  phase  were  several  percent  greater  in  the  UVPLD  grown 
sample. 
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Figure  7.  RBS  spectra  of  a  thin  Y203  film  Figure  S.  RBS  spectra  of  a  thin  BST  film 


XPS  analysis  generally  showed  that  UYPLD  grown  films  contained  less  physisorbed 
oxygen  and  possessed  a  higher  amount  of  oxygen  atoms  bound  stoichiometrically  into  the 
chemical  compound.  This  higher  oxygen  content  was  confirmed  by  the  RBS  results.  Typical 
examples  of  RBS  investigations  for  thin  films  are  displayed  in  Figs.  7  and  8.  According  to  the 
RUMP  simulation  program  [34],  the  stoichiometry  of  the  UVPLD  deposited  films  was 
Y2O2.98+0.03  and  Bao.5±o.o2Sro.5±o.o2Tii.o03+5  (6  around  0.1  and  0.2-0.3  for  UVPLD  and  PLD), 
respectively. 


Optical  properties 

The  measurement  of  the  optical  properties  by  VASE  was  conducted  in  the  280-760  nm 
wavelength  range.  It  should  be  mentioned  that  films  grown  at  lower  substrate  temperatures, 
which  were  not  very  well  crystallized  and  contained  a  significant  amount  of  a  suboxide  phase, 
did  not  exhibit  a  smooth  variation  of  A  and  \\ /,  the  ellipsometric  parameters.  It  was  not  always 
possible  to  accurately  fit  the  measured  data  with  a  model  and  extract  meaningful  thickness  and 
refractive  index  values  for  these  grown  layers. 

A  typical  example  of  the  optical  quality  of  the  grown  layers  is  shown  in  Fig.  9,  where  the 
refractive  index  values  obtained  by  fitting  the  recorded  spectroscopic  ellipsometry  data  from 
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Figure  9.  Refractive  index  versus  wavelength  of  Y2O3  thin  films  deposited  at  500  °C. 

samples  grown  at  500  °C  are  displayed.  For  comparison  reason,  the  refractive  index  of  a 
reference  standard  Y2O3  layer  [35]  is  also  shown.  The  UVPLD  grown  sample  exhibited 
refractive  index  values  closer  to  those  of  the  reference  Y2O3  layer  than  the  PLD  grown  sample. 
However,  there  was  not  a  significant  difference  between  the  refractive  index  values  of  samples 
grown  at  higher  substrate  temperatures,  both  being  quite  close  to  the  reference  n  values,  as  one 
can  see  in  Fig.  9b.  It  is  also  worth  mentioning  that  the  extinction  coefficient  values  estimated  by 
the  fitting  program  were  always  negligible,  indicating  that  the  films  are  highly  transparent. 
Similar  good  optical  results  have  been  obtained  for  BST  [25],  ZnO  [26]  and  ITO  thin  films. 

Electrical  properties 

Figure  10  shows  the  capacitance  versus  voltage  plots  for  MOS  capacitors  fabricated  from 
BST  films  while  in  Fig  1 1  a  typical  example  of  leakage  current  values  are  displayed. 


Voltage(V)  Electric  Field  (kV/cm ) 

Fig.  10.  C-V  characteristics  of  40  nm  thick  BST  Fig.  1 1 .  Leakage  current  characteristics 
films  deposited  at  various  temperatures.  of  BST  films  deposited  at  650°C. 
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One  can  note  that  the  UVPLD  grown  films  showed  much  higher  accumulation  values 
than  the  films  grown  by  PLD.  At  a  field  of  100  kV/cm  40  nm  thick  UVPLD-grown  films 
deposited  at  650°C  by  UVPLD  exhibited  a  leakage  current  of  6x1 0~8  A/cm2,  which  was  nearly  a 
factor  of  1.5  better  than  that  measured  for  PLD  deposited  films.  Such  values  are  among  the  best 
reported  so  far  for  BST  films.  Although  the  leakage  current  mechanism  involved  in  this  case  is 
not  clear,  we  expect  it  to  be  a  Schottky  conduction  mechanism  [36],  as  the  current  is  almost 
constant  until  750  kV/cm  beyond  which  it  shows  a  steep  increase. 

Other  important  electrical  parameters  such  as  flat  band  voltage  (Vfb),  density  of  states 
(Dit),  and  equivalent  oxide  thickness  (Teq)  extracted  from  the  measured  C-V  characteristics  of  the 
films  are  summarized  in  Table  I.  The  equivalent  oxide  thickness  values  obtained  for  the  best 
UVPLD  films  were  around  10  A,  which  is  comparable  to  the  best  values  reported  [37].  Similarly 
the  interface  trap  density  data  listed  in  Table  I  show  that  UVPLD  grown  BST  films  exhibited 
much  lower  values.  The  values  listed  in  Table  I  suggest  that  UV  irradiation  during  the  ablation 
growth  process  significantly  helped  to  improve  MOS  capacitor  characteristics. 

TABLE  I.  The  electrical  parameters  of  the  BST  films 


Temp. 

(°C) 

Thickness 

(nm) 

Tec, 

(nm) 

UVPLD  PLD 

v* 

(V) 

UVPLD  PLD 

Dit 

(eVW2) 

UVPLD  PLD 

450 

20 

HEXlHI 

1.68 

+1.01 

+1.12 

mm 

nsom 

450 

30 

■nm 

1.75 

wmm 

WE3SSIM H 

NEEEH 

40 

1.06 

1.86 

w 

wmrmr 

■Esom 

1.00 

1.57 

+1.02 

+1.15 

■usmn 

nnnim 

550 

40 

1.08 

1.69 

+1.02 

+1.15 

■mom 

20 

0.98 

1.47 

+0.80 

+1.15 

■mbim 

■ESBIH 

650 
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One  of  the  major  problem  of  the  grown  of  high  k  dielectric  constant  is  the  formation  of 
the  interfacial  layer  as  one  can  see  in  Fig.  12.  This  is  not  a  UVPLD  problem  per  se.  Depth 
profiling  XPS  investigations  have  shown  that  an  interfacial  Si02  layer  always  forms  during  the 
deposition  process  and  not  prior  to  it.  However,  further  investigations  are  underway  to  minimize 
its  thickness  and,  if  would  not  be  possible  to  complete  eliminate  it,  at  least  to  improve  its  quality. 


Figure  12.  High-resolution  cross-section  TEM  of  a  BST/Si  structure;  the  presence  of  a  2 
nm  thick  Si02  interfacial  layer  is  clearly  visible 
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DISCUSSIONS 


The  results  presented  here  clearly  showed  that  the  microstructure  and  stoichiometry  of 
the  grown  films  has  been  influenced  by  the  UV  irradiation  during  the  ablation-deposition 
process.  A  significant  improvement  of  the  optical  and  electrical  properties  of  the  grown  films 
has  been  seen.  There  are  several  factors  that  could  explain  these  findings.  Firstly,  deep  UV 
radiation  and  ozone  help  to  better  clean  the  substrate  and  the  surface  of  the  film  of  carbon  and 
other  organic  contaminants.  According  to  XPS  results  there  was  always  a  slightly  lower  C  Is 
peak  due  to  contamination  on  UVPLD  grown  samples.  Secondly,  the  ozone  and  atomic  oxygen 
formed  by  photodissociation  are  more  reactive  than  molecular  oxygen  and  can  oxidize  metals 
even  at  room  temperature.  This  can  help  the  chemical  oxidation  reactions,  both  on  the  substrate 
and,  perhaps,  even  in  gas  phase.  Thirdly,  the  surface  mobility  of  adatoms  is  increased  by  UV 
irradiation.  Although  we  don’t  have  yet  a  direct  proof  of  this,  an  indirect  evidence  was  found.  It 
was  noted  that  under  identical  deposition  conditions,  PLD  grown  samples  were  always  a  little  bit 
thicker  than  UVPLD  grown  ones.  For  example,  for  Y203  thin  films,  the  growth  rate  at  400  °C 
for  UVPLD  and  PLD  was  estimated  to  be  approximately  0.21  and  0.27  nm/pulse,  respectively. 
This  implies  that  desorption  of  loosely  bound  adatoms  was  also  increased  during  UV  irradiation. 
Unless  these  adatoms  can  find  a  suitable  low  energy  position  within  the  growing  lattice  during 
their  residence  time,  they  will  have  a  higher  probability  of  being  desorbed.  Without  UV 
irradiation,  the  chances  for  adatoms  to  be  trapped  and  then  buried  as  physisorbed  atoms  or  in 
unfavorable  positions,  which  would  result  in  the  formation  of  growth  defects  or  sub- 
stoichiometric  phases,  may  be  higher.  All  these  factors  could  contribute  to  the  observed  better 
characteristics  of  UVPLD  grown  thin  oxide  films. 

CONCLUSIONS 

The  structure  and  properties  of  several  oxide  thin  films  grown  by  an  in  situ  ultraviolet  - 
assisted  PLD  have  been  studied.  With  respect  to  conventional  PLD  technique,  the  optimum 
oxygen  pressure  required  to  grow  high  quality  films  was  found  to  be  somewhat  lower,  a 
consequence  of  the  more  reactive  gaseous  species  created  by  photodissociation  of  molecular  02. 
In  situ  UV  irradiation,  which  exposes  each  deposited  atomic  layer  to  the  action  of  energetic 
photons  and  reactive  gaseous  species  during  laser  ablation-deposition  in  oxygen  atmosphere, 
resulted  in  the  growth  of  highly  textured  layers  at  moderate  substrate  temperatures.  These  layers 
also  exhibited  very  good  optical  and  electrical  properties  and  a  better  overall  stoichiometry, 
containing  less  physisorbed  oxygen.  The  quality  and  properties  of  ultraviolet-assisted  pulsed 
laser  deposited  layers  was  similar  to  that  of  layers  grown  using  conventional  PLD  at  substrate 
temperatures  of  at  least  200  °C  higher. 
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DEVELOPMENT  AND  IMPLEMENTATION  OF  NEW  VOLATILE  Cd  AND  Zn 
PRECURSORS  FOR  THE  GROWTH  OF  TRANSPARENT  CONDUCTING  OXIDE 

THIN  FILMS  VIA  MOCVD 
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ABSTRACT 

For  the  growth  of  thin  zinc  group  metal  oxide  films  [i.e.  cadmium  oxide  (CdO),  cadmium 
stannate  (Cd2Sn04),  and  zinc  oxide  (ZnO)]  via  metal-organic  chemical  vapor  deposition 
(MOCVD),  volatile  Cd  and  Zn  precursor  families  are  needed.  Starting  with  Cd,  {3-ketoiminates 
of  varying  substitution  were  prepared  to  elucidate  structure-property  relationships.  The  nature  of 
the  ligand  substituents  strongly  influences  the  melting  point  (liquid  precursors  are  desired). 
Unlike  conventional  Cd  p-diketonates,  these  complexes  are  monomeric  as  determined  by  x-ray 
crystallography.  Despite  these  advantageous  characteristics,  attempts  to  grow  CdO  thin  films  in  a 
cold-wall  MOCVD  reactor  using  two  such  derivatives  were  not  successful.  This  class  of  Cd 
complex  appears  to  decompose  thermally  with  time--  a  likely  cause  of  the  poor  performance. 
Therefore,  a  new  series  of  more  thermally  stable  Cd  precursors  was  sought.  Using  the  chelating 
diamine  V,MV',V'-tetramethylethylenediamine  (TMEDA),  monomeric  P-diketonates  were 
prepared.  The  molecular  structure  of  Cd(hfa)2(TMEDA)  (hfa  =  1,1,1,5,5,5-hexafluoropentane- 
2,4-dionate)  confirms  the  monomeric  structural  assignment.  This  series  of  Cd  complexes  is 
appreciably  more  volatile  and  sublime  more  cleanly  than  the  aforementioned  (3-ketoiminates,  as 
determined  by  vacuum  thermogravimetric  analysis  (TGA).  In  addition  to  this  advantageous 
characteristic,  these  complexes  are  easily  prepared  under  ambient  laboratory  conditions  from 
commercially  available  starting  materials  in  a  single  step.  Following  the  protocol  established  for 
Cd,  a  volatile  series  of  Zn  precursors  was  also  prepared.  For  the  Zn  series,  the  melting  point  was 
effectively  tuned  through  variation  of  both  the  (3-diketonate  and  diamine  ligands.  The  use  of  the 
Cd  and  Zn  P-diketonate  precursors  in  the  successful  growth  of  CdO  and  ZnO  thin  films, 
respectively,  by  MOCVD  is  also  presented. 

INTRODUCTION 

The  efficient  growth  of  transparent  conducting  oxide  (TCO)  thin  films  is  of  tremendous 
technological  importance  [1].  Despite  the  widespread  use  of  the  current  TCO  of  choice,  tin- 
doped  indium  oxide  (ITO),  characteristics  of  this  material  are  not  optimum  for  certain 
applications.  Incompatibility  of  tin  with  other  components  of  some  devices  as  well  as  the 
relatively  narrow  transparency  window  and  low  conductivity  (-1000-5000  S/cm)  of  ITO 
illustrate  two  of  these  drawbacks.  To  address  these  and  other  limitations  associated  with  ITO, 
new  TCO  materials  have  been  sought  possessing  conductivities  and  optical  transparencies 
rivaling  or  exceeding  those  of  ITO.  Zn  is  an  important  metal  component  in  some  new  TCO 
materials.  Our  group  has  grown  thin  films  of  Zn-In-0  and  Sn-doped  Zn-In-O  using  simple  metal 
p-diketonate  precursors  [2].  These  MOCVD-derived  films  exhibit  electrical  properties  superior 
to  ITO.  Recently,  thin  films  of  another  promising  new  TCO,  cadmium  stannate  (Cd2Sn04  or 
CTO),  were  deposited  using  rf  sputtering  by  Coutts,  et  al  [3].  Initial  analysis  of  the  electronic 
properties  of  CTO  thin  films  reveals  that  the  carrier  mobility  is  higher  than  that  of  ITO  by  a 
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factor  of  2-4.  CTO  is  of  particular  interest  as  a  compatible  TCO  layer  in  CdSe  and  CdTe 
photovoltaic  devices,  the  properties  of  which  are  highly  dependent  on  the  nature  of  the  TCO  [4]. 
A  potential  complimentary  route  to  this  physical  vapor  deposition  (PVD)  approach  to  CTO  films 
is  MOCVD.  As  with  other  chemical  vapor  deposition  techniques,  MOCVD  offers  several 
attractions  including  scalability,  conformal  coverage,  growth  at  higher  pressures,  and  growth  at 
lower  growth  temperatures.  Cd-containing  oxide  thin  films  have  not  yet  been  grown  using 
MOCVD,  likely  due  to  the  lack  of  suitable  Cd  precursors  [5]. 

Useful  MOCVD  precursors  must  be  sufficiently  volatile  to  efficiently  deliver  the  metal- 
containing  species  to  the  substrate,  and  sufficiently  thermally  stable  to  survive  several  heat/cool 
cycles  during  the  film  growth  process.  Dimethylcadmium  (CdMe2)  meets  these  criteria  and, 
despite  its  high  toxicity,  is  frequently  employed  in  the  thin  film  growth  of  cadmium  chalcogenide 
films  [6].  However,  attempts  to  grow  CTO  using  CdMe2  and  tetramethyltin  were  unsuccessful 
[7],  A  review  of  the  literature  on  Cd2+  compounds  containing  ligands  typically  employed  for 
oxide  precursors,  such  as  P-diketonates  and  alkoxides,  fails  to  reveal  any  viable  candidates  for 
Cd  CVD.  Most  Cd2+  compounds  containing  such  mono-  or  bidentate  ligands  are  not  discreet 
monomeric  complexes,  a  common  problem  of  small  charge-to-radius  ratio  metal  ions.  For 
example,  the  solid  state  structure  of  bis(2,4-pentanedionato)cadmium  (II)  [Cd(acac)2]  shows  that 
this  complex  is  polymeric  [8].  Our  group  has  previously  addressed  this  issue  using  tridentate  B- 
ketoiminate  ligands  with  lanthanide  (La3+,  Ce3+,  Nd3+,  Er3+)  and  alkaline  earth  (Ca2+,  Sr2+,  Ba2^) 
precursors  or  a  combination  of  P-diketonate  and  neutral  polydentate  amines  with  Mg2+  [9],  A 
similar  approach  seemed  logical  for  Cd2+  and  Zn2+  [10].  While  Zn(dpm)2  (dpm  =  2, 2,6,6- 
tetramethyl-3,5-heptanedionato)  has  been  successfully  employed  as  a  precursor  for  MOCVD  [2, 
11]  and  is  monomeric  [12],  it  is  a  relatively  high-melting  solid  (132-134°C)  and  remains  a  solid 
under  typical  film  growth  conditions.  The  details  for  the  synthesis  and  characterization  of 
improved  Zn  and  Cd  precursors  are  presented  in  this  communication  along  with  our  preliminary 
film  growth  studies  using  these  complexes. 

EXPERIMENTAL 

Precursors 


Bis( p-ketoiminato)cadmium  (II)  complexes  2a-c.  Representative  procedure  for  bis(4-N-2- 
ethoxyethylimino-2-pentanonato)cadmium  (II)  (2b):  In  a  N2-fiIled  glovebox,  a  3-neck,  500  mL 
round  bottom  flask  fitted  with  a  glass  stopper,  rubber  septum,  and  reflux  condenser  is  charged 
with  Cd[N(TMS)2]2  (24  mmol)  [13].  The  vessel  is  then  removed  from  the  glovebox,  interfaced  to 
a  Schlenk  line,  and  200  mL  toluene  (dried  over  and  distilled  from  molten  Na)  is  added  via 
syringe.  4-N-2-EthoxyethyIimino-2-pentanone  (lb;  50  mmol;  2.1  equiv.)  is  injected  and  the 
solution  stirred  at  65°C  for  2  h.  The  volatiles  are  next  removed  in  vacuo,  and  9.3  g  (20  mmol; 

86%  yield)  of  pure  2b  was  obtained  as  a  pale  yellow  solid  via  vacuum  sublimation  (100°C  /  10‘4 
Torr). 

For  bis(4-N-2-methoxyethylimino-2-pentanonato)cadmium  (II)  (  2a).  Mp  148-152°C;  'H  NMR 
(5,  C6D6):  1.56  [s,  6  H,  C(N)C H3],  2.05  [s,  6  H,  C(0)Ctf3],  3.04  (t,  4  H,  OCHUC/AN),  3.09  (s,  6 
H,  OCH3),  3.28  (t,  4  H,  OC//2CH2N),  4.80  [s,  2  H,  C(0)C//C(N)];  Anal.  Calcd.  for 
C,6H28N204Cd:  C,  45.24;  H,  6.64;  N,  6.59.  Found:  C,  45.28;  H,  6.67;  N,  6.71. 

For  2b.  Mp  98-100°C;  'H  NMR  (6,  C6D6)  1.06  (t,  6  H,  OCH2C//3),  1.57  [s,  6  H,  C(N)C//3], 
2.07  [s,  6  H,  C(0 )C//3],  3.10  (t,  4  H,  OCH2Ctf2N),  3.38  (quart,  4  H,  OC//2CH3),  3.45  (t,  4  H, 
OC//2CH2N),  4.82  [s,  2  H,  C(0)C//C(N)];  Anal.  Calcd.  for  Cl8H3,N,04Cd:  C,  47.74;  H,  7.12;  N, 
6.19.  Found:  C,  47.75;  H,  7.17;  N,  6.30. 
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For  bis(2,2-dimethyl-5-N-2-ethoxyethylimino-3-hexanonato)cadmium  (II)  (2c).  Mp  146-149°C; 
'H  NMR  (6,  C6D6):  1.05  (t,  6  H,  OCH2C//3),  1.34  [s,  18  H,  C(0 )C(CH3)3],  160  [s,  6  H, 
C(N)Ctf3],  3.13  (t,  4  H,  OCH2Ctf2N),  3.63  (quart,  4  H,  OCtf2CH3),  3.50  (t,  4  H,  OC//2CH2N), 
5.01  [s,  2  H,  C(0)C//C(N)];  Anal.  Calcd.  for  C24H44N204Cd:  C,  53.68;  H,  8.26;  N,  5.22.  Found: 
C,  53.82;  H,  8.35;  N,  5.23. 

Bis( fi-diketonato )(TMEDA )cadmium  (II)  complexes  3a-d.  Representative  procedure  for 
bis(2,2-dimethyl-6,6,7,7,8,8,8-heptafluoro-3,5-octanedionato)(N,N,N',N'-tetramethyl- 
ethylenediamine)cadmium  (II),  Cd(fod)2(TMEDA)  (3d):  A  3-neck,  500  ml  round  bottom  flask 
equipped  with  a  mechanical  stirrer  is  charged  with  Cd(N03)2*4H20  (99.999%  metals  purity;  31 
mmol),  100  mL  deionized  H20,  and  TMEDA  (31  mmol;  1.0  equiv.).  The  resultant  solution  is 
then  treated  with  a  suspension  prepared  by  adding  2,2-dimethyl-6,6,7,7,8,8,8-heptafluoro-3,5- 
octanedione  (62  mmol;  2.0  equiv.)  to  120  mL  of  a  0.5  M  solution  of  NaOH  in  ethanol/water 
(3:1).  A  pale  yellow  oil  immediately  forms,  and  the  resultant  mixture  is  stirred  for  30  min.  The 
crude  mixture  is  then  extracted  with  Et20  (3  x  200  ml),  the  combined  Et20  fractions  dried  over 
anhydrous  Na2S04,  and  22.5  g  (27  mmol;  88%  yield)  of  pure  3d  is  obtained  as  a  pale  yellow 
viscous  oil  via  vacuum  distillation  (1 18°C  /  0. 1  Torr). 

For  bis(2,2,6,6-tetramethyl-3,5-heptanedionato)(N,N,N',N'-tetramethylethylenediamine)cadmium 
(II),  Cd(dpm )2(TMEDA )  (3a).  Mp  154-156°C;  'h  NMR  (5,  C6D6):  1.30  [s,  36  H,  C(Ctf3)3],  1.98 
(t,  4  H,  NCH2CH2N),  2.26  [t,  12  H,  N(C//3)2],  5.72  [s,  2  H,  C(0)C/7C(0)];  Anal.  Calcd.  for 
C28H5404N2Cd:  C,  56.51;  H,  9.14;  N,  4.71.  Found:  C,  56.75;  H,  9.52;  N,  4.97. 

For  bis(  1,  l,l-trifluoro-2,4-pentanedionato)(N,N,N',N'-tetramethylethylenediamine)cadmium  (II), 
Cd( tfa )2(TMEDA )  (3b).  Mp  121-124°C;  NMR  (5,  C6D6):  1.70  (s,  6  H,  CH3),  1.75  (t,  4  H, 
NC//2C//2N),  2.03  [t,  12  H,  N(C7/3)2],  5.56  [s,  2  H,  C(0)CtfC(0)];  Anal.  Calcd.  for 
C16H24F6N204Cd:  C,  35.93;  H,  4.52;  N,  5.24.  Found:  C,  35.87;  H,  4.47;  N,  5.32. 

For  bisfl,  I,  l,5,5,5-hexafluoro-2,4-pentanedionato)  (N,N,N',N'-tetramethylethylenediamine) 
cadmium  (II),  Cd(hfa)2(TMEDA)  (3c).  Mp  88-91°C;  lK  NMR  (5,  C6D6):  1.52  (t,  4  H, 
NCH2CH2N),  1.83  [t,  12  H,  N(C//3)2],  6.18  [s,  2  H,  C(0)C//C(0)];  Anal.  Calcd.  for  C16HI8. 
F12N204Cd:  C,  29.90;  H,  2.82;  N,  4.36.  Found:  C,  29.78;  H,  2.76;  N,  4.43. 

For  3d.  *H  NMR  (6,  C6D6):  1.07  [s,  18  H,  C(Ctf3)3],  1.83  (t,  4  H,  NCH2CH2N),  2.07  [t,  12  H, 
N(Ctf3)2],  6.00  [s,  2  H,  C(0)C//C(0)];  Anal.  Calcd.  for  C26H36FI4N204Cd:  C,  38.13;  H,  4.43;  N, 
3.42.  Found:  C,  37.81;  H,  4.29;' N,  3.44. 

Bis(f3-diketonato)(ethylenediamine)zinc  (II)  complexes  4a-e.  Representative  procedure 
for  bis(2,2,6,6-tetramethyl-3,5-heptanedionato)  ( N,N'-diethylethylenediamine )  zinc  (II), 
Zn(dpm)2(N,N’DEA)  (4c):  A  3-neck,  500  ml  round  bottom  flask  equipped  with  a  mechanical 
stirrer  is  charged  with  Zn(N03)2«6H20  (99.999%  metals  purity;  30  mmol),  100  mL  deionized 
H20,  and  N.N'-diethylethylenediamine  (30  mmol;  1.0  equiv.).  The  resultant  solution  is  then 
treated  with  a  suspension  prepared  by  adding  Hdpm  (61  mmol;  2.0  equiv.)  to  120  mL  of  a  0,5  M 
solution  of  NaOH  in  ethanol/water  (3:1).  A  heavy  colorless  precipitate  immediately  forms,  and 
the  resultant  suspension  is  stirred  for  30  min.  The  solid  is  collected  on  a  glass  frit,  dried  over 
P4O10  in  vacuo  for  16  h,  and  12.3  g  (22  mmol;  74%  yield)  of  pure  4c  is  obtained  as  a  crystalline 
yellow  solid  via  vacuum  sublimation  (80°C  /  10‘4  Torr). 

For  bis(2,2,6,6-tetramethyl-3,5-heptanedionato)(N,N,N',N,-tetramethylethylenediamine)zinc  (II), 
Zn(dpm)2(TMEDA )  (4a).  Mp  196-202°C;  !H  NMR  (8.  C6D6):  1.28  [s,  36  H,  C(C//3)3],  2.1 1  (s,  4 
H,  NCH2CH2N),  2.24  [s,  12  H,  N (Ctf3)2],  5.67  [s,  2  H,  C(0)CtfC(0)];  Anal.  Calcd.  for 
C28H54N204Zn:  C,  61.36;  H,  9.93;  N,  5.1 1.  Found:  C,  61.26;  H,  9.85;  N,  5.27. 
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For  bis(2,2,6,6-tetramethyl-3,5-heptanedionato)(N,N,N'-trimethylethylenediamine)zinc  (II), 
Zn(dpm)2(TriMEDA)  (4b).  Mp  111-1 13°C;  'H  NMR  (5,  C6D6):  1.30  [s,  36  H,  C(C//3)3],  2.06  [br 
s,  2  H,  (CH3)2NCH2C//2N(CH3)H],  2.14  [br  s,  2  H,  (CH3)2NCtf2CH2N(CH3)H],  2.20  [s,  9  H, 
(CH3)2NCH2CH2N(C//3)H],  5.70  [s,  2  H,  C(0)C//C(0)] ;  Anal.  Calcd.  for  C,7H/PN204Zn:  C, 
60.72;  H,  9.81;  N,  5.24.  Found:  C,  60.58;  H,  9.90;  N,  5.33. 

For  4c.  Mp  93-96°C;  'H  NMR  (5,  C6D6):  0.94  (t,  6  H,  NHCH2C//3),  1.06  (s,  2  H,  N//CH2CH3), 
1.29  [s,  36  H,  C(Ctf3)3],  2.30  (s,  4  H,  NC//2Ctf2N),  2.61  (quart,  4  H,  NHC//2CH3),  5.73  [s,  2  H, 
C(0)C//C(0)];  Anal.  Calcd.  for  C28H54N204Zn:  C,  61.36;  H,  9.93;  N,  5.11.  Found:  C,  61  14*  H 
9.74;  N,  4.88. 

For  bis(2,2,6,6-tetramethyl-3,5-heptanedionato)  ( N,N-diethyl-ethylenediamine )  zinc  (II), 
Zn(dpm)2(N,NDEA )  (4d).  Mp  88-92°C;  'h  NMR  (5,  C6D6):  0.89  [t,  6  H,  N(CH2Ctf3)2],  1.07  (s,  2 
H,  N H2),  1.30  [s,  36  H,  C(Ctf3)3],  2.14  (s,  2  H,  Et2NC//2CH2NH2),  2.28  (s,  2  H, 
Et2NCH2C//2NH2),  2.55  [quart,  4  H,  N(CH2CH3)2],  5.78  [s,  2  H,  C(0)C//C(0)];  Anal.  Calcd.  for 
C28H54N204Zn:  C,  61.36;  H,  9.93;  N,  5.1 1.  Found:  C,  61.36;  H,  9.84;  N,  4.90. 

For  bis(2,2,7-trimethyl-3,5-octanedionato)  (N,N-diethyl-ethylenediamine)  zinc  (II), 
Zn(tmod)2(N,NDEA)  (4e).  'H  NMR  (5,  C6D6):  0.95  [d,  12  H,  CH2CH(C//3),],  1.03  (t,  6  H, 
NHCH2C//3),  1.19  [s,  18  H,  C(C//3)3],  2.10  [d,  4  H,  CH2 CH(CH3)2],  ' 2~.14  [sep,  2  H, 
CH2C//(CH3)2],  2.48  (s,  4  H,  NCtf2C//2N),  2.70  (quart,  4  H,  NHCtf2CH3),  5.53  [s,  2  H, 
C(0)CtfC(0)];  Anal.  Calcd.  for  C28H54N204Zn:  C,  61.36;  H,  9.93;  N,  5.1 1.  Found:  C,  61.34;  H, 
9.52;  N,  2.40 — satisfactory  N  analysis  was  not  obtained. 

Film  Growth 


Thin  films  of  both  CdO  and  ZnO  were  grown  in  the  previously  described  [14]  cold-wall 
MOCVD  reactor.  For  CdO,  the  precursor  reservoir  containing  Cd(hfa)2(TMEDA)  was 
maintained  at  68-80°C  with  an  Ar  carrier  flow  rate  of  45-80  seem.  The  precursor-rich  carrier  gas 
was  mixed  with  02  (flowing  at  100  seem  through  a  water  reservoir)  immediately  upstream  of  the 
susceptor  (growth  temperature  =  350-380°C  for  glass  substrates)  at  a  total  working  pressure  of 
2.6  Torr.  For  ZnO,  the  precursor  reservoir  containing  Zn(dpm)2(NN’DEA)  was  maintained  at 
85°C  with  an  Ar  carrier  flow  rate  of  50-60  seem.  The  precursor-rich  carrier  gas  was  mixed  with 
02  (flowing  at  150  seem)  immediately  upstream  of  the  susceptor  (growth  temperature  =  475- 
500°C  for  Coming  7059  glass  substrates)  at  a  total  working  pressure  of  3.0  Torr.  The 
commercial  substrates  used  were  washed  with  acetone  and  immediately  placed  into  the  reactor. 
Growth  parameter  dependence  of  deposited  film  structure  and  crystallinity  was  investigated  by 
x-ray  diffraction  scans  (XRD).  A  film  growth  rate  of  ~3 1  A/min  was  estimated  for  CdO  using 
the  total  growth  time  and  film  thickness  as  measured  by  a  Tencor  P- 10  profilometer. 

RESULTS 

Precursor  Synthesis,  Characterization 

Polydentate  p-ketoiminate  ligands  (la-c)  have  previously  proven  extremely  effective  in 
saturating  the  coordination  sphere  of  small  charge-to-radius  ratio  metals  since  they  occupy  three 
coordination  sites  and  bear  only  a  (-1)  charge.  Because  of  this,  divalent  metal  ions  such  as  Cd2+ 
can  achieve  preferred  octahedral  coordination  geometry  via  binding  two  P-ketoiminate  ligands. 
This  stable  hexacoordinate  configuration  should  prevent  oligomerization  and  thereby  maximize 
volatility  and  thermal  stability.  These  ligands  also  possess  three  variable  organic  substituents, 
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two  in  the  ketoiminate  framework  and  one  in  the  ether  lariat,  which  allows  tuning  of  melting 
point  and  volatility  characteristics.  Under  rigorously  anaerobic  conditions,  the  synthesis  of  bis(p- 
ketoiminato)cadmium  (II)  complexes  2a-c  is  readily  accomplished  via  the  protonolysis  reaction 
between  bis[bis(trimethylsilyl)amido]cadmium(II)  and  reagents  la-c  outlined  in  Equation  1.  The 
key  to  this  synthetic  route  is  that  the  hexamethyldisilazane  byproduct  can  be  easily  removed  in 


O  HN  OR"  toIuene 
Cd[N(SiMe3)2]2  +  2  RT  3h 

la,  R=R'=R"=Me 

lb,  R=R’=Me,  R"=Et 

lc,  R=lBu,  R'=Me,  R"=Et 


2a-c 


(1) 


vacuo  leaving  essentially  pure  products.  Further  purification  is  accomplished  using  vacuum 
sublimation.  The  pale-yellow  crystalline  products  decompose  slowly  when  exposed  to  air,  and 
therefore  are  best  handled  in,  and  stored  under,  an  inert  atmosphere. 

A  second  approach  to  achieving  coordinative  saturation  for  metal  ions  such  as  Cd2+  and 
Zn2+  is  to  use  neutral  ancillary  ligands  to  supplement  the  anionic  ligands.  This  technique  has 
proven  extremely  effective  with  Ba2+,  and  several  groups  have  prepared  and  used  Ba  MOCVD 
precursors  possessing  both  (3-diketonate  and  Lewis  basic  polyether  ancillary  ligands  [15]. 
Recently  we  extended  the  scope  of  ancillary  ligation  to  include  polydentate  amines  for 
preparation  of  Mg2+  precursors  useful  in  the  MOCVD  growth  of  high-quality  MgO  thin  films 
[9c].  Following  the  protocol  for  Mg2+,  potential  Cd2+  and  Zn2+  precursors  were  also  prepared 
using  the  simple  aqueous  route  shown  in  Equation  2  under  ambient  laboratory  conditions.  The 
crude  products  are  insoluble  in  the  E^O/EtOH  reaction  solvent,  a  characteristic  that  facilitates 


O  O 

M(N03)2.xH20  +  2  + 

M=Cd:  x=4 
M=Zn:  x=6 


r; 


% 


N 


NaOH 
R  EtOH,  H20 

i:  5 - — 

R6  RT,  1  h 


(2) 


M  =  Zn:  4a-e 


straightforward  isolation  via  filtration.  The  resultant  air-stable  complexes  are  purified  using 
vacuum  sublimation,  after  drying  over  P4O10  to  remove  any  residual  water.  This  facile  one-step 
preparation  is  completed  using  only  commercially  available,  air-stable  reagents. 

An  important  physical  characteristic  of  useful  MOCVD  precursors  is  the  melting  point. 
The  ideal  precursor  melting  point  falls  within  a  relatively  small  range.  If  the  melting  point  is  too 
low,  the  complexes  are  sticky,  waxy  solids  or  heavy  oils  that  are  difficult  to  handle  and  transfer 
to  precursor  reservoirs.  On  the  other  hand,  high-melting  solids  are  typically  less  volatile  and 
remain  in  the  solid  state  under  typical  film  growth  conditions.  Solids  also  tend  to  sinter,  and  the 
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resulting  surface  area  depletion  causes  diminished  volatility  and  variable  precursor  delivery  rate. 
The  present  precursors  were  engineered  with  these  considerations  in  mind,  and  as  shown  in 
Table  I,  the  melting  points  of  these  complexes  are  highly  dependent  on  the  nature  of  the  organic 
substituents.  From  these  data,  2b,  3c,  and  4c  melt  closest  to  the  ideal  range  (ca.  50-100°C)  for 
use  as  MOCVD  precursors. 

Table  I.  Melting  points  of  several  potential  Cd  and  Zn  MOCVD  precursors. 


complex 

R1 

R2 

RJ 

Rs 

R6 

MP  (°C) 

2a 

Me 

Me 

Me 

. 

- 

- 

148-152 

2b 

Me 

Me 

Et 

- 

- 

- 

98-100 

2c 

'Bu 

Me 

Et 

. 

- 

- 

146-149 

3a 

'Bu 

'Bu 

Me 

Me 

Me 

Me 

154-156 

3b 

CHi 

cf3 

Me 

Me 

Me 

Me 

121-124 

3c 

cf3 

cf3 

Me 

Me 

Me 

Me 

88-91 

3d 

‘Bu 

cf2cf2cf3 

Me 

Me 

Me 

Me 

Liq. 

4a 

‘Bu 

‘Bu 

Me 

Me 

Me 

Me 

196-202 

4b 

‘Bu 

‘Bu 

Me 

Me 

Me 

H 

111-113 

4c 

‘Bu 

‘Bu 

Et 

H 

Et 

H 

93-96 

4d 

'Bu 

‘Bu 

Et 

Et 

H 

H 

88-92 

4e 

‘Bu 

CH2CH(CH3)2 

Et 

H 

Et 

H 

Liq. 

To  confirm  our  goal  of  preparing  volatile,  monomeric  complexes,  x-ray  crystallographic 
analyses  were  performed  on  single-crystal  samples  (grown  from  pentane  solutions  at  -30°C)  for 
one  example  from  each  precursor  class.  The  results  of  this  investigation  are  shown  in  Figure  1 
[16].  Both  ligand  configurations  clearly  satisfy  the  Cd2+  and  Zn2+  coordinative  requirements  and 
lead  to  discreet  monomeric  complexes.  In  2b,  both  (3-ketoiminate  ligands  bind  in  a  tridentate 
fashion.  The  Cd-Oether  bond  is  considerably  longer  [2.614(9)  A]  than  the  Cd-Oketonate  bond 
[2.220(8)  A],  and  the  average  Cd-N  bond  length  is  2.224(10)  A.  The  bond  angles  typify  a 
severely  distorted  octahedral  geometry,  with  the  greatest  departure  from  90°  in  the  02A-Cd-N1A 
angle  of  69o.8(3)°  and  the  Ol  A-Cd-OIB  angle  of  1 10.00(8)°.  The  average  Cd-Oketonate  bond  in  3c 
[2.351(3)  A]  is  longer  than  that  of  2b.  As  would  be  expected,  the  average  Cd-N  bond  in  3c  is 
longer  than  that  of  2b  as  a  consequence  of  the  dative  nature  of  the  diamine  ligation.  The  shorter 
average  metal-ligand  bond  distances  in  the  Zn  complex  4a  [Zn-O:  2.044(2)  A;  Zn-N:  2.245(3)  A] 
relative  to  3c  can  be  attributed  to  periodic  trends.  When  compared  to  2b,  a  lesser  degree  of 
distortion  is  observed  in  the  ligand  bite  angles  of  3c  and  4a.  The  average  O-Cd-O  angle  in  3c  is 
80.17(8)°,  and  the  N2C-Cd-NlC  angle  is  78.80(10)°.  The  corresponding  parameter  in  complex 
4a  is  even  closer  to  90°,  with  an  average  O-Zn-O  angle  of  87.04(8)°  and  a  NlC-Zn-N2C  angle  of 
81.07(11)°.  Despite  the  fact  that  3c  and  4a  were  prepared  via  an  aqueous  route,  no  coordinated 
water  is  observed,  a  characteristic  supported  by  thermal  studies  ( vide  infra).  This  contrasts  the 
structure  and  thermal  behavior  of  the  glyme  adducts  of  Zn(hfa)2  [17]. 
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Figure  1 .  Solid  state  molecular  structures  of  MOC VD  precursors  2b,  3c,  and  4a. 

All  CVD  precursors  were  analyzed  using  reduced  pressure  thermogravimetric  analysis 
(TGA)  to  compare  volatility  characteristics  [18].  Figure  2 A  shows  the  weight  loss  data  as  a 
function  of  temperature  for  Cd  complexes  2a,  3a,  3c,  and  3d.  From  these  data  and  the  linear 
thermal  activation  plots  of  sublimation  rate  vs.  1/T  in  Figure  2B,  complex  3c  cleanly  volatilizes 
with  no  decomposition  (weight  retention)  at  the  lowest  temperatures.  In  general,  the  p- 
diketonate/diamine  complexes  appear  to  be  more  volatile  than  (3-ketoiminates.  The  difference  in 
volatility  characteristics  between  our  new  Zn  precursors  and  Zn(dpm)2  is  less  distinct  (see 
Figures  2C  and  2D).  The  diamine  coordinated  Zn  complexes  equal  or  exceed  the  volatility  of 
Zn(dpm)2  while  melting,  in  some  cases,  at  a  much  lower  temperatures  (vide  supra).  The  one 
exception  is  precursor  4e,  which  appears  to  decompose  upon  volatilization  as  evidenced  by  the 
-10%  residue. 
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A.  B. 


C.  D. 


Figure  2.  Reduced  pressure  TGA  comparison  of  volatility  characteristics  of  potential  Cd 
MOCVD  precursors.  The  weight  loss  comparison  (A)  and  subsequent  thermal  activation  plot  (B) 
were  recorded  at  a  ramp  rate  of  1.5°C/min  and  at  5.00  (±0.05)  Torr  N2  pressure.  The  weight  loss 
comparison  of  some  Zn  complexes  (C)  with  the  region  of  interest  expanded  for  clarity  (D)  is  also 
shown. 

Film  Growth  Studies 


Phase-pure  CdO  thin  films  were  grown  on  glass  substrates  at  a  growth  rate  of  ~3.1 
nm/min  using  3c  as  the  precursor  and  02/H20  as  the  oxidant.  X-ray  diffraction  analysis  of  the  as 
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deposited  films  reveals  only  the  (001)  reflection  of  cubic  CdO,  and  the  absence  of  the  other 
observable  orientations,  suggesting  a  high  degree  of  texturing  (see  Figure  3A).  Similarly,  highly 
textured  ZnO  films,  as  evidenced  by  XRD  data  in  Figure  3B,  have  also  been  grown  on  Coming 
7059  glass  using  4c  as  the  volatile  precursor  and  02  as  oxidant.  Preliminary  transport 
measurements  as  described  elsewhere  [2]  have  also  been  carried  out  for  CdO  films.  At  298K,  the 
conductivity  of  an  as-grown  CdO  film  is  -3000  S/cm  with  n-type  transport  (Figure  4A).  This 
value  is  significantly  higher  than  that  of  CdO  thin  films  grown  by  PVD  methods,  such  as 
pyrolysis  (-  600  S/cm)  [19]  or  magnetron  reactive  sputtering  (~  200  S/cm)  [20].  The 
corresponding  room  temperature  carrier  concentration  (Figure  4B)  and  mobility  (Figure  4C) 
values  are  4.4x1 020  cm  3  and  45  cm2/V*s,  respectively.  The  yellowish  CdO  films  show  a  high 
optical  transmittance  (-85%)  in  the  visible  and  near-infrared  region,  as  shown  in  Figure  4D. 
However,  the  intrinsic  low  energy  gap  (-2.6  eV  as  estimated  from  the  optical  transmission 
spectrum)  results  in  considerable  optical  absorption  at  higher  wavelengths,  which  can  be  shifted 
by  doping  [21]. 


Figure  3.  X-ray  diffraction  0-20  of  an  MOCVD-derived  film  of  CdO  deposited  on  glass  at 
450°C  (A)  and  ZnO  deposited  on  glass  at  475°C  (B). 
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Figure  4.  Variable-temperature  conductivity  (A),  carrier  concentration  (B),  and  carrier  mobility 
(C),  along  with  the  optical  transmittance  (D)  of  an  MOCVD-derived  CdO  thin  film. 

CONCLUSIONS 

This  communication  reports  the  synthesis  and  characterization  of  two  new  classes  of 
monomeric,  highly  volatile  cadmium  and  one  class  of  zinc  MOCVD  precursors.  Solid  state  x-ray 
structural  analysis  on  one  example  from  each  class  confirms  the  monomeric  character  of  these 
complexes.  The  melting  points  of  these  new  precursors  are  easily  tunable  via  variations  in 
organic  substituents  on  the  ligands.  One  Cd  complex  was  utilized  in  preliminary  film  growth 
studies  to  deposit  CdO  on  glass  at  temperatures  as  low  as  350°C.  Similarly,  high-quality  ZnO 
films  were  deposited  on  glass  at  475°C.  Preliminary  transport  and  optical  properties  of  the  CdO 
films  reveal  that  it  is  an  excellent  TCO  material  as  deposited,  and  efforts  to  enhance  these 
properties  through  the  introduction  of  various  dopants  is  currently  underway. 
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ABSTRACT 

Metal  oxides  exhibit  a  wide  variety  of  properties  originating  mainly  from  strong  electron 
correlation.  Electronic  properties  of  oxides  had  been  utilized  mostly  in  the  bulk  form  till 
recently  and  people  frequently  observed  significant  changes  in  such  properties  when  these 
materials  were  converted  into  thin  films.  For  the  electronic  application  in  recent  years, 
hybridization  and  integration  of  materials  in  thin  film  forms  are  becoming  more  and  more 
important.  In  view  of  our  recent  studies  on  high-Tc  superconducting  junctions  and  ZnO  light 
emitting  devices,  this  paper  is  devoted  to  stimulate  the  exploration  of  oxides  as  new 
innovative  electronic  materials  by  discussing  the  control  of  epitaxial  thin  film  growth. 


1.  INTRODUCTION 

Electrofunctional  oxides  are  generally  composed  of  more  elements  including  volatile 
oxygen  than  currently  used  semiconductors  to  give  versatile  crystal  phases  which  can  be 
interchanged  by  external  energies.  Because  of  this  structural  complexity,  the  well  developed 
thin  film  technology  in  semiconductors  cannot  be  simply  applied  to  oxides.  When  we  try  to 
fully  extract  the  potential  ability  of  oxides  in  thin  films  and  devices,  we  must  pay  a  lot  of 
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attention  to  structural  sensitivity  in  the  fabrication  method  and  process  parameters. 

Since  our  first  success  in  the  fabrication  of  high-Tc  superconducting  La2_xSrxCu04_6  thin 
films  by  an  off-axis  sputtering  method[l],  we  have  been  elucidating  key  factors  for  high 
quality  epitaxial  thin  film  growth  of  complex  oxides [2].  In  this  paper,  these  key  factors  are 
discussed  in  relation  to  their  significance  for  device  application  and  exploration  of  new 
structures  and  properties  of  oxide  materials. 

2.  FUNCTIONAL  PRORERTIES  OF  OXIDES 


Electronic  properties  of  semiconductors  are  almost  exclusively  dominated  by  charge 
carriers,  whereas  those  of  metal  oxides  depends  on  spin  and  quantized  energy  states  of 
phonons  and  photons  as  well.  Correlation  among  charge,  orbital,  spin,  phonon  and  photon 
can  produce  a  wide  variety  of  properties  in  metal  oxides  and  are  put  together  in  Table  1. 
Recent  topics  include  intrinsic  Josephson  effect  in  high  Tc  cuprates[3],  colossal 
magnetoresistance  (CMR)  in  (La,Sr)Mn03[4],  quantum  paraelectricity  in  SrTiO-,  [5],  and 
excitonic  UV  lasing  at  room  temperature  in  ZnO[6],  Atomically  controlled  epitaxial  film 
growth  is  important  for  exerting  these  properties  in  plane  films  and  multilayer  devices,  and 
also  for  constructing  artificially  designed  lattices  and  superlattices  that  may  exhibit  novel 
physical  properties. 

Table  1  Functional  properties  of  oxides 


Charge 

Spin 

Phonon 

Photon 

Charge 
e,  h,  ion 
couper  paii 

conductivity 

superconductivity 

electro  magneti  sm 

high  power  magnet 

dielectlicity 

piezoelectricity 

light  emitting  devices 
Kerr  effect 

Josephson  effect 

Spin 

CMR 

Hall  effect 

para-,  ferro¬ 
magnetism 
Meissner  effect 

magnetostriction 
phonon  maser 

Faraday  effect 

Kerr  effect 

NMR,  ESR 

Phonon 

piezo-,  pyro¬ 
electricity 

Seebeck  effect 
superconductivity 

magnetic  phase 
transition 

ultrasonic  reflection 
thermal  conduction 

black  radiation 

Photon 

photonconductivity 
photovoltaic  effect 

magnet-optic 

disk 

photorefractive  effect 
photoacaustic  effect 

photo  luminescence 
optical  fiber 
nonlinear  optics 
laser 
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3.  GROWTH  CONTROL  OF  OXIDE  FILMS 


We  have  been  developing  comprehensive  technologies  for  atomically  regulated  lattices  of 
oxides  through  the  studies  on  high-Tc  superconducting(HTSC)  thin  films(eg.  YBa2Cu307. 
6(YBCO))  and  Josephson  tunnel  junction  for  many  years[7].  Fig.  1  illustrates  junction 
structure  and  key  points  to  realize  the  junction  formation.  In  spite  of  apparent  simple  trilayer 
junction  structure,  it  was  necessary  to  deposit  the  following  eight  layers  for  us  to  observe  a 
junction  characteristics:  SrTiO,  substrate  /  SrO(lML)  /  BaO(lML)  /  YBCO  buffer 
layer(lOnm)  /  a- YBCO  transient  layer(40nm)  /  a- YBCO  highly  crystalline  bottom 
layer(300nm)  /  PrGaO,  insulating  layer(1.2-3.4nm)  /  a- YBCO  buffer  layer(5nm)  /  a- 
YBCO(lOOnm).  Substantially  important  requirements  are  high  crystal  quality,  orientation 
control,  atomic  scale  flatness  of  surface  and  interfaces  of  these  layers,  and  atomic  scale 
precision  in  the  insulating(I)  layer  thickness. 


3-1.  Film  deposition  system:  laser  MBE 

Laser  molecular  beam  epitaxy(LMBE)  system  was  designed  as  a  most  powerful  tool  to 
compromise  most  of  the  key  factors  and  verify  atomically  controlled  epitaxial  growth  of 
oxides[8].  One  of  our  specially  designed  high  temperature  LMBE  systems  is  illustrated  in 


Fig.2[9].  The  system  consists  of  ultrahigh  vacuum  chamber,  a  pulsed  KrF  excimer  laser  with 
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Fig.  1  Schematic  cross  sectional  view  of  a  trilayer  junction  and  problems  and  requirements 

to  fabricate  the  junction. 
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Nd-YAG  laser  is  irradiated  to  the  back  of  the  sample  holder  to  heat  the  substrate.(a) 

The  temperature  is  monitored  by  pyrometer. (b) 

optics,  a  300W  continuous  wave  Nd:YAG  laser  as  a  heat  source  of  the  substrates, 
RHEED(reflection  high-energy  electron  diffraction),  and  CAICISS(coaxial  impact  collision 
ion  scattering  spectroscopy).  Substrate  temperature  can  be  heated  up  to  1400°C  in  oxygen 
atmosphere.  A  focused  pulsed  KrF  excimer  laser  beam  is  impinged  onto  a  sintered  target  of 
the  material  to  be  deposited.  Films  with  same  composition  of  the  targets  were  deposited 
under  an  atmosphere  of  02.  Monitoring  of  RHEED  pattern  and  intensity  of  the  specular  beam 
spot  is  performed,  which  enables  the  fabrication  of  atomically  regulated  epitaxial  films.  The 
determination  of  the  surface  terminating  layer  is  done  by  CAICISS  measurement.  The  crystal 
structure  of  films  is  characterized  by  X-ray  diffractometer  and  the  surface  morphology  is  by 
AFM  and  SEM.  High  resolution  transmission  electron  microscopy  (HR-TEM)  analysis  is 
also  employed  to  examine  the  lattice  and  interface  structure. 

3-2.  Atomic  layer  control  of  substrate  surface 

Not  only  physical  (lattice  parameter,  thermal  expansivity,  surface  morphology)  matching, 
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but  also  chemical  (surface  terminating  atomic  layer)  affinity  is  primarily  important  factor  to 
make  a  heterojunction  well  defined  at  the  interface.  In  the  preparation  of  HTSC  tunnel(SIS) 
junction,  both  of  the  superconducting(S)  and  insulating(I)  layer  thickness  must  be  regulated 
on  an  atomic  scale  in  view  of  the  short  coherence  length  of  HTSC(  f  ab~~2nm  in  the  ab-plane 
and  f  c~~0.3nm  along  the  c-axis).  In  order  to  achieve  this  important  requirement,  both 
physical  and  chemical  factors  of  a  substrate  should  be  taken  into  account.  The  commercially 
available  single-crystal  SrTi03(ST0)  wafers  are  prepared  by  so-called  mechanochemical 
polishing  and  have  a  small  corrugation  of  0.2  to  0.8nm  as  smooth  as  that  of  Si  wafer. 
However,  this  surface  is  not  sufficiently  smooth  for  using  atomically  regulated  epitaxiy.  This 
problem  was  solved  by  developing  the  atomic  layer  lift-off  of  STO  substrates  to  make  the 
surface  composed  of  atomically  flat  terraces  and  0.4nm(unit  cell)  steps  by  the  buffered  HF- 
NH4F(BHF)  solution  [10].  The  method  harnesses  the  chemical  difference  of  basic  A-site 
layer(SrO)  and  weakly  acidic  B-site  layer(Ti02)  and  the  BHF  treated  surface  was  determined 
by  CAICISS  to  be  exclusively  terminated  with  Ti02  atomic  layer.  Other  single  crystal 
substrate  materials(LaA103,  NdGa03,  A1203  etc)  can  also  be  made  atomically  flat  by  a  similar 
procedure  or  just  annealing  under  appropriate  conditions[ll],  contributing  much  to  improve 
the  epitaxial  quality  of  thin  films  to  be  deposited  on  them. 

3-3.  Dimension  controlled  epitaxy  of  SrTi03  films 

STO  thin  films  were  deposited  on  the  BHF  treated  STO(IOO)  substrate  in  10'6  Torr  of 
oxygen  in  the  high  temperature  LMBE  chamber.  At  a  substrate  temperatures  below  900 'C, 
the  STO  film  growth  proceeded  in  layer-by-layer  mode,  as  clearly  indicated  by  the 
oscillatory  nature  of  the  specular  RHEED  spot  intensity  in  Fig.3(a).  This  mode  of  film 
growth  enables  digital  control  of  film  thickness,  thus  being  useful  for  I  layer  deposition  in 
SIS  tunnel  junction. 

Usually  the  crystalinity  and  physical  properties  of  epitaxial  thin  films  are  inferior  to  those 
of  bulk  single  crystal.  We  would  like  to  demonstrate  a  solution  for  this  problem  by  the 
dimension  control  in  epitaxy.  In  general,  crystal  quality  of  the  films  fabricated  by  step-flow 
mode  was  found  to  be  better  than  that  of  layer-by-layer  mode.  By  increasing  the  deposition 
temperature  of  STO  to  1200*0,  RHEED  intensity  behavior  changed  as  depicted  in  Fig.3(b). 
After  every  excimer  laser  pulse,  the  RHEED  intensity  dropped  sharply  and  recovered.  The 
intensity  recovery  time  was  strongly  dependent  on  temperature  and  laser  pulse  frequency. 
This  behavior  corresponds  to  a  momentary  increase  of  surface  roughness  by  adatoms 
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adhesion  (nucleation)  and  their  subsequent  dissociation  and  diffusion  to  the  step  edges  to 
recover  atomically  flat  terraces.  Thus,  the  growth  mode  is  convertible  between  the  layer- 
by-layer  and  the  step-flow  by  such  parameters  as  temperature,  laser  power  and  frequency, 
and  terrace  width  of  the  substrate[12]. 

A  320nm  thick  layer-by-layer  film  at  800 “C  and  a  380nm  thick  step-flow  film  at  1200°C 
were  grown  on  0.5wt%  Nb-doped  (100)  STO  substrates.  Platinum  contacts  (0.5mm  <f>)  were 
used  as  top  electrodes  to  measure  the  dielectric  property.  The  er  value(1050  at  40K)  and 
dielectric  loss  factor(0.015  at  4K  and  <10kHz)  of  the  layer-by-layer  film  are  comparable  to 
the  best  results  reported  on  SrTiO,  films  so  far  (Fig.4(a)).  The  step-flow  film  exhibited  a 
higher  maximum  e,  value  of  4880  at  50K(Fig.4(b)).  The  maximum  er  value  further  jumped  to 
12700  at  4.2K(inset)  when  the  Pt  electrode  was  biased  at  +0.8 V  to  compensate  the 
asymmetric  work  function  of  the  Nb-doped  STO  and  Pt  electrodes[13].  This  er  value  is  as 
high  as  the  value  for  unstrained  single  crystal.  Typical  tan5  value  of  the  step-flow  film  was 
around  0.05  at  4K. 


Fig. 3  RHEED  specular  spot 
intensity  during  homoepitaxy  of 
SrTiO,  (a)  at  800X3  and  2Hz,  and 
(b)  1200°C  and  0.5Hz. 


Fig.  4  Temperature  dependence  of  the 
dielectric  constant  £r  of  a  film  grown  at 
800°C  in  the  layer-by-layer  mode(a). 
Dielectric  constant  of  a  step-flow  film 
grown  at  1200°C,  measured  during 
cooling  (b)  and  during  heating  at  a  +0.8V 
dc  bias(c).  The  bias  dependence  of  £r  at 
4.2K  is  shown  in  the  inset.  The 
measurement  frequency  was  500kHz. 
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3-4.  High  Tc  superconducting  films 

For  the  deposition  of  HTSC  films,  we  must  pay  attention  to  some  other  factors.  These  are 
controlling  of  oxygen  defficiency,  effect  of  top  most  atomic  layer  of  substrate  and  orientation 
control  of  layered  crystal  lattice.  Since  the  first  point  has  been  discussed  frequently  and  can 
be  estimated  by  the  Ellingham  diagram[14],  we  focus  on  the  latter  two  problems. 

(1)  Atomic  layer  effect. 

Such  a  cubic  crystal  as  A2+B4+03  perovskite  consists  of  alternating  stacking  of  AO  and 
B02  atomic  layers  along  the  a,  b,  and  c-axis.  To  study  the  effect  of  substrate  terminating  layer 
on  the  initial  growth  of  YBCO  thin  films  on  STO,  we  used  Ti02  and  SrO  terminated 
substrates.  The  latter  substrate  was  obtained  by  the  deposition  of  1  monolayer  SrO  on  the 
BHF  treated  substrate.  Fig.5  shows  the  AFM  images  for  YBCO  half  monolayer  deposited  on 
the  both  substrates  [7].  On  the  SrO  terminated  substrate,  only  one  unit  cell  roughness  on  step 
and  terrace  substrate  was  observed,  while  on  the  Ti02  terminated  substrate,  higher  roughness 
of  many  precipitates  having  rectangular  shape  was  observed.  These  results  suggested  us  that 
the  formation  of  precipitates  during  the  initial  growth  of  YBCO  thin  films  depended  on  the 
chemical  affinity  between  YBCO  precursors  and  the  surface  atomic  layer  of  STO  substrate. 
When  laser  ablated  YBCO  precursors(CuO,  BaO,  YOx,  ...)  reach  Ti02  terminated  surface, 
dominant  CuO(B-site)  fragments  tend  to  aggregate  rather  than  to  adhere  homogeneously  to 
Ti02  layer,  while  they  can  adhere  homogeneously  to  SrO  surface  due  to  the  high  affinity 
between  CuO  and  SrO  layers.  Hence,  it  is  better  to  use  A-site  terminated  perovskite  substrate 
for  getting  YBCO  thin  films  with  better  surface  morphology. 


Fig.  5  AFM  images  of  the  YBCO  half  monolayer  on  (a)  Ti02  and  (b)  SrO  surfaces.  The 

scanning  area  was  lx lpm2. 
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2)  Orientation  control 

In  view  of  the  anisotropy  in  the  structure  and  coherence  length  of  HTSC,  it  is  desirable  to 
grow  films  with  their  c-axis  oriented  parallel  to  the  substrate  surface  for  the  purpose  of 
fabricating  SIS  junction.  The  orientation  of  YBCO  films  is  known  to  be  controllable  by 
deposition  temperature.  In  case  of  using  STO(IOO)  substrate,  a- YBCO  was  fabricated  below 
600‘C,  while  c-YBCO  was  dominant  above  700 “C  [15,16].  a- YBCO  film  fabricated  at  this 
low  temperature,  however,  exhibited  poor  superconducting  properties  because  of  its  low 
crystal  quality. 

High  quality  a- YBCO  film  was  obtained  by  the  following  procedure[17].  1)  One 
monolayer  of  SrO  on  BHF  treated  STO  substrate,  2)  One  monolayer  of  BaO  to  reduce  the 
lattice  mismatch  between  STO  substrate  and  subsequent  YBCO,  3)  lOnm  a- YBCO  seed  layer 
at  580*0  to  force  the  c-axis  parallel  to  the  substrate  surface,  4)  40nm  a- YBCO  at 
temperatures  increasing  from  580  to  735*C  at  a  rate  of  lOlC/min  to  gradually  improving  the 
crystallinity  of  YBCO  with  keeping  a-axis  orientation,  and  5)  YBCO  film  at  735*0.  By 
inserting  the  temperature  gradient  layer,  this  film  showed  high  crystalinity,  a-axis 
orientation(>99%),  and  Tc  exceeding  90K. 

4.  APPLICATION  OF  GROWTH  CONTROL  TO  NANO  STRUCTURED  FILMS 

The  advanced  growth  technology  described  above  can  be  extended  to  the  exploration  of 
nano  structured  oxide  films  and  their  quantum  properties.  With  a  focus  on  dimension 
controlled  epitaxy,  some  examples  are  given  below. 

4-1.  Perovskite  superlattices 

The  clear  observation  of  RHEED  oscillation  makes  it  possible  for  us  to  fabricate  oxide 
superlattices  which  may  exhibit  novel  electronic  or  optical  properties.  Since  one  period  of 
RHEED  oscillation  corresponds  to  exactly  one  unit  cell  deposition  in  layer-by-layer  growth 
mode,  atomically  designed  superlattices  can  be  fabricated.  We  have  fabricated  AB03/AB’03 
and  AB03/A’B03  superlattices,  where  A  and  A’  are  Sr,  Ba,  and  (La,.x,Srx)  while  B  and  B’  are 
Ti,  V,  Ru,  and  Mn,  by  LMBE  under  the  observation  of  RHEED  intensity  for  digital  control  of 
each  layer  thickness. 
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4-2.  HTSC  wire 

NdBa2Cu307.s(NBC0)  has  the  highest  Tc  among  the  123  family  of  HTSC  and  higher 
decomposition  temperature  than  YBCO.  Fig.6  shows  the  AFM  image  of  a  half  unit  cell  thick 
NBCO  film  deposited  by  increasing  the  growth  temperature  to  850*0  in  200mTorr  oxygen 
on  a  BHF  treated  STO(IOO)  substrate.  It  is  clearly  seen  that  the  film  growth  occurred 
preferentially  along  the  steps,  forming  wires  along  the  step  lines  by  the  step-flow  growth[18]. 

4-3.  ZnO  nano  dot  film 

In  the  case  of  fabrication  of  heteroepitaxial  films,  the  problem  of  lattice  mismatch  is 
serious.  Usually,  this  problem  is  solved  by  inserting  buffer  layers  as  was  seen  in  GaN  film 
growth  on  sapphire  substrate[19].  However,  there  is  a  case  that  such  lattice  mismatch  can  be 
utilized  favorably  to  manifest  a  new  property  which  is  hard  to  be  observed  in  bulk  oxide. 

ZnO  films  in  wurtzite  was  grown  by  LMBE  on  lattice  mismatched(18.3%) 
sapphire(OOOl)  substrates  by  a  spiral  growth  mode  to  show  the  morphology  of  hexagonally 
shaped  nanocrystals  assembled  closely  each  other  as  shown  in  Fig.7.  The  hexagonal 
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nanocrystals  form  columns  with  grain  boundaries  running  parallelly  from  the  interface 
between  ZnO  and  sapphire  to  the  film  surface  and  the  average  spacing  is  almost  the  same  as 
the  nanocrystal  size  seen  in  AFM  image.  The  formation  of  the  nanocrystals  was  explained  by 
the  higher  order  epitaxy [20].  From  this  hexagonal  nano-dot  ZnO  film,  we  observed  optically 
pumped  UV(390nm)  lasing  at  room  temperature [6].  This  new  ZnO  film  laser  attracts  our 
interest  because  not  only  of  its  short  wavelength  but  also  of  its  low  threshold  energy.  This 
unique  and  promising  stimulated  emission  is  presumed  to  originate  from  the  collision  of 
exciton-exciton  confined  in  the  hexagonal  nano  structure  and  the  Fabry-Perot  cavity 
naturally  occurring  in  the  faceted  plane(Fig.S).  Studies  are  in  progress  on  the  bandgap 
engineering  by  ZnO/Zn-Mg-O  superlattices  to  control  the  laser  wavelength  as  well  as  on  the 
p-type  doping  in  ZnO  to  fabricate  current  injected  lasing. 


*M°) 


Fig.  8  Spontanious  emission  intensity  generated  by  exciton-exciton  collision  process  as  a 
function  of  the  angle  between  pumping  stripe  and  in-plane  crystal  axis.  0°  corresponds  the 
ZnO  [1010]  direction.  The  inset  depicts  the  experimental  configuration.  Lasing  occurs  at 
every  60°  in  the  directions  normal  to  the  parallel  edges  of  hexagons. 
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CONCLUSIONS 


Through  years  of  work,  we  have  been  elucidating  and  partly  solving  the  problems  of 
epitaxial  thin  film  growth  of  oxides.  Key  issues  are  atomic  scale  finishing  of  substrate,  the 
conquest  or  utilization  of  lattice  and  thermal  expansion  mismatch,  and  the  nucleation  and 
growth  control  which  influences  the  orientation  and  dimension  of  growing  thin  films.  Careful 
consideration  is  required  on  physics,  chemistry,  and  electronic  states  of  oxide  materials  as 
well  as  on  the  thermodynamics  and  kinetics  of  growth  process  so  that  we  could  understand 
and  solve  the  problems  and  realize  not  only  the  currently  interested  Josephson  tunnel 
junction,  high  dielectric  oxide  film  growth  on  silicon,  and  ultraviolet  laser  emission  but  also 
the  expansion  to  a  new  field  of  oxide  based  electronics. 
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ABSTRACT 

KrF  excimer  laser  ablation  technique  is  used  to  fabricate  the  ferroelectric 
Pb(ZrxTii-x03)(PZT)  capacitor  on  Si(100)  substrate.  The  superconducting  YBa2Cu307.x(YBC0) 
and  the  colossal  magnetoresistive  La0.8Sro.2Mn03(LSMO)  thin  films  are  used  as  bottom 
electrodes  for  the  ferroelectric  capacitive  structure.  The  YBCO  and  LSMO  films  were  studied  to 
understand  the  interface  problems  with  perovskite  oxide  films.  The  fabricated 
PZT/YBCO/ Y SZ/Si  capacitor  shows  the  ferrolectric  properties  of  the  remanent  polarization  of 
20{iC/cm2  and  the  coercive  field  of  40  kV/cm.  Post-thermal  annealing  improves  the  ferroelctric 
properties  and  the  results  are  comparable  with  that  of  the  PZT/YBCO/MgO(100)  structure.  The 
leakage  current  of  the  PZT  capacitor  is  discussed. 

INTRODUCTION 

Ferroelectric  nonvolatile  random  access  memories(FeRAM)  have  attracted  much  attention 
from  the  viewpoint  of  their  high-speed  and  low  voltage  operation,  low  power  consumption, 
long-term  endurance  and  large-scale  integration.  The  lead  zirconate  titanate(  Pb(Zr,Ti)03:PZT) 
thin  films  have  been  one  of  the  promising  candidates  for  the  FeRAM  application  because  of  their 
high  remanent  polarization  and  low  coercive  field.  The  direct  integration  of  ferroelectric  films 
into  the  silicon  technology  without  damaging  the  underlying  semiconductor  devices  has  been 
hampered  due  to  degrading  of  the  ferroelectric  properties  [1].  In  fabricating  the  capacitor  stack 
consisting  of  ferroelectrics  and  electrodes,  the  choice  of  bottom  electrode  materials  is  very 
important  to  avoid  forming  an  insulating  oxide  at  the  PZT-electrode  interfaces.  We  have  studied 
the  PZT  /  perovskite  oxide  YBa2Cu307.x(YBC0)  heterostructures  for  the 
ferroelectric— superconducting  devices[2-4].  The  integration  of  these  structures  into  high 
integrated  silicon-based  devices  requires  the  use  of  buffer  layer  material  between  the  bottom 
electrodes  and  the  silicon  substrate.  YSZ  buffer  layer  is  very  effective  for  preparing 
PZT/YBCO/YSZ/Si(l  00)  structure  having  high-quality  ferroelectric  properties  for  a  nonvolatile 
memory  device. 

In  this  study,  we  report  the  fabrication  of  the  ferroelectric  PZT/YBCO  heterostructures  on 
YSZ-coated  silicon  substrate.  Recently,  colossal  magnetoresistance  (CMR)  in  manganese 
perovskite  has  attracted  considerable  attention  due  to  its  physical  properties  and  potential 
applications.  The  CMR  materials  are  closely  latticed  matched  to  the  perovskite  ferroelectrics 
such  as  PZT.  We  also  report  the  preparation  of  Lai.xSrxMn03(LSMO)  film  needed  for 
PZT/LSMO  structure,  in  which  LSMO  is  used  as  a  bottom  electrode.  KrF  excimer  laser  ablation 
technique  was  used  to  prepare  the  thin  films  and  the  heterostructures. 
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EXPERIMENT 


The  ferroelectric  PZT  ,  superconducting  YBCO  ,  buffer  YSZ  and  colossal  magnetoresistance 
LSMO  films  were  deposited  by  KrF  excimer  laser  ablation  method.  Details  of  the  experimental 
system  are  given  elsewhere[4].  The  ambient  oxygen  gas  was  fed  into  the  stainless  steel  chamber 
(<|>=280  mm)  evacuated  to  a  base  pressure  of  10'7  Torn  Lambda  Physik  LPX305icc  KrF  excimer 
laser  beam  (>.=248  nm,  pulse  duration=25  ns,  maximum  output=850  mJ/pulse)  was  directed  on 
the  rotating  stoichiometric  ceramic  targets  of  PbZro.52Tio.4sO3,  YBa2Cu307.x  and  (ZrO2)0.97 
(Y2O3)0.03.  The  target  was  ablated  and  the  resulting  plasma  plume  was  directed  on  Si(100) 
substrate  placed  in  front  of  the  target.  Figure  1  shows  a  schematic  of  the  PZT  /  YBCO  /  YSZ 
heterostructures  and  the  crystal  structure.  The  distance  between  the  targets  and  Si  substrate  was 
40  mm.  All  films  were  deposited  at  a  laser  repetition  rate  of  5  Hz.  Deposition  of  YSZ  on  the  Si 
(100)  substrate  was  carried  out  in  an  oxygen  pressure  of  1  mTorr  at  775°C  and  laser  energy 
density  of  3  J/cm  .  The  second  YBCO  layer  was  deposited  at  710°C  in  an  oxygen  pressure  of  200 
mTorr.  Finally,  PZT  was  grown  at  550°C  in  an  oxygen  pressure  of  100  mTorr.  The  laser  fluence 
for  YBCO  and  PZT  films  was  2  J/cm2.  After  deposition  whole  heterostructures  were  kept  in  an 
oxygen  pressure  of  600  Torr  at  400°C  for  an  hour  and  cooled  down  to  the  room  temperature.  The 
LSMO  thin  film  was  deposited  on  MgO  substrate  using  a  sintered  Lao.8Sr0.2Mn03  target. 

The  ferroelectric  characteristics  of  the  PZT  film  such  as  P-E  hysteresis  loop  and  switching 
fatigue  property  were  measured  by  Sawyer-Tower  circuit.  LCR  meter  (NF  Electronic  Instruments 
LCZ2345)  was  used  to  measure  the  dielectric  constant  and  tan#  The  whole  structures  were 
examined  using  x-ray  diffractometer  (Rigaku  RINT2000/PC)  with  CuKa  radiation.  The  surface 
morphology  of  the  film  was  observed  by  atomic  force  microscopy  (Seiko  Instruments  Inc. 
SPI3800N).  The  film  thickness  was  estimated  by  cross-sectional  scanning  electron  microscopy 
(JEOL  JSM-T200). 


Au  (<|)=200|j.m) 


(a) 


PZT 


YBCO 


(b) 


Figure  1.  The  schematic  diagram  of  the 
Au/PZT/YBCO/YSZ/Si  heterostructures 
(a)  and  crystal  structure  of  the  PZT  / 
YBCO  (b). 
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RESULTS  AND  DISCUSSION 


Figure  2  shows  the  P-E  hysteresis  loop  for  the  ferroelectric  PZT  films  of  the  capacitive 
structures  which  were  deposited  on  the  silicon  substrate  and  MgO(lOO)  substrate.  The  film 
thickness  for  PZT  and  YBCO  was  400nm.  The  cylindrical  Au  top  electrode  of  a  diameter  200pm 
was  deposited  on  the  PZT  surface  using  thermal  evaporation  method.  The 
Au/PZT/YBCO/YSZ/Si(  1 00)  sample  has  remanent  polarization  Pr  of  20pC/cm2  and  coercive 
field  of  40  kV/cm,  while  the  sample  deposited  on  the  MgO  substrate  shows  Pr  of  3 3 pC/cm2  and 
Ec  of  40  kV/cm,  respectively.  The  triangular  voltage  Vp.p  of  30V  at  1kHz  was  applied  to  measure 
the  P-E  hysteresis  loops. 


-60  . . . . 
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Figure  2.  The  substrate  dependence  of  the  P-E 
hysteresis  loop. 

Post-thermal  annealing  treatment  (02:600Torr,  400°C,  1  hour)  of  the  buffer  YSZ  and  the  bottom 
YBCO  electrode  was  done  to  improve  the  ferroelectric  quality  of  the  PZT/YBCO  heterostructure. 
Figure  3  shows  the  P-E  hysteresis  curves  before  and  after  the  post-thermal  annealing  for  each 
layer.  It  is  observed  that  the  post-annealing  procedure  gives  the  high-quality  PZT/YBCO 
structure.  After  post-annealing,  the  remanent  polarization  of  34pC/cm2and  the  coercive  field  of 
40  kV/cm  were  achieved  and  are  comparable  with  the  properties  of  the  MgO  substrate  sample. 
Figure  4  shows  the  XRD  patterns  of  the  PZT/YBCO/YSZ/Si(100)  heterostructures  with  ( a)  and 
without  the  post-annealing(b).  PZT(52/48)  thin  film  shows  (00 1)  orientation.  The  diffraction 
intensity  of  YBCO(00/),YSZ(00/)  and  PZT(003)  remarkably  increased  when  the  as-deposited 
YBCO  and  YSZ  layers  were  post-annealed.  The  intensity  of  PZT(001)  and  (002)  also  increased. 
However,  a  marked  change  can  not  be  observed  due  to  intensity  saturation  in  post-annealed 
samples. 

Figure  5  shows  the  operating  frequency  dependence  of  the  relative  dielectric  constant  erand 
the  loss  tangent  tan 8 for  the  heterostructures  with  and  without  the  post-annealing.  It  is  shown  that 
the  dielectric  constant  decreases  gradually  with  increase  of  operating  frequency.  The  gradual 
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increase  of  tan S  is  observed  in  the  high  frequency  region.  This  is  related  to  the  increase  of  the 
resistive  current  component  in  the  high  frequency.  Figure  6  shows  the  leakage  current  versus 
electric  field  characteristics  of  PZT/YBCO/YSZ/Si(100)  heterostructures  with  and  without 
post-annealing.  Although  at  low  electric  field  the  thermal  annealing  treatment  contributes  to 
decrease  in  the  leakage  current,  in  the  high  electric  field  region  no  significant  deference  is 
observed.  On  the  other  hand,  the  PZT/YBCO/MgO  structure  showed  the  leakage  current  of  the 
order  from  1  O'9  (  at  20kV/cm)  to  1  O'7  A/cm2  (at  1 60kV/cm). 


Figure  3.  The  post-annealing  effect  on  the  P-E 
hysteresis  property  of  the  Au/PZT/YBCO/YSZ/Si. 


Figure  4.  The  XRD  (0-20)  spectra  of 
heterostructures. 


(b)  without  post-annealing 
the  PZT/YBCO/YSZ/Si 
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Figure  5.  The  post-annealing  effect  on  the 
dielectric  constant  and  loss  tand  of  the 
PZT/YBCO/YSZ/Si. 


Electric  field  E  (kV/cm) 


Figure  6.  The  post-annealing  effect  on  the  leakage 
current  density  of  the  Au/PZT/YBCO/YSZ/Si. 


We  also  fabricated  the  PZT/LSMO  heterostructures  on  the  MgO(lOO)  substrate.  The  LSMO 
film  used  as  a  bottom  electrode  was  deposited  at  the  substrate  temperature  of  800°C  under  the 
ambient  O2  pressure  of  lOOmTorr  with  laser  fluence  of  2J/cm2.  The  P-E  hysteresis  loop  has  Pr  of 
22  jiC/cm2  and  coercive  field  of  50  kV/cm  at  10VP.P  (1kHz).  This  heterostructure  has  a  potential 
of  a  promising  future  device  which  is  affected  by  electric  field  and  magnetic  field. 
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CONCLUSION 

We  have  studied  the  ferroelectric  and  crystalline  properties  of  the  PZT/YBCO  and  the 
PZT/LSMO  structures  fabricated  by  KrF  excimer  laser  ablation  technique.  High-quality  PZT 
films  were  deposited  on  the  YBCO  and  LSMO  bottom  electrodes.  YSZ  coated  silicon  substrate  is 
useful  to  obtain  the  c-axis  oriented  perovskite  electrode  such  as  YBCO  film. 
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ABSTRACT 

Thin  films  of  SrV03  have  been  grown  on  (100)LaA103  and  TiN  buffered  (100)Si  substrates  by 
pulsed  laser  deposition.  The  films  were  deposited  in  temperature  range  of  450°C  -  750°C  and 
under  ambient  oxygen  pressure  between  10'6  and  10‘2  Torr.  Their  structural  properties  were 
characterized  using  a  four-circle  x-ray  diffractometer.  High  quality  SrV03  films  were  obtained 
at  growth  temperatures  above  500°C  without  post  annealing.  Heteroepitaxial  relationship  of 

<  100  >srV0j  I  <  100  >LaAio3  and  <  100  >5*0,  ||  <  100  >iiN  ||  <  100  >si  were  observed  for  films 
deposited  at  >  550°C.  X-ray  photoelectron  spectroscopic  studies  of  the  films  suggest  that  the 
vanadium  is  mainly  tetravalent  and  pentavalent.  Charge  transport  measurements  show  that  the 
films  vary  from  semiconducting  to  highly  conducting  for  different  growth  conditions. 
Resistivity  of  a  few  micro-ohm  cm  was  recorded  for  some  of  the  epitaxial  SrV03  films. 

INTRODUCTION 


Currently,  there  is  great  interest  in  fabricating  highly  conducting  oxide  films  for  use  as 
electrodes  in  applications  such  as  ferroelectric  capacitor  and  solid-oxide  fuel  cell.  Commonly 
used  conducting  oxides  include  YBa2Cu307-x,  Lai-xSrxCo03,  and  doped  lanthanum  manganates. 
SrV03  (SYO)  has  a  perovskite  cubic  structure  with  a  lattice  constant  of  3.84  A.  It  is  known  to 
have  very  low  electrical  resistivity  and  is  therefore  a  suitable  material  for  conducting  oxide 
electrodes.  Indeed  it  has  been  reported  that  high  quality  SVO  films  can  be  fabricated  on  oxide 
single  crystal  substrates  and  resistivities  of  the  order  of  pQ-cm  have  been  achieved  [1].  SVO 
films  directly  grown  on  Si  substrates  have  also  been  attempted.  Only  poor  crystalline  structure 
and  high  resistivity  films,  however,  have  been  obtained  [1,2].  SVO  films  grown  on  Si  through 
thin  buffer  layers  of  Sr  [3]  and  yttria-stabilized  zirconia  (YSZ)  [1]  have  been  reported.  High 
quality  epitaxial  films  have  been  demonstrated  at  substrate  temperature  of  650°C.  This 
relatively  high  deposition  temperature,  however,  is  incompatible  with  the  processing 
temperature  of  about  500°C  commonly  used  in  Si  fabrication  technology. 

In  this  report,  we  present  the  results  of  fabricating  SVO  thin  films  on  LaA103  (LAO)  and 
TiN  buffered  Si  by  pulsed  laser  deposition  (PLD)  method.  Very  high  quality  epitaxial  SVO 
films  grown  on  LAO  substrates  have  been  obtained  and  resistivities  of  3  pQ-cm  and  19  pO-cm 
were  recorded  at  77  K  and  300  K  respectively.  High  quality  heteroepitaxial  SVO/TiN/Si 
structures  have  also  been  fabricated  and  a  low  processing  temperature  of  550°C  has  been 
demonstrated. 
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EXPERIMENT 


In  this  work  the  SVO  films  were  grown  on  (lOO)LAO  and  (100)Si  substrates  by  the  usual 
pulsed  laser  deposition  (PLD)  method.  A  KrF  excimer  laser  (X  =  248  nm)  with  a  repetition  rate 
of  10  Hz  was  used.  The  laser  fluence  was  kept  at  2  and  3  J/cm2  for  the  TiN  and  SVO  film 
depositions  respectively.  The  target  and  substrate  distance  was  maintained  at  4.5  cm.  A  rotating 
multi-target  holder  incorporated  into  our  chamber  was  used  for  in-situ  deposition  of  TiN  and 
SVO  heterostructures.  The  SVO  targets  were  prepared  by  the  standard  solid  state  reaction  using 
high  purity  SrC03  and  V205  powders.  They  were  initially  weighted  and  mixed  according  to  the 
stoichiometric  composition  ratio.  They  were  then  ground  into  fine  powders  and  sintered  at 
850°C  for  5  hours  in  air.  Afterwards  they  were  pressed  into  circular  pellets  of  22  mm  diameter 
and  5  mm  thick.  Finally  the  pellets  were  sintered  at  950°C  for  5  hours  in  air  again.  The  TiN 
targets  were  bought  from  a  commercial  supplier  with  a  stated  purity  of  99.5  %. 

The  substrates  were  ultrasonically  degreased  with  acetone  and  thoroughly  rinsed  with 
deionized  water.  Si  substrates  were  additionally  etched  by  10  %  HF  solution  for  10  minutes  to 
rid  of  the  oxide  layer.  All  substrates  measuring  5x10  mm2  were  adhered  to  the  faceplate  of  the 
ohmic  heater  with  high  temperature  silver  paste.  A  thermal  couple  was  embedded  in  the 
faceplate  and  placed  directly  underneath  the  substrate  for  accurate  monitoring  of  the  film 
deposition  temperatures.  Before  the  ablation,  the  chamber  was  evacuated  to  a  base  pressure  of 
2x10  Torr  by  a  cryo-pump.  SVO  films  were  deposited  under  ambient  oxygen  pressure 
between  10'6  and  10'2  Torr  and  in  temperature  range  of  450°C  -  750°C.  TiN  films  were  grown 
at  the  base  pressure  with  a  fixed  substrate  temperature  of  550°C.  No  additional  post-annealing 
was  made.  The  structural  properties  of  the  as-deposited  SVO/LAO  and  SVO/TiN/Si  were 
characterized  by  a  four-circle  X-ray  diffractometer  using  CuKa  radiation.  The  resistivity- 
temperature  (R-T)  curves  of  the  SVO  films  were  measured  by  a  standard  four-point  probe 
technique  over  a  temperature  range  from.  77  K  to  room  temperature.  X-ray  photoelectron 
spectroscopic  (XPS)  study  of  the  SVO  films  was  carried  out  to  identify  the  valency  state  of 
Vanadium. 


RESULTS 

SrVOVLAO 


SVO  was  grown  on  LAO  substrate  at  deposition  temperature  range  of  450°C  -  750°C.  The 
ambient  oxygen  pressure  was  kept  between  10'6  and  10'2  Torr.  Except  those  deposited  at  high 
vacuum  of  1CT6  Torr,  all  SVO  films  show  poor  crystallinity  and  high  resistivity.  So,  in 
subsequent  studies,  SVO  films  were  grown  at  10'6  Torr  ambient  pressure.  Fig.l  shows  the  X- 
ray  0  -  20  diffraction  pattern  for  SVO/LAO  at  substrate  temperature  of  650°C.  It  is  seen  that 
only  strong  (hOO)  reflections  were  recorded.  The  X-ray  ©-scan  rocking  curves  of  the 
(200)SVO  reflection  shows  a  full  width  at  half  maximum  (FWHM)  of  about  0.9°.  It  indicates 
that  the  film  is  highly  oriented.  The  X-ray  360°  <}>-scan  on  (220)SVO  and  (220)LAO  planes  as 
depicted  in  Fig.2  shows  the  characteristic  four-fold  symmetry.  This  suggests  that  the  SVO  film 
is  cube-on-cube  epitaxially  grown  on  LAO. 

The  resistivity-temperature  (R-T)  curves  of  the  SVO  film  fabricated  at  700°C  is  shown  in 
Fig. 3.  Apparently,  the  SVO  film  is  of  good  metallic  properties.  Resistivity  at  room 
temperature  of  the  as-grown  films  is  19  pQ- cm.  It  decreases  with  temperature  to  3  pQ-cm  at 
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Fig.l  X-ray  0-20  diffraction  pattern  of  S VO/LAO  with  the  SVO  layer  grown 


under  high  vacuum  and  deposition  temperature  of  650°C. 


SrVOVTiN/Si 


Fig.4  shows  the  X-ray  0  -  20  diffraction  patterns  for  the  SVO/TiN/Si  heterostructures 
deposited  at  substrate  temperatures  of  750°C  (a),  700°C  (b),  650°C  (c),  600°C  (d),  550°C  (e). 
It  is  seen  that  highly  oriented  SVO  films  with  strong  (hOO)  reflections  were  prepared.  The 
crystallinity  improves  at  higher  deposition  temperatures.  The  X-ray  co-scan  rocking  curves  on 
the  (200)  reflection  of  the  SVO  and  TiN  films  deposited  at  550°C  give  1.7°  and  1 .6°  at  FWHM 
respectively.  Fig.5  shows  the  X-ray  360°  <j)-scan  on  the  (220)SVO,  (220)TiN  and  (220)Si 
diffraction.  Both  the  TiN  and  SVO  films  were  deposited  at  550°C.  The  characteristic  four-fold 
symmetry  is  observed  and  cube-on-cube  epitaxial  growth  is  suggested.  The  low  temperature 
processing  of  the  SVO/TiN/Si  heterostructure  is  important  for  developing  integrated  devices  on 
Si.  If  SVO  is  directly  grown  on  Si,  there  is  strong  reaction  between  them.  Previous  study  by 
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Fig. 3  Resistivity  against  temperature  of  SVO  on  LAO.  The  deposition  conditions 
for  SVO  was  at  700  °C  and  under  high  vacuum. 


Fig.  4  X-ray  0-20  diffraction  pattern  for  SVO/TiN/Si  with  both  of  the  SVO  and 
TiN  layers  grown  under  high  vacuum  and  with  deposition  temperature  of 
TiN  at  550  °C  and  that  of  SVO  at  (a)  750  °C  (b)  700  °C  (c)  650  °C  (d) 
600  °C  (e)  550  °C 


XPS  on  SVO  grown  on  Si  shows  that  the  VO2  is  reduced  by  silicon  to  metallic  vanadium  [3]. 
In  our  present  work,  however,  the  TiN  buffer  layer  not  only  provide  a  lattice  matched  site  for 
subsequent  SVO  film  growth,  but  a  good  chemical  diffusion  barrier.  Fig.6  shows  the  X-ray 
photoelectron  core  level  spectrum  of  V  2p  and  O  Is  of  as-grown  film  deposited  at  550°C  under 
high  vacuum^  In  a  perovskite  SVO  structure,  the  vanadium  should  be  tetravalent.  The  binding 
energy  of  V  +  and  V  +  are  516.3  and  517.6  ev  respectively.  Our  XPS  results  suggest  that  our 
SVO  films  are  composed  of  both  of  V4+  and  V5+.  The  measured  ratio  of  the  V/Sr  by  XPS  is 
1 .30/1 .48,  which  is  close  to  the  nominal  composition  of  1/1 . 
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Fig. 5  360°  <(>  scan  diffraction  pattern  of  (a)  (220)SVO,  (b)  (220)TiN,  and  (c) 

(220)Si. 


Binding  Energy  (eV) 

Fig.6  X-ray  photoelectron  core  level  spectrum  of  V  2p  and  O  Is  of  as-grown  film 
deposited  at  550°C  under  high  vacuum. 


CONCLUSIONS 


We  have  prepared  conductive  films  of  SVO  on  LAO  and  TiN  buffered  Si  by  pulsed  laser 
deposition  method.  Very  high  quality  epitaxial  SVO  films  grown  on  LAO  substrates  have  been 
obtained  and  resistivities  of  3  pQ-cm  and  19  pQ-cm  were  recorded  at  77  K  and  300  K 
respectively.  High  quality  heteroepitaxial  SVO/TiN/Si  structures  have  also  been  fabricated  and 
a  low  processing  temperature  of  550°C  has  been  demonstrated. 
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ABSTRACT 

The  optical  and  structural  properties  of  ZnO/  MgZnO  superlattices  were 
investigated  by  transmission  electron  microscope,  transmission  measurement  and 
photoluminescence.  The  uncoupled  wells  ranged  in  thickness  from  ~30  A  to  75  A. 
Modulation  of  the  Mg  content  was  observed  in  Z-contrast  TEM  indicating  the  alloy 
composition  was  periodic.  The  density  of  stacking  faults  in  the  superlattice  was  extremely 
high,  however  the  photoluminescence  in  the  narrowest  well  case  was  blue  shifted,  and 
substantially  brighter  than  comparable  bulk  layers  of  ZnO  and  MgZnO  indicating  that  the 
emission  was  enhanced.  Excitonic  features  were  observed  in  the  optical  absorption 
spectra  and  also  revealed  that  diffusion  of  Mg  from  the  barrier  layers  into  the  well  was 
occurring. 

INTRODUCTION 

A  great  deal  of  research  has  been  performed  in  wide  band  gap  semiconductors 
resulting  in  the  commercialization  of  group  III  nitride  blue  lasers,  blue  and  green  light 
emitting  diodes  and  ultraviolet  photodetectors  for  use  in  display  optical  data  storage  and 
solar-blind  detection  applications.1  As  an  alternative  to  the  GaN  material  system  ZnO 
alloys  are  of  substantial  interest.  There  are  many  similarities  between  GaN  and  ZnO, 
they  are  both  wurtzite  and  have  similar  band  gaps,  both  exhibit  strong  excitonic  emission. 
However  the  exciton  binding  energy  is  nearly  3  times  as  large  in  ZnO  (—60  meV)  which 
makes  excitonic  effects  even  more  pronounced.2  As  yet,  p-type  doping  of  ZnO  is  not 
technologically  feasible  although  some  reports  indicate  that  nitrogen  may  act  as  an 
acceptor.3 

We  have  recently  been  focusing  on  the  growth  of  MgZnO  alloys  to  investigate  the 
potential  of  bandgap  engineering  for  the  ZnO  material  system.  While  the  equilibrium 
solubility  of  Mg  in  ZnO  is  ~2  percent  through  pulsed  laser  deposition  we  have  been  able 
to  achieve  metastable  alloys  with  Mg  concentrations  of  up  to  36  percent.4  The  absorption 
and  photoluminesence  spectra  indicated  that  the  exciton  persists  despite  alloy  broadening 
at  room  temperature.  These  alloys  have  been  shown  to  be  thermally  stable  for 
temperatures  less  than  700  °C,  indicating  that  formation  of  stable  heterojunction 
interfaces  should  be  practical.5  A  superlattice  structure  comprised  of  ZnO  and  Mg02Zn08O 
has  also  been  demonstrated  by  Ohtomo  et  al.,  indicating  that  ZnO  alloy  based  quantum 
structures  should  be  feasible6. 

In  this  work  we  report  on  the  growth  of  a  MgZnO  superlattice  by  PLD.  The 
superlattice  was  characterized  by  high-resolution  transmission  electron  microscopy, 
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transmission  measurements  and  photoluminescence.  In  optical  transmission 
measurements,  the  excitonic  features  of  the  absorption  were  enhanced  and  slightly  blue 
shifted.  The  photoluminescence  from  the  sample  was  very  bright  and  blue  shifted  from 
the  corresponding  ZnO  band  edge  value.  While  several  samples  were  examined  optically, 
only  one  sample  has  been  analyzed  by  TEM.  In  transmission  electron  microscopy,  the  z- 
contrast  technique  indicated  that  the  Mg  content  was  modulated  according  to  the  expected 
period  of  the  superlattice.  High-resolution  transmission  microscopy  revealed  numerous 
horizontal  stacking  faults.  The  interface  between  the  MgZnO  barriers  and  ZnO  wells  was 
poorly  defined.  The  well  thickness  was  also  wider  than  expected,  lessening  the 
confinement  which  complicates  the  analysis.  However,  we  found  the  study  illuminating 
since  it  provides  insight  into  the  broadening  mechanisms  and  growth  issues  that  are 
expected  to  be  important  in  the  growth  of  quantum  wells  and  heterostructures  in  this 
material  system. 


EXPERIMENTAL  DETAILS 

The  MgZnO  superlattice  and  bulk  films  in  this  study  were  deposited  by  pulsed 
laser  deposition  on  c-plane  double-side  polished  sapphire.  Before  deposition  the  sapphire 
was  cleaned  in  an  ultrasonic  bath  using  acetone  and  methanol.  The  vacuum  system  was 
evacuated  to  ~5x  10'8  Torr  and  the  substrate  temperature  was  maintained  at  650  °C  during 
deposition.  The  low  temperature  was  intended  to  minimize  Mg  diffusion.  During  growth 
a  pulsed  KrF  excimer  laser  (k= 248  nm,  pulse  width=25  ns,  and  repetition  rate=10  Hz) 
with  laser  energy  densities  in  the  range  of  3-4  J/cm2  was  used  to  ablate  MgZnO  and  ZnO 
sintered  targets.  The  composition  of  the  MgZnO  target  was  the  same  as  that  used  to  grow 
^§36^64^  bulk  layers.  A  1000  A  buffer  layer  of  ZnO  was  deposited  first  to  promote  a 
smooth  growth  mode.  Then  10  alternating  layers  of  ZnO,  ranging  from  -30-75  A  in 
thickness  and  MgZnO  (-120  A),  were  deposited.  The  thickness  of  the  barrier  layers  was 
chosen  to  ensure  that  the  wells  would  be  uncoupled.  The  thickness  of  the  well  was 
controlled  by  deposition  time,  with  the  rate  determined  from  the  growth  of  thicker  films. 

RESULTS  AND  DISCUSSION 

TEM  of  the  ZnO/sapphire  and  MgZnO/sapphire  interfaces  showed  that  the  first 
100  A  of  ZnO  or  MgZnO  had  a  very  high  density  of  defects.  High  resolution  TEM  also 
indicated  the  formation  of  a  spinel  phase  at  the  interface  boundary  in  the  case  of  the 
ZnO/sapphire  interface.  After  the  first  100  A  the  defect  density  was  greatly  reduced  and 
improved  as  the  film  thickness  was  increased.  Threading  dislocations  were  the  dominant 
defect  in  MgZnO  bulk  layers  as  shown  in  Figure  1 .  Threading  dislocations  were  observed 
to  propagate  from  the  interface  to  the  surface.  Some  stacking  faults  were  also  observed  in 
the  bulk  MgZnO  layer. 
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Figure  1.  TEM  of  bulk  MgZnO  alloy.  Threading  dislocations  dominate,  while 
some  stacking  faults  are  visible  in  the  upper  left  comer.  The  insets  show  the 
epitaxial  relationship  between  the  sapphire  and  MgZnO  layer  is  maintained. 

The  superlattice  structure  is  dominated  by  stalking  faults  as  shown  in  Figure  2. 
Additionally,  a  higher  density  of  stacking  faults  is  found  in  the  ZnO  layer.  The  density  of 
stacking  faults  made  it  very  difficult  to  detect  interfaces  between  ZnO  wells  and  MgZnO 
barriers.  However  using  Z-contrast  technique  it  was  found  that  the  brightness  was 
modulated  periodically  with  the  periodicity  expected,  indicating  that  the  Mg 
concentration  was  not  interdiffusing  to  the  point  of  giving  a  homogeneous  alloy  in  the 
superlattice  region.  The  interfaces  of  the  one  sample  examined  were  certainly  not  clearly 
defined,  which  make  independent  confirmation  of  the  well  thickness  by  TEM  impractical. 

The  absorption  spectra  for  three  superlattices,  ZnO,  and  Mg36Zn740  at  room 
temperature  are  shown  in  Figure  3.  The  relative  absorbance  is  scaled  such  that  the  “A” 
exciton  peak  is  the  same  for  each  sample.  In  the  case  of  the  34  %  Mg  sample  the 
thickness  of  the  sample  was  such  that  the  above  band  gap  absorption  was  approximately 
the  same  as  the  other  samples.  In  the  ZnO  sample  the  “A”  and  “B”  excitons  are  very 
apparent,  with  the  “A”  exciton  being  very  pronounced.  As  the  deposition  time  of  the  ZnO 
well  is  decreased  from  18  to  10  seconds  (~75  to  30  A  in  well  thickness)  the  barrier  layer 
composition  decreases  from  -29%  to  -19  percent.  The  line  width  of  the  exciton 
resonance  in  the  barrier  layer  also  decreased  as  the  well  width  was  increased,  indicating 
that  alloy  broadening  was  increasing  with  the  width  of  the  wells. 

The  “A”  exciton  resonance  of  the  ZnO  well  layers  appears  to  be  more  sensitive  to 
the  broadening  mechanisms  than  the  “B”  exciton.  With  the  increased  well  widths  the  “B” 
exciton  became  much  more  pronounced  at  room  temperature.  The  “C”  exciton,  while 
visible,  but  diminished  in  strength  to  the  A  and  B  excitons,  in  the  ZnO  bulk  sample  at  77 
K  was  not  apparent  in  any  of  the  well  layers  comprising  the  superlattice  at  room 
temperature  or  77  K.  The  absorption  spectra  consistently  shifts  to  higher  energies  as  the 
well  width  is  decreased.  The  formation  of  low  percentage  MgZnO  alloys  would  also  be 
expected  to  blue  shift  the  absorption  spectra.  Relatively  little  is  known  about  this  material 
system,  and  while  the  amount  of  strain  and  magnitude  of  piezoelectric  effects  are 


expected  to  be  less  than  that  of  the  GaN/AlGaN  system  they  should  not  be  discounted. 
The  blue  shift  of  the  narrowest  well  width  is  approximately  3  times  that  of  what  can  be 
conservatively  estimated  for  the  strain  effect,  and  the  number  of  defects  present  in  the 
film  should  also  relax  the  thin  film. 


Figure  2.  TEM  image  showing  a  large  number  of  stacking  faults  in  the  superlattice 
region.  A  higher  than  normal  number  of  stalking  faults  is  also  apparent  in  the  ZnO 
buffer  layer. 
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Figure  3.  Absorbance  of  superlattice  films,  bulk  MgZnO  and  bulk  ZnO  film 
scaled  to  “A”  exciton  absorbance.  Note  that  the  barrier  layer  composition  decrease 
as  the  well  deposition  time  increases.  Curves  labeled  with  their  estimated  well 
thicknesses  in  A.  The  thickest  well  is  very  similar  to  bulk  ZnO.  The  50  and  30  A 
wells  are  blue  shifted. 
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The  photoluminescence  (PL)  spectra  of  ZnO  and  ZnO/MgZnO  superlattice  films, 
at  room  temperature,  excited  by  the  270  line  of  an  Ar+  ion  laser  is  shown  in  Figure  4.  The 
luminescence  of  bulk  ZnO  is  usually  very  bright.  The  relative  intensity  of  the  PL  of  the 
superlattice  films  was  substantially  brighter,  but  was  not  quantitatively  measured.  The  PL 
of  bulk  MgZnO  and  ZnO  films  is  also  usually  red  shifted  with  respect  to  the  optical 
absorption  edge.  In  the  superlattices  comprised  of  30  A  and  50  A  wells  the  PL  was  blue 
shifted.  In  the  PL  of  a  superlattice  of  wells  intended  to  be  -12  A  thick,  only  the  barrier 
layer  luminescence,  and  the  ZnO  emission  from  the  buffer  layer  are  observed.  In  this 
sample,  we  believe  no  enhancement  of  emission  was  obtained.  In  the  superlattice  of  50  A 
wells,  the  buffer  layer  is  visible  as  a  shoulder  on  the  long  wavelength  side.  Enhanced 
emission  at  about  362  nm  and  the  barrier  layer  PL  is  apparent  at  -340  nm.  The  30  A  well, 
with  emission  at  -360  nm,  has  a  line  width  comparable  to  that  of  the  bulk  ZnO  film.  The 
buffer  layer  emission  was  not  apparent.  To  explain  this  PL,  we  conjecture  that  while 
clearly  defined  interfaces  are  not  visible  in  TEM,  and  numerous  stacking  faults  are 
present,  confinement  effects  are  still  present  to  enhance  the  emission.  A  counter  argument 
is  that  the  emission  is  from  lower  concentrations  of  MgZnO  formed  by  diffusion  of  the 
Mg  from  the  barriers  into  the  well  regions.  However,  the  TEM  indicates  that  the  alloy 
formed  in  this  manner  is  certainly  not  homogeneous.  The  Z  contrast  TEM  indicates  that 
spatial  variation  is  on  the  order  of  sizes  where  quantum  effects  should  start  to  have  an 
influence.  In  this  case  the  wells  are  not  simple  square  wells,  but  confinement  effects 
could  still  provide  enhancement. 


320  340  360  380  400 

Wavelength  (nm) 

Figure  4,  Intensity  of  PL  spectra  for  MgZnO  superlattices.  The  photoluminescence 
of  the  superlattices  and  a  bulk  ZnO  layer  are  scaled  to  1  for  clarity.  The  actually 
efficiency  of  the  30  A  and  50  A  superlattices  was  actually  significantly  brighter 
than  that  of  the  bulk  ZnO.  The  PL  of  the  superlattice  of  -12  A  wells  was 
diminished  in  comparison  and  is  shown  proportionally. 
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In  conclusion,  the  optical  and  structural  properties  of  ZnO /  MgZnO  superlattices 
were  investigated  by  transmission  electron  microscope,  transmission  measurement  and 
photoluminescence.  The  uncoupled  wells  ranged  in  thickness  from  ~30  A  to  75  A. 
Modulation  of  the  Mg  content  was  observed  in  Z-contrast  TEM  indicating  the  alloy 
composition  was  periodic.  The  density  of  stacking  faults  in  the  superlattice  was  extremely 
high,  however  the  photoluminescence  in  the  narrowest  well  case  was  blue  shifted,  and 
substantially  brighter  than  comparable  bulk  layers  of  ZnO  and  MgZnO  indicating  that  the 
emission  was  enhanced.  Excitonic  features  were  observed  in  the  optical  absorption 
spectra  and  also  revealed  that  diffusion  of  Mg  from  the  barrier  layers  into  the  well  was 
occurring. 
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ABSTRACT 

The  single  quantum  well  heterostructures  of  MgZnO/ZnO/MgZnO  were  grown  on  c- 
plane  sapphire  substrate  by  pulsed  laser  deposition.  The  well  width  was  varied  from  10  nm  to  40 
nm  by  controlling  the  deposition  rate  via  number  of  laser  pulsed  on  ZnO  target.  Using 
photoluminescence  spectroscopy,  we  have  observed  a  blue  shift  with  respect  to  a  thick  ZnO 
reference  sample  when  the  well  width  was  decreased.  These  results  were  fitted  with  calculations 
based  on  the  simple  square  well  model  using  the  appropriate  electron  and  holes  effective  masses. 
The  quantized-energy  and  band  offset  as  a  function  of  well  width,  growth  conditions,  interface 
roughness,  and  possible  quantum  size  effects  on  the  quantum  wells  are  discussed. 

INTRODUCTION 

Over  the  past  several  years,  gallium  nitride  (GaN)  has  been  the  topic  of  intense  research 
due  to  its  potential  for  application  in  several  opto-electronic  devices.  Indeed,  GaN  blue  light 
emitting  diodes  (LEDs)  and  laser  diodes  (LDs)  have  been  realized  using  many  different  designs 
including  double  heterostructures,  single  quantum  wells  (SQW),  and  multiple  quantum  wells 
(MQW)  [1].  However,  due  to  considerably  high  dislocation  densities  in  the  GaN  films  and  a 
short  lifetime  of  the  laser  diodes,  a  search  for  new  and  stable  wide  band  gap  materials  is 
necessary.  Recently,  zinc  oxide  (ZnO)  has  drawn  interest  as  a  potential  alternative  to  GaN  for 
use  in  various  UV  and  blue  light  emitting  devices  [2,3].  ZnO  is  a  direct  band  gap  semiconductor 
that  crystallizes  in  the  wurtzitic,  hexagonal  close  packed  (HCP)  structure.  It  has  an  energy  gap  of 
3.3eV  at  room  temperature;  the  band  gap  can  be  narrowed  or  widened  by  alloying  the  ZnO  films 
with  either  CdO  or  MgO,  respectively.  Moreover,  optically  pumped  lasing  in  ZnO  films  has 
been  successfully  demonstrated  at  room  temperature  [4,5].  Quantum  well  structures  result  in 
enhanced  light  emission  efficiency  due  to  the  carrier  confinement  effect  in  the  active  layer 
sandwiched  between  larger  band  gap  barrier  layers. 

ZnO/Mg0  2Zn00  80  superlattice  structures  have  been  studied  using  the  photoluminescence 
(PL)  and  photoluminescence  excitation  (PLE)  spectroscopy  [6].  A  blue  shift  of  the  PL  and  PLE 
spectra  has  been  observed  indicating  a  quantum-size  effect.  However,  the  superlattice  structures 
are  complicated  for  fitting  calculation.  SQW  structures  are  desirable  for  fundamental  studies  and 
calculation. 

Here,  we  report  for  the  first  time,  MgZnO/ZnO/MgZnO  single  quantum  well 
heterostructures  grown  on  c-plane  sapphire  substrate  by  pulsed  laser  deposition  (PLD).  PL  and 
PLE  results  showed  the  evidence  of  quantum  confinement  effects.  The  results  are  compared  with 
predictions  based  on  the  simple  square  well  model. 

EXPERIMENT 

A  KrF  pulsed  excimer  laser  was  used  for  ablation  of  the  ZnO  and  Mg^Zn^O  targets. 

The  heterostructures  were  deposited  onto  c-plane  (0001)  sapphire  substrates  at  750°C  in  an 
oxygen  background  pressure  of  1  X  10'4  Torr  [2,3].  The  SQW  heterostructures  consisted  of  a 
narrow  band  gap  thin  layer  of  ZnO  (3.3  eV)  sandwiched  epitaxially  between  two  wider  band  gap 
MgxZnNxO  (3.6  eV)  layers.  The  Mg  content  of  the  targets  used  in  this  study  was  fixed  at  0.1 
based  on  the  quality  of  the  films  from  XRD  and  RBS/ion  channeling  results.  The  Mg  content  of 
MgxZnj.x0  films  grown  by  PLD  has  been  previously  reported  [7,8]  to  be  2.5  times  larger  than  that 
of  the  targets  due  to  differences  in  the  vapor  pressure  of  ZnO  and  MgO  at  high  temperature.  The 
thickness  of  ZnO  layer  was  varied  from  10, 20  to  40  nm,  where  as  thickness  of  the  bottom 
MgZnO  layer  was  200  nm  for  all  experiments,  and  the  top  layer  was  fixed  at  100  nm.  The  film 
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thickness  was  controlled  by  varying  the  deposition  time  calibrated  from  the  average  growth  rate 
per  pulse  of  the  single  film  layer  on  sapphire. 

Photoluminescence  (PL)  measurements  were  performed  with  both  CW  and  pulsed  lasers 
at  room  temperature  and  at  liquid  nitrogen  temperature  (77  K).  A  He-Cd  laser  (325  nm)  laser 
and  N-gas  (337  nm)  were  used  as  the  CW  and  pulsed  excitation  source,  respectively.  The  output 
signal  was  collected  from  the  edge-emitting  configuration. 

RESULTS  AND  DISCUSSION 

The  77  K  CW  PL  spectra  of  the  SQW  samples  with  10,  20  and  40  nm  quantum  well 
thickness  are  shown  in  Fig  1 .  For  reference  sample,  PL  from  500-nm  thick  ZnO  film  on  sapphire 
is  also  shown  in  Fig.  1 .  This  reference  sample  has  a  peak  position  at  369  nm  corresponding  to 
3.36  eV.  This  emission  peak  is  attributed  to  radiative  recombination  of  bound  excitons.  The 
spectrum  also  shows  the  two-shoulder  peak  at  a  higher  wavelength  position  that  is  attributed  to 
donor-acceptor  pair  transitions  at  374  nm  with  phonon  replicas  at  384  nm.  The  peak  position  at 
around  340  nm  represents  the  emission  from  MgZnO  barrier  layer.  The  variation  of  the  peak 
position  from  339  to  342  nm  could  be  caused  by  variation  of  Mg  content  in  the  layer  due  to  small 
interdiffusion  during  the  growth  process.  The  more  the  Mg  content  the  lower  the  wavelength 
emission  (higher  energy).  The  weak  peaks  between  340  nm  and  370  nm  belong  to  the  emission 
from  the  ZnO  active  layer  in  the  SQWs.  These  peaks  can  be  clearly  observed  in  the  pulsed  PL 
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Fig.  1  CW  PL  spectra  of  the  SQW  samples  with  10,  20  and  40  nm  quantum  well  (ZnO)  thickness 
at  77  K.  The  PL  of  500  nm  thick  ZnO  films  is  also  shown  as  a  reference  sample. 
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Fig.  2  The  pulsed  PL  spectra  of  the  SQW  sample  with  10, 20  and  40  nm  quantum  well  (ZnO) 
thickness  at  77  K.  The  PL  of  500  nm  thick  ZnO  films  is  also  shown  for  reference. 

spectra  in  Fig.  2.  The  peak  position  for  a  SQW  sample  decreases  as  the  well  thickness  decreases 
with  respect  to  a  thick  ZnO  sample.  We  believe  that  this  blue  shift  of  the  peak  position  relative 
to  ZnO  films  is  due  to  a  quantum  size  effect. 

The  peak  position  and  corresponding  energy  from  CW  PL  is  summarized  in  Table  I. 
These  data  were  fitted  with  the  calculation  based  on  the  simple  square  well  model. 


Table  I  Summary  of  the  peak  position  and  corresponding  energy  from  CW  PL  spectra. 


Lexp  (nm) 

Peak  position 

Peak  position 

AEC  +  AEV  (eV) 

X  (nm) 

Eg(eV) 

X  (nm) 

Eg(eV) 

10 

339.63 

3.6510 

346.90 

3.5745 

0.2175 

20 

342.16 

3.6240 

363.45 

3.4117 

0.0548 

40 

341.80 

3.6279 

368.13 

3.3684 

0.0114 

500 

369.38 

3.3570 

Our  model  assumes  a  finite  square  well  potential  for  both  conduction  and  valence  bands, 
and  that  transitions  occur  only  between  the  first  quantum  state  of  a  bound  electron  and  a  bound 
hole.  The  calculation  parameters  are  defined  as  shown  in  Fig.  3.  EpL,  Eg(MgZnO)  and  EL(ZnO) 
are  obtained  from  the  continuous  PL  spectra  as  shown  in  Table  I.  Lexp  is  the  thickness  of  the 
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active  ZnO  layer.  (AEC  +  AEV)  is  derived  from  the  difference  of  EpL  and  Ee(ZnO).  The  value  of 
effective  mass  of  electron  (0.24)  and  hole  (0.59)  in  ZnO  has  been  taken  from  the  previously 
reported  literature [9].  The  potential  well  (V)  can  be  obtained  from  the  band  offset.  However,  in 
our  knowledge  the  band  offset  between  ZnO  and  MgZnO  is  not  available.  So,  the  band  offset  is 
treated  as  one  parameter  defined  as 


V  =  C[Eg(MgZnO)-Eg(ZnO)]  (1) 

where  C  has  a  value  from  0  to  1 . 
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Fig.  3  Schematic  diagram  of  the  calculation  parameters. 


Fig  4  The  calculated  well  width  as  a  function  of  conduction  band  offset  for  10  nm  thick  quantum 
well  sample. 
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By  assuming  the  well  widths  of  the  conduction  and  valence  bands  to  be  equal,  the  well 
width  was  calculated  as  a  function  of  conduction  band  offset  as  plotted  in  Fig.  4  for  10  nm  thick 
quantum  well  sample.  The  calculated  well  width  varied  between  0.58-1 .08  nm  as  the  band  offset 
increased  from  0  tol .  Surprisingly,  the  well  width  varied  in  the  narrow  range  as  a  function  of 
band  offset  in  each  SQW  sample.  For  comparison,  the  experimental  and  calculated  well  width 
are  summarized  in  Table  II.  The  calculated  values  are  about  one  order  of  magnitude  less  than 
that  of  experimental  values.  A  possible  explanation  for  this  difference  is  that  Mg  content  in 
MgZnO  barrier  layer  diffused  into  the  well  layer  making  the  well  layer  thinner  than  expected.  It 
has  been  reported  [10]  that  the  thermodynamic  solubility  limit  of  Mg  in  MgZnO  films  is  actually 
15  moIe%.  By  comparing  the  band  gap  value  to  the  previous  report  [7],  the  actual  Mg  content  in 
our  case  should  be  around  19  mole.  This  value  exceeds  the  thermodynamic  solubility  limit  and 
the  diffusion  should  occur  during  the  growth  process  at  750  °C.  To  avoid  the  diffusion,  a  barrier 
layer  with  Mg  content  less  than  15  mole%  would  be  ideal  for  this  experiment.  The  other 
possible  explanations  are  the  over-simplification  of  the  model,  interface  roughness  of  ZnO  films, 
band  bending,  strain  effect  or  quantum  confined  stark  effect. 

Table  II  Summary  of  the  experimental  and  calculated  well  width. 


Lexp  (nm) 

Lcai  (nm) 

10 

0.58-1.08 

20 

2.39-4.44 

40 

6.49-12.07 

CONCLUSIONS 


We  have  successfully  grown  the  single  quantum  well  heterostructures  based  on  ZnO  and 
Mg  ZnO  alloys.  A  quantum  size  effect  has  been  demonstrated  from  a  blue  shift  of  PL  peak 
position  with  respect  to  a  thick  ZnO  film  on  sapphire.  By  using  the  simple  square  well  model, 
the  well  width  as  a  function  of  band  offset  has  been  calculated.  The  calculated  well  width  does 
not  agree  well  with  calibrated  thickness  of  ZnO  active  layer  presumably  due  to  the  interdiffusion 
of  Mg. 
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ABSTRACT 

We  have  evaluated  lanthanum  strontium  cobalt  oxide  (Lao.5oSro.5oCoOx;  LSCO  50/50)  as  a 
candidate  “transparent”  electrode  for  use  in  an  electrostatic  shutter-based  infrared  sensor 
protection  device.  The  device  requires  that  the  electrode  be  transparent  (80%  transmission)  and 
have  moderate  sheet  resistance  (300  -  500  Q/sq.).  To  meet  these  needs,  the  effects  of  post¬ 
deposition  annealing  on  the  resistivity  and  optical  absorption  characteristics  of  sputter  deposited 
LSCO  thin  films  were  studied.  The  as-deposited  films  were  characterized  by  an  absorption 
coefficient  of  ~  12,500  cm'1  and  resistivities  of  ~  0.08  to  0.5  Q-cm.  With  annealing  at  800°C, 
the  resistivity  decreased  to  350  pQ-cm,  while  the  absorption  coefficient  increased  to 
~  155,000  cm'1.  By  using  a  post-deposition  annealing  step  at  800°C  and  controlling  film 
thickness,  it  appears  that  a  standard  LSCO  50/50  material  may  possess  the  requisite  conductivity 
and  optical  transmission  properties  for  this  sensor  protection  device. 

INTRODUCTION 

“Optical”  information,  whether  obtained  by  electronic  sensors  or  the  vision  of  an  individual 
soldier  or  aircraft  pilot,  is  becoming  of  greater  importance  in  a  range  of  battlefield  management 
scenarios.  Because  of  the  increased  reliance  on  optical  information,  protection  of  sensor  systems 
is,  therefore,  also  becoming  ever  more  important.  At  the  same  time,  the  threat  of  damage  to 
these  sensors  by  antagonistic  forces  is  also  increasing.  While  the  U.S.  and  other  governments 
have  agreed  to  prohibit  the  use  of  weapons  that  are  designed  to  cause  blinding,  the  use  of  tunable 
lasers  by  terrorist  organizations  still  poses  a  significant  threat  [1].  Thus,  devices  that  provide 
optical  limiting  and  serve  to  protect  sensor  systems  are  of  great  importance  to  the  U.S.  Military 
because  of  the  increasing  threat  of  optical  “warfare”  and  the  critical  need  for  battlefield 
intelligence  information  that  is  obtained  by  human  sources  and  electronic  sensors. 

One  sensor  protection  approach  is  an  electrostatic  shutter  [2]  that  can  be  operated  at 
frequencies  approaching  100  kHz.  A  schematic  of  this  shutter,  which  is  currently  under 
development  at  MCNC  [3],  is  illustrated  in  Fig.  1.  The  device  is  being  designed  for  utilization 
with  sensors  that  operate  in  the  3  -5  and  8  -  12  pm  bands.  In  the  “on”  state,  the  shutter  is  open 
(curled)  and  the  underlying  sensor  device  is  utilized  to  gather  information.  When  an  optical 
threat  is  sensed,  through  an  associated  photodiode  or  similar  device,  a  signal  is  sent  to  close  the 
shutter,  thus  protecting  the  sensor.  The  shutter  is  actuated  via  an  electrostatic  mechanism. 

For  the  operation  of  the  device,  stringent  material  requirements  are  placed  on  the  shutter 
itself  as  well  as  the  supporting  substrate,  electrode,  and  insulating  layers.  In  general,  the 
substrate,  electrode  and  insulator  should  be  as  transparent  as  possible  to  limit  the  reduction  in  the 
sensitivity  of  the  device,  but  the  electrode  must  also  possess  an  adequate  conductivity  to  close 
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Fig.  1.  Electrostatic  shutter  for  the  protection  of  optical  sensor  systems  [2,3], 

the  shutter  electrostatically.  Target  goals  for  the  transparency  and  resistance  of  the  electrode  are 
80%  transmission  and  a  sheet  resistance  of  300  to  500  Q/sq. 

The  focus  of  the  present  research  is  to  evaluate  lanthanum  strontium  cobalt  oxide  (LSCO) 
for  use  as  the  lower  electrode.  While  a  variety  of  materials  may  be  considered  for  this  layer,  the 
moderate  resistance  and  high  transparency  demanded  place  fairly  stringent  requirements  on 
material  performance.  Since  LSCO  demonstrates  a  “free  carrier”  conduction  mechanism,  it  is 
expected  that  increases  in  the  conductivity  of  the  material  will  be  accompanied  by  a  decrease  in 
transparency.  For  the  design  of  new  materials,  the  optimal  approach  is  to  achieve  high 
conductivity  through  enhancement  of  the  carrier  mobility,  rather  than  an  increase  in  carrier 
concentration.  This  method  improves  conductivity  without  degrading  the  transmission 
characteristics  of  the  material  as  extensively.  However,  due  to  previous  experience  with  LSCO, 
and  preliminary  results  that  indicated  that  resistivity  was  strongly  dependent  on  post-deposition 
annealing  conditions  [4],  we  have  evaluated  the  suitability  of  LSCO  for  this  application. 

In  this  paper,  we  report  on  the  effects, of  post  deposition  annealing  on  the  resistivity  and  IR 
transmission  characteristics  of  sputter  deposited  LSCO.  A  composition  of  (La0.5oSr0.5oCoOx)  was 
utilized  since  it  was  previously  reported  to  have  the  lowest  resistivity  [5-8].  We  have  attempted 
to  meet  the  device  requirements  of  80%  transmission  and  300  Q/sq.  sheet  resistance,  which  may 
be  considered  as  engineering  parameters,  through  control  of  intrinsic  material  properties 
(extinction  coefficient  and  resistivity)  and  tailoring  of  film  thickness.  In  the  present  study,  these 
properties  are  manipulated  through  control  of  crystalline  quality  via  post-deposition  annealing  at 
different  temperatures.  To  maximize  the  transparency  of  the  electrode  layer,  it  may  be 
anticipated  that  thin  layers  will  be  required.  Therefore,  we  also  discuss  our  preliminary  results 
on  the  effects  of  film  thickness  on  the  resistivity  of  the  LSCO  layers. 


EXPERIMENTAL 


The  LSCO  films  were  deposited  by  rf-magnetron  sputtering  with  two  different  systems:  (i) 
a  Unifilm  Technology,  Inc.  PVD-300  with  a  3”  diameter  target  that  utilizes  substrate  rotation  and 
scanning  (lateral  motion  of  the  substrate  under  the  source)  to  provide  a  high  degree  of  film 
uniformity  [4];  and  (ii)  a  fairly  standard  Kurt  J.  Lesker  system  with  a  3”  sputter  gun.  Films  were 
deposited  onto  (100)  LaA103,  BaF2,  and  (100)  MgO,  and  thickness  was  varied  from  15  to  150 
nm  through  control  of  deposition  time.  Both  systems  were  evacuated  to  a  background  pressure 
in  the  range  of  10'7  torr  prior  to  deposition.  Table  I  provides  a  summary  of  the  deposition 
conditions  utilized.  Following  deposition,  the  films  were  annealed  in  air  at  temperatures  ranging 
from  300  to  850°C  for  times  of  either  30  or  60  minutes. 
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Table  I.  Experimental  conditions  for  the  sputter  deposition  of  LSCO  50/50  thin  films. 


Deposition  Parameter 

Unifilm  Technology,  Inc.  PVD- 
300  [41 

Lesker  Sputtering  System 

02:Ar  sputter  qas  ratio 

0:100-50:50  (seem) 

0:100  -  50:50  (seem) 

Deposition  Pressure 

10  mtorr 

10-40  mtorr 

RF  power  density 

1.5  w/cm* 

4.4  w/cnf 

Target  to  substrate  distance 

3.5  cm 

3 -5  cm 

Substrate  scanning  mode 

97%  uniformity;  4”  diameter 

NA 

Deposition  temperature 

Ambient 

Ambient 

Resistivities  of  the  films  were  characterized  using  a  standard  4-point  probe  resistance 
measurement  technique.  Infrared  transmission  properties  were  studied  with  a  Nicolet  Magna550 
spectrometer  and  subtracting  the  substrate  transmission  characteristics  as  the  background. 
Thicknesses  of  the  films  were  determined  either  by  cross-sectional  SEM  method  or  by  using  the 
SEM  results  to  calculate  the  sputtering  rate,  and  then  specifying  a  particular  sputter  deposition 
time.  Absorption  coefficients  of  the  films  were  estimated  using  a  simple  Beer’s  Law 
approximation;  reflection  losses  were  neglected.  While  the  estimate  is  not  as  accurate  as  actual 
measurements  of  refractive  index  and  absorption  coefficient,  it  at  least  gives  a  general  feeling 
regarding  the  absorbtivity  of  the  films.  Film  composition  was  not  investigated  in  this  study,  but 
previous  studies  have  shown  that  the  composition  of  the  films  may  vary  during  deposition  [4], 

RESULTS  AND  DISCUSSION 

Fig.  2  shows  the  effects  of  post-deposition  annealing  on  the  resistivity  of  the  LSCO  films. 
The  films  prepared  previously  by  Raymond  [4]  were  approximately  150  nm  in  thickness  while 
those  shown  for  the  current  study  were  50  nm,  except  for  the  850°C  film  that  is  145  nm  thick.  In 
the  as-deposited  state,  the  resistivity  of  the  film  deposited  by  Raymond  [4]  is  approximately 
0.3  Q-cm.  Similar  resistivity  values  (0.08  to  0.5  Q-cm)  were  obtained  for  the  as-deposited  films 
of  the  present  study  prepared  with  a  different  sputtering  system.  Atomic  force  microscopy 
investigations  suggest  that  the  as-deposited  films  are  at  least  partially  crystallized,  although  we 
have  not  verified  this  with  x-ray  diffraction  at  this  time.  With  annealing  at  800  -  850°C,  the 
resistivity  of  both  sets  of  films  decreased  by  about  3  orders  of  magnitude  to  ~  350  -  750  pd-cm. 
The  lower  value  compares  favorably  with  the  best  reported  values  for  this  material  [5-8], 

The  resistivity  of  the  films  also  varied  systematically  as  a  function  of  post-deposition 
annealing  temperature.  For  the  films  prepared  by  Raymond,  annealing  at  lower  temperatures 
appears  to  initially  increase  the  resistivity  (note  the  measured  value  for  the  400°C  anneal), 
followed  by  a  strong  decrease  in  resistivity  with  annealing  temperature.  In  contrast,  while  the 
results  of  the  present  study  also  suggest  a  strong  relationship  between  annealing  temperature  and 
resistivity,  no  increase  in  resistivity  is  observed  for  lower  annealing  temperatures,  at  least  for  the 
50  nm  films.  Further,  the  dependence  of  resistivity  on  annealing  temperature  does  not  appear  to 
be  as  strong  as  for  the  samples  prepared  earlier  by  Raymond  [4].  The  results  do  indicate, 
however,  that  for  both  thicknesses  (50  and  150  nm),  it  is  possible  to  “tune”  the  resistivity  of  the 
films  by  the  choice  of  the  post-deposition  annealing  temperature. 

Since  conductivity  is  related  to  the  concentration  of  free  carriers,  the  variation  in  resistivity 
with  annealing  suggests  that  the  optical  properties  of  the  films  in  the  infrared  region  (which  are 
also  dependent  on  carrier  concentration)  should  also  strongly  depend  on  the  post-deposition 
annealing  conditions.  This  relationship  between  transmission  and  annealing  temperature  is 
shown  in  Fig.  3.  It  may  be  seen  that  the  optical  transparency  decreases  concomitantly  with  the 
resistivity,  shown  previously  in  Fig.  2.  The  values  reported  in  this  figure  are  for  a  wavelength  of 
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Fig.  2.  Resistivity  of  LSCO  electrodes  as  a  function  of  post-deposition  annealing  conditions. 

8.3  pm,  which  is  just  above  the  cut-off  of  the  LaAlC>3  substrate.  The  percent  transmission  for  the 
unannealed  150  nm  film  is  ~  82%  while  the  corresponding  film  annealed  at  800°C  displays  a 
transmission  of  only  ~  9%.  This  suggests  that  as  the  post-  deposition  annealing  temperature  is 
increased,  the  concentration  of  free  carriers  is  increased,  which  promotes  more  intense 
absorption.  The  transmission  results  for  the  as-deposited  film  explain  our  interest  in  this  material 
as  a  “transparent  oxide  conductor.”  In  the  unannealed  state,  the  transmission  is  high  but  the 
resistivity  is  still  relatively  low  (<  1  O-cm). 

We  have  also  calculated  the  effective  absorption  coefficients  of  the  films  as  a  function  of 
annealing  temperature  using  Beer’s  law  and  the  results  are  shown  in  Fig.  4.  In  these  calculations 
we  have  neglected  reflection  losses.  As  expected  from  the  measured  transmission  characteristics 
of  the  films,  an  increase  in  annealing  temperature  causes  a  significant  increase  in  the  absorption 
coefficient  of  the  film.  Values  of  the  absorption  coefficient  range  from  ~  12,500  cm'1  for  the  as- 
deposited  film  to  ~  1 55,000  cm'1  for  the  film  annealed  at  800°C.  While  these  values  are  only 
rough  estimates  they  suggest  that  the  optical  absorption  of  the  materials  is  not  as  strong  a 
function  of  annealing  temperature  as  resistivity.  While  the  resistivity  varied  by  nearly  three 
orders  of  magnitude  over  the  annealing  temperature  range  studied,  the  absorption  coefficients 
varied  by  slightly  more  than  one  order  of  magnitude.  We  also  note  that  by  studying  the 


Fig.  3.  Transmission  of  150  nm  thick  LSCO  50/50  films  at  8.3  pm  as  a  function  of  post¬ 
deposition  annealing  temperature. 
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Annealing  Temperature  (C) 

Fig.  4.  Calculated  absorption  coefficients  of  LSCO  50/50  thin  films  as  a  function  of  annealing 
temperature. 

transmission  characteristics  of  films  with  different  thicknesses,  an  estimate  of  the  reproducibly  of 
the  calculated  absorption  coefficients  is  possible.  Calculated  absorption  coefficients  were  within 
5%  for  films  that  varied  in  thickness  from  50  to  150  nm;  i.e.,  similar  absorption  coefficients  were 
obtained  for  the  50  nm  films  prepared  on  BaF2  and  MgO  as  for  the  150  nm  films  prepared  on 
LaA103.  These  results  imply  that  for  the  annealing  temperatures  investigated,  no  chemical 
interaction  occurred  between  the  BaF2  or  MgO  substrates  and  the  LSCO  films. 

Based  on  these  results  we  also  speculate  that  there  is  a  well-defined  relationship  between 
resistivity  and  absorption  coefficient  in  LSCO,  although  we  have  not  studied  this  relationship  in 
detail.  The  measured  absorption  coefficients  at  3.0  pm  are  apparently  higher  but  we  attribute  this 
difference  to  an  increase  in  reflection  losses  at  this  wavelength  which  are  not  accounted  for  in 
our  simple  Beer’s  law  calculation.  The  increase  in  reflection  is  expected  due  to  the  higher 
refractive  index  at  shorter  wavelength. 

The  absorption  coefficient  and  resistivity  data  were  then  used  to  determine  the  suitability  of 
the  LSCO  films  annealed  under  different  conditions  for  use  in  the  electrostatic  shutter 
application.  The  results  of  these  calculations  are  presented  in  Table  II,  in  terms  of  the  film 
maximum  thickness  that  may  be  used  while  still  retaining  80%  transmission,  and  the  minimum 
film  thickness  required  to  obtain  a  sheet  resistance  of  300  or  500  O/sq.  It  may  be  seen  in  the 
table  that  the  best  opportunity  to  use  LSCO  for  this  application  occurs  for  the  highest  annealing 
temperature  where  crystalline  perfection  would  be  expected  to  be  greatest.  For  LSCO  annealed 
at  800°C,  to  obtain  a  sheet  resistance  of  500  Q/sq.,  the  film  needs  to  be  at  least  5  nm  thick,  while 
to  obtain  the  desired  transparency,  the  film  must  be  thinner  than  14  nm. 

Hence,  following  this  preliminary  study,  LSCO  still  appears  to  be  a  viable  candidate 
electrode  for  this  application.  However,  this  evaluation  neglects  the  fact  that  as  film  thickness  is 
decreased,  it  may  no  longer  be  possible  to  retain  bulk  material  property  values.  To  begin  to 
investigate  the  effect  of  thickness  on  resistivity,  films  with  thicknesses  ranging  from  15  to  145 
nm  were  prepared,  subjected  to  different  annealing  conditions,  and  characterized.  The  results  of 


Table  II.  Opportunities  for  engineering  the  resistance  and  transparency  properties  of 
LCSO  through  the  control  of  annealing  conditions. 


Post-Deposition  Annealing 
Temp.  (°C) 

Maximum  Thickness  for 
80%  Trans,  (nm) 

Minimum  Thickness 
for  500  Q/sq.  (nm) 

Minimum  Thickness 
for  300  Q/sq.  (nm) 

As-Deposited 

180 

3400 

5670 

500 

74 

210 

350 

600 

16 

26 

43 

800 

14 

5 

9 
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Fig.  5.  Effect  of  film  thickness  of  LSCO  50/50  on  the  measured  resistivity  as  a  function  of 
annealing  temperature. 

these  preliminary  studies  are  shown  in  Fig.  5.  The  resistivity  of  the  films  seems  to  be  more 
dependent  on  thickness  at  the  lower  annealing  temperatures,  while  at  annealing  temperatures 
above  650°C,  this  dependence  seems  less  pronounced.  However,  further  studies  are  still  required 
for  films  8  to  15  nm  in  thickness  that  are  annealed  at  800  to  850°C  for  more  conclusive  evidence 
regarding  this  observation. 

CONCLUSIONS 

We  have  studied  the  effects  of  post-deposition  annealing  on  the  resistivity  and  infrared 
transparency  of  LSCO  materials.  Higher  annealing  temperatures  resulted  in  a  three  order  of 
magnitude  decrease  in  resistivity  from  ~  0.3  Q-cm  (as-deposited)  to  350  pf2-cm  (800°C). 
Concomitant  with  the  decrease  in  resistivity  was  an  increase  in  the  optical  absorption  throughout 
the  infrared  spectral  region.  The  calculated  absorption  coefficients  increased  by  approximately 
one  order  of  magnitude  for  the  same  change  in  annealing  conditions.  Despite  this  increase  in 
absorption,  LSCO  appears  to  be  a  viable  electrode  for  this  device,  primarily  due  to  the  moderate 
sheet  resistance  that  is  required  for  this  application. 
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ABSTRACT 

Lanthanide  oxide  thin  films  are  of  increasing  scientific  and  technological  interest  to  the 
materials  science  community.  A  new  class  of  fluorine-free,  volatile,  low-melting  lanthanide 
precursors  for  the  metal-organic  chemical  vapor  deposition  (MOCVD)  of  these  films  has  been 
developed.  Initial  results  from  a  full  synthetic  study  of  these  lanthanide-organic  complexes  are 
detailed. 

INTRODUCTION 

Lanthanide-containing  films  are  of  great  current  interest  to  the  materials  science 
community  [1].  Applications  include  device  buffer  layers  (e.g.,  Ce02)  [2-4],  superconductors 
(e.g.,  LnBa2Cu307.8)  [5],  doped  phosphors  [6-8],  and  solid-state  fuel  cells  [9].  MOCVD  offers 
many  attractions  for  oxide  film  growth,  including  lower  equipment  cost,  easier  scale-up, 
conformal  deposition  on  a  variety  of  complex  substrates,  lower  growth  temperatures,  and  faster 
growth  rates  [10].  However,  the  success  of  MOCVD  depends  on  the  availability  of  volatile, 
thermally  stable  precursors  which  exhibit  constant  vapor  pressure  and  the  ability  to  selectively 
form  the  desired  film  composition  at  the  substrate  surface [1 1,12]. 

The  design  and  realization  of  new  molecular  MOCVD  precursors  offers  a  considerable 
synthetic  challenge.  For  many  applications,  the  metal  ion  of  interest  is  of  large  size  and  therefore 
has  many  coordination  sites  which  require  passivation.  Large  ion  size  is  often  further 
complicated  by  a  low  ionic  charge,  demanding  the  use  of  multidentate  anionic  and/or  donating 
ligands  in  order  to  ensure  a  monomeric  metal  complex  [13,14].  In  addition,  the  use  of  metal- 
carbon  bonded  ligand  frameworks  (e.g.,  a  substituted  cyclopentadienyl  ring  [15])  or  fluorinated 
substituents  [9,16]  often  leads  to  impurity  incorporation  in  films  and  compromises  desired  film 
properties. 

No  commercially-available  lanthanide  precursor  satisfies  all  of  the  above  criteria.  A 
common  type  employs  non-fluorinated  /?-diketonate  ligands  1.  Metal-organic  complexes  based 
on  1  suffer  falling  volatility  over  film  growth  times  due  to  oligomerization,  thermal 
decomposition,  and  sintering  [9,  16-18].  In  addition,  these  sources  frequently  require 
undesirably  high  growth  temperatures  fl6,  19,  20].  The  temperature  of  Ln(l)3  or4  precursors 
often  must  be  ramped  in  order  to  provide  a  constant  precursor  vapor  pressure  in  the  reactor  [21]. 
/?-diketonate  precursor  volatility  and  thermal  stability  have  been  improved  by  the  use  of 
fluorinated  substituents  2,  but  formation  of  fluoride  phases  in  the  resulting  films  is  a  problem, 
and  F  species  corrode  certain  (i.e.,  metal)  substrates  and  reactor  components  [22]. 

The  goal  of  our  earlier  research  was  to  design  a  multidentate,  non-fluorinated  ligand 
system  that  would  address  the  general  precursor  considerations  discussed  above  and  could 
successfully  be  applied  to  the  entire  lanthanide  series,  with  trivalent  ionic  radii  ranging  from 
1.17-1.00  A  (La3+-Lu3+).  In  addition,  a  precursor  that  is  a  liquid  at  typical  reactor  operating 
temperatures  would  avoid  the  sinteririg  problem  commonly  encountered  with  the 
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acac:  R  =  Me  hfa:  R,  =  R2  =  CF3  3a:  R,  =  lBu,  R2  =  R3  =  Me 

dpm:  R  =  lBu  fod:  R|  =  Me,  R2  =  CF2CF2CF3  3b:  Rj  =  'Bu,  R2  =  Et,  R3  =  Me 

3c:  Rj  =  R2  =  Me,  R3  =  Et 
3d:  R,  =  'Bu,  R2  =  Et,  R3  =  Et 
3e:  Rj  =  ‘Bu,  R2  =  Me,  R3  =  Tr 

abovementioned  Ln(l)3  or4  and  Ln(2)3  or4  sources.  Therefore,  the  synthesis  and  characterization 
of  low-melting,  non-fluorinated  lanthanide  complexes  bearing  homoleptic  multidentate  /?- 
ketoiminate  ligands  3  has  been  a  central  goal  [23].  This  ligand  was  originally  explored  by  our 
laboratory  for  coordinative  saturation  of  alkaline  earth  ions  [24].  The  MOCVD  growth  of  high- 
quality,  epitaxial  Ce02  films  using  one  of  the  new  cerium  precursors  was  carried  out, 
demonstrating  the  advantages  of  this  new  precursor  class  [25],  This  film  growth  was  achieved  at 
lower  substrate  temperatures  than  possible  with  other  sources.  The  aim  of  the  present  study  was 
to  elaborate  and  investigate  the  effect  on  precursor  melting  point  and  volatility  characteristics  of 
various  alkyl  substitution  at  the  R,,  R2,  and  R3  sites  of  ligand  3.  The  new  complexes  are  directly 
compared  to  those  previously  communicated  [23],  Ln(3a)3,  where  Ln  =  Ce3+  (4),  Nd3+  (5)  and 
Er3+(6). 

EXPERIMENTAL 

Tris[2,2-dimethyl-5-N-(2-methoxyethyl-imino)-3-heptanato]  lanthanide  complexes,  Ln(3b)s,  Ln 
=  Ce  (7),  Er  (8):  In  a  N2-filled  glovebox,  a  2-neck,  100-mL  round  bottom  flask  fitted  with  a 
rubber  septum  and  reflux  condenser  is  charged  with  Ln[N(SiMe3)2]3  [26]  (2.4  mmol).  The 
reaction  vessel  is  then  removed  from  the  glovebox,  interfaced  to  a  Schlenk  line,  and  24  mL 
xylenes  (dried  and  distilled  from  molten  Na)  added  via  a  syringe.  The  reaction  flask  is  then 
immersed  in  a  pre-heated  oil  bath  (~60°C)  and  the  reaction  mixture  is  stirred  until  homogeneous. 
Immediately,  ligand  3b  (7.9  mmol,  3.3  eq.;  distilled  and  stored  over  molecular  sieves  in  an  N2- 
filled  storage  tube)  is  injected  into  the  reaction  flask,  and  the  solution  refluxed  overnight  (14  h). 
The  volatiles  are  then  removed  in  vacuo  (1  Torr),  and  the  resulting  waxy  solid  is  recrystallized 
from  pentane  at  -30°C  to  afford  a  crystalline  product. 

Complex  7:  m.p.  99-101°C;  *H  NMR  (C6D6):  5 -10.3,  -8.2,  -2.0,  1.2,  2.1,  5.1,  12.9; 
Elemental  analysis  for  C36H6606N3Ce  (%):  Calcd:  C,  55.65;  H,  8.56;  N,  5.41;  Found-  C  55  57- 
H,  8.74;  N,  5.52. 

Complex  8:  m.p.  81-82°C;  ‘H  NMR  (C6D6):  8  -81.0,  -49.4,  -16.7,  -2.7,  1.8,  35.6; 
Elemental  analysis  for  C36H6606N3Er  (%):  Calcd:  C,  53.77;  H,  8.27;  N,  5.23;  Found:  C  53  52- 
H,  8.46;  N,  5.27. 

Tris[4-N-(2-ethoxyethyl-imino)-3-pentanato]  lanthanide  complexes,  Ce(3c)3,  9:  In  aN2-filled 
glovebox,  a  2-neck,  100-mL  round  bottom  flask  fitted  with  a  rubber  septum  and  reflux  condenser 
is  charged  with  1.93g  Ce[N(SiMe3)2]3  (3.4  mmol).  The  reaction  flask  is  then  removed  from  the 
glovebox,  interfaced  to  a  Schlenk  line,  and  34  mL  xylenes  (dried  and  distilled  from  molten  Na) 
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added  via  syringe.  The  reaction  flask  is  then  immersed  in  a  pre-heated  oil  bath  (~60°C)  and  the 
solution  stirred  until  homogeneous.  Immediately,  ligand  3c  (1 1.3  mmol,  3.3  eq.;  distilled  and 
stored  over  molecular  sieves  in  an  N2-filled  storage  tube)  is  injected  and  the  solution  refluxed 
overnight  (14  h).  The  volatiles  and  excess  ligand  reagent  are  then  removed  in  vacuo  (1  Torr)  to 
yield  the  spectroscopically  pure,  somewhat  waxy  complex  9:  m.p.  76-78°C;  H  NMR  (CeDe):  6 
-11.0,  -7.8, -1.5,  1.6,  7.2,  12.3. 


RESULTS 


The  Ln(3)3  complexes  are  synthesized  in  a  single-step  amine  elimination  reaction  by 
refluxing  the  corresponding  lanthanide  tris[bis(trimethylsilyl)amides]  with  an  excess  of  free 
ligand  in  high-boiling  xylenes  overnight  (Eq.  1).  The  desired  species  are  readily  isolated,  since 
the  only  reaction  byproduct  is  the  volatile  amine  HN(SiMe3)2.  The  products  are  purified  by 
recrystallization,  sublimation,  or  by  removing  any  excess  ligand  in  vacuo  to  yield  homoleptic, 
monomeric,  colorful  lanthanide  complexes  [Ce(3)3,  gold;  Nd(3)3,  blue-green;  Er(3)3,  pink].  The 
complexes  are  stable  under  an  inert  atmosphere.  Melting  points  are  found  in  the  60-100°C 
range,  affording  liquid,  constant  surface  area,  thermally  stable  precursors  for  MOCVD. 


Ln[N(SiMe3)2]3  +  3.3 
R 


/R3 

O 


U_1  T  ^ 

HN —  xylenes  \ 


reflux,  14h 


-N^/R2 

\ 

Ln(3)3 


+  3  HN(SiMe3)2  (1) 


The  various  alkyl  substituents  were  deliberately  selected  such  that  lanthanide  precursor 
physical  properties  could  be  assessed  with  respect  to  substitution  effects  at  a  particular  molecular 
site  or  sites.  As  listed  in  Table  I,  several  melting  point  trends  are  noteworthy.  First,  the  melting 
point  decreases  with  ionic  radius  across  the  lanthanide  series  for  a  given  ligand  system  (i.e.,  m.p. 
4,  95-98°C;  5,  78-8 1°C;  6,  65-68°C).  Second,  introduction  of  larger  alkyl  groups  (e.g., 
substitution  of  ethyl  for  methyl)  at  the  R2  site  results  in  an  increase  in  melting  point,  (i.e.,  m.p.  6, 
65-68°C;  8,  81-82°C).  Additionally,  the  introduction  of  a  ligand  with  only  small  substituents 
(i.e.,  3c)  leads  to  a  noticeable  decrease  in  precursor  melting  point,  as  well  as  room  temperature 
consistency  more  like  an  wax  than  a  solid,  as  shown  with  compound  9.  Initial  preparation  of 
Er(3d)3  and  Ce(3e)3  complexes  reveals  that  more  sterically  encumbered  substituents  at  the  R3 
site  lead  to  lower  melting,  more  wax-like  products  than  8  or  4,  respectively. 

Table  I.  Synthetic  yield,  melting  point,  and  coordination  number  of  new  lanthanide 


MOCVD  precursors 

Conrmlex  Yield  (%) 

m.D.f  °C) 

Coordination  # 

7,  Ce(3b)3 

49 

99-101 

N/A 

4,  Ce(3a)3 

85 

95-98 

8 

9,  Ce(3c)3 

60 

76-78 

N/A 

5,  Nd(3a)3 

85 

78-81 

8 

8,  Er(3b)3 

44 

81-82 

7 

6,  Er(3a)3 

85 

65-68 

7 
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Single-crystal  x-ray  diffraction  studies  reveal  a  plausible  explanation  for  the  observed 
melting  point  characteristics.  Generally,  crystal  structures  of  the  8-coordinate  Ce3+  and  Nd3+ 
complexes  [i.e.  4,  5,  and  Nd(3b)3]  reveal  that  two  of  the  three  ligands  are  coordinated  to  the 
metal  through  all  three  possible  donor  sites;  however,  the  third  ligand  is  bidentate,  with  a  non¬ 
coordinating  ether  moiety  (Figure  1).  Conversely,  the  solid-state  structures  of  the  Er3+ 
complexes  6  and  8  are  7-coordinate,  with  two  dangling  ether  groups  (Figure  1).  This  difference 
is  a  manifestation  of  the  lanthanide  contraction,  with  the  smaller  Er3+  ion  being  electrostatically 
satisfied  at  a  lower  coordination  number.  The  crystal  structures  demonstrate  that  the  present 
ligand  is  capable  of  completely  saturating  the  Ln3+  environment,  regardless  of  metal  ion  radius. 
It  can  be  speculated  that  increased  steric  bulk  at  the  R3  site  leads  to  lower  precursor  melting 
points  due  to  decreased  symmetry  of  the  complex.  Similarly,  a  greater  Rj  to  R2  size  difference 
(i.e.,  Ri  =  ‘Bu,  R2  =  Me  versus  R|=  (Bu,  R2  =  Et)  also  lowers  the  symmetry  of  the  complex, 
giving  a  lower-melting  precursor. 


Nd(3b)3  6,  Er(3a)3 

Figure  1.  X-ray  Crystal  Structures  of  complexes  Nd(3b)3  and  6;  arrows  indicate 
non-coordinated  R3  ether  groups 

The  present  lanthanide  precursors  were  further  characterized  by  vacuum 
thermogravimetric  analysis  (TGA)  [27].  An  Arrhenius  plot  (sublimation  rate  versus  inverse 
temperature,  Figure  2)  for  compounds  4  and  7  and  commercially  available  Ce(dpm)4  [28]  allows 
direct  comparison  of  the  volatility  characteristics  of  these  precursors.  Complexes  4  and  7  clearly 
have  substantially  higher  vaporization  rates  and  at  lower  temperatures  than  Ce(dpm)4,  a 
characteristic  preferred  for  optimum  film  growth.  In  addition,  the  sublimation  rates  of  the  /?- 
ketoiminate  precursors  increase  sharply  upon  melting,  reaffirming  the  advantages  of  liquid 
precursors.  It  can  also  be  seen  that  the  more  highly  substituted  complex  7  has  lower  volatility 
than  4. 
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1/T*1000  (K) 

Figure  2.  Vacuum  TGA  data  for  new  and  commercial  cerium  precursors 
CONCLUSIONS 

A  new  series  of  fluorine-free  lanthanide  MOCVD  precursors  has  been  prepared  which 
exhibit  improved  volatility  and  lower  melting  points  than  commercial  sources.  The/?- 
ketoiminate  ligand  is  a  versatile,  multidentate  system,  producing  saturated,  monomeric 
lanthanide  complexes  proven  to  be  excellent  MOCVD  precursors.  Substitution  of  various  alkyl 
moieties  at  the  keto,  imino,  and  ether  sites  of  the  /Lketoiminate  ligand  significantly  affects  the 
melting  point  and  volatility  characteristics  of  the  complexes,  facilitating  the  design  of 
customized  lanthanide  precursors. 
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ABSTRACT 

We  have  succeeded  in  an  epitaxial  growth  of  bismuth  tungstate  (Bi2W06,  BWO)  thin 
films,  one  of  the  bismuth  layer-structure  ferroelectrics  (BLSF),  on  SrTi03  (001)  single  crystal 
substrates  by  a  spin  coating  process.  BLSF  are  known  to  be  one  of  the  promising  materials  for 
ferroelectric  random  access  memory  (FeRAM)  devices.  A  homogeneous  coating  solution  was 
prepared  with  tungsten  hexachloride  and  bismuth  2-ethylhexanoate  as  raw  materials,  and  2- 
(2-methoxyethoxy)  ethanol  and  formamide  as  solvents.  The  as-coated  thin  films  were  sintered 
at  temperatures  from  500  to  800°C  for  lh  in  air.  BWO  crystallized  at  temperatures  above 
500°C.  Any  crystal  phase  was  not  observed  in  the  thin  films  except  for  (001)  phases  of  BWO 
in  the  XRD  patterns.  It  was  confirmed  that  the  thin  film  was  growing  epitaxially  by 
measurement  of  XRD  pole  figure.  The  crystallographic  relationship  of  the  film  and  substrate 
was  B  WO(00 1  )//STO(00 1 ),  BWO[110]//STO[100], 

INTRODUCTION 

Bismuth  layer  structure  ferroelectrics  (BLSF)  in  the  system  (Bi202)2+(An.1Bn03n.1)2' 
(n=l  to  5)  have  a  structure  in  which  the  (Bi202)2+  layers  and  quasi-perovskite  units  are  piled 
up  along  the  crystallographic  c-axis  [1-6].  Bi2W06  (BWO)  is  the  simplest  representative  of 
the  BLSF  family  (n=l).  It  is  polar  at  low  temperature  but  undergoes  a  nonferroelectric 
reconstructive  phase  transition  near  950  to  960°C  [7,8].  In  a  ferroelectric  thin  film,  the 
degradation  of  ferroelectric  properties  by  the  size  effect  becomes  a  problem.  The  size  effect  is 
caused  by  small  crystal  grains.  The  crystal  grains  become  small  when  the  film  thickness  is 
decreasing.  It  also  has  been  reported  even  in  BaTi03,  PbTi03,  and  Pb(ZrxTi1J03  thin  films 
[9,10].  It  may  be  possible  to  solve  the  problem  by  producing  these  ferroelectrics  as  epitaxial 
films.  Preparation  of  epitaxial  Bi2W06  thin  films  has  been  reported  by  pulsed  laser  deposition 
(PLD)  [7],  The  BWO  thin  film  shows  epitaxial  growth  along  the  [100]  direction  on  a  [100] 
oriented  Nb-doped  SrTi03  substrate. 

The  sol-gel  process  has  received  much  interest  due  to  a  potential  of  precise  control  of 
chemical  stoichiometry,  homogeneity,  low  temperature  processing  and  decreasing  costs  [11- 
15].  Preparation  of  epitaxial  thin  films  by  sol-gel  deposition  has  also  been  reported  [16].  In 
this  study,  an  epitaxially  grown  film  of  BWO  was  prepared  by  sol -gel  deposition,  and  the 
evaluation  of  its  properties  was  carried  out. 

At  present,  DRAMs  are  used  as  memories  for  computers.  DRAMs  lose  information, 
when  the  power  of  the  computer  is  cut.  A  ferroelectric  memory  has  a  working  speed  which  is 
equivalent  to  that  of  the  DRAM,  and  it  does  not  lose  information,  since  the  ferroelectric 
property  is  utilized.  The  write  is  excellent  with  1012  to  1013  cycles  without  degradation. 
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Ferroelectric  memories  are  expected  as  a  memory  for  computer  in  the  next  generation  [7,17], 
The  ferrolelctric  properties  of  the  bismuth  layer  structure  ferroelectrics  (BLFS)  are  very 
promising  for  the  application  to  the  ferroelectric  random  access  memory  (FeRAM)  devices. 
The  coercive  field  of  BLSF  is  lower  than  that  in  ferroelectric  simple  perovskite  oxides,  e.g., 
Pb(ZrxTi1.x)03,  which  enables  one  to  operate  the  FeRAM  devices  under  lower  applied 
voltage. 

EXPERIMENTAL 


Generally,  the  following 
materials  are  used  as  starting 
materials  for  the  sol -gel  method: 
metal  salts,  organic  salts  and 
metal-organic  complexes,  metal 
alkoxides,  etc.  However,  a  metal 
alkoxide  is  very  sensitive  to 
atmospheric  moisture  [18].  When 
multicomponent  ceramics  are 
prepared,  it  is  difficult  to  control 
the  hydrolysis  rates  of  the  raw 
materials.  In  this  study,  we  used 
metal  salts  and  organic  solvents 
which  formed  a  complex  with 
metal  ions.  SrTiOs  (001)  (STO) 
single  crystals  were  used  as 
substrates.  The  lattice  constants  of 
the  single  crystal  are 
a=b=c= 0.3905nm,  whereas  those 
of  BWO  are  a~ 0.547,  ft=0.544  and 
c=1.640nm  :It  should  be  noted  that 
the  lattice  constants  a  and  b  of 

BWO  are  about  as  large  as  V2 


Stirring 

I*—  Pormamide 
Stirring 

Coating  solution) 

1 
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Calcination - 

Sintering 

BWO  thin  films  ) 


times  those  in  STO. 

BWO  thin  films  were 


Figure  1  Preparation  procedure  of  Bi2W06  thin  films. 


prepared  on  STO  substrate  by  spin  coating,  followed  by  appropriate  heat  treatment.  Figure  1 
represents  the  preparation  procedure  of  the  Bi2W06  (BWO)  thin  films.  Tungsten  hexachloride 
and  bismuth  2-ethylhexanoate  were  used  as  raw  materials.  In  order  to  reduce  the  hydrolysis 
rate  of  the  metal  complex  ions  and  the  capillary  pressure  of  pores  in  the  film,  we  used  2-(2- 
methoxy ethoxy)  ethanol  and  formamide  [16,19,20],  Tungsten  hexachloride  was  dissolved  in 
2-(2-m  ethoxy  ethoxy)  ethanol  in  dry  nitrogen  atmosphere.  Subsequently  bismuth  2- 
ethylhexanoate  and  formamide  were  added  to  the  solution.  The  coating  solution  thus  prepared 
was  kept  at  0°C  in  order  to  suppress  the  hydrolysis. 

The  calcination  temperature  of  450 “C,  had  been  decided  by  preliminary 
thermogravimetric  and  differential  thermal  analysis  (TG-DTA)  measurements  using  a  Rigaku 
TG-DTA8078  system  :  At  this  temperature,  the  organic  products  constituted  were  fully 
removed  by  combustion.  The  spin  coating  and  calcination  were  repeated  5  times.  The 
calcined  thin  films  were  sintered  at  a  temperature  from  500eC  to  800°C  for  lh  in  air.  The  X- 
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ray  diffraction  (XRD)  patterns  were  obtained  using  a  Rigaku  diffractometer  model  CN4148 
with  a  thin  film  attachment  for  identification  of  crystal  phase  and  evaluation  of  the 

crystallinity  of  prepared  thin  film  with  Cuka(  1.542  A  )  radiation  and  a  graphite 
monochromator.  X-ray  pole  figure  investigations  were  carried  out  using  a  MAC  Science 
model  M03X-HF  system  with  CuKa  (1.542 A)  radiation.  In  the  measurement  of  the  pole 

figure,  the  113  diffraction  (main  peak  of  poly  crystal  BWO)  which  did  not  overlap  with  the 
diffraction  peak  of  the  substrate  was  used.  The  surface  observation  of  the  prepared  thin  films 
was  carried  out  using  atomic  force  microscopy  (AFM  SII  SPA300  system). 


RESULTS  AND  DISCCUSION 

An  exothermic  peak  with 
weight  loss  that  seemed  to 
correspond  to  combustion  of  the 
organic  solvents  which  remain  in  the 
powder  was  observed  up  to  500°C  in 
the  TG-DTA  spectrum.  Another 
exothermic  peak  which  was  not 
accompanied  with  weight  loss  at 
950°C  was  observed,  which  agrees 
with  the  orthorhombic  phase 
transition  temperature  of  BWO  to  its 
tetragonal  phase  [7,8]. 

Figure  2  shows  XRD  patterns 
(measured  by  theta-2theta  method) 
for  thin  films  heat-treated  at  various 
temperatures.  As  seen  in  fig.  2,  clear 
diffraction  peaks  besides  the  intense 
ones  due  to  the  STO  substrate  are 
observed  for  the  films  heat-treated 
at  temperatures  above  600°C.  For 
the  film  heat-treated  at  500°C, 
only  a  weak  peak  could  be 
observed  at  32.7°  beside  the 
intense  peaks  due  to  the  substrate. 
Thus,  we  recognized  that 
crystallization  took  place 
effectively  for  films  heat-treated  at 
a  temperature  above  600°C.  All 

diffraction  peaks  labeled  by  • 

could  be  assigned  to  001 
diffraction  of  BWO.  The  results 
indicated  that  the  c-axis  of  BWO 
is  oriented  perpendicular  to  the 
surface  of  the  STO  substrate.  In 
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Figure  2  XRD  0-20  scans  of  thin  films  prepared  on 

STO  single  crystal  substrate,  heat-treated 
at  various  temperatures  for  lh. 


Figure  3  Pole  figure  of  BWO  thin  film  heat-treated  at 
600°C  for  lh. 


379 


order  to  clarify  the  exact  nature  of  the 
oaxis  orientation  of  the  thin  films,  a 
pole  figure  measurement  was  carried 
out.  Figure  3  shows  a  result  of  this 
pole  figure  measurement  in  which  the 
diffraction  of  the  113  plane  of  BWO 
is  used.  As  seen  in  fig. 3  only  four 
spots  were  observed  clearly  :  The 
result  implies  an  epitaxial  growth  of 
the  BWO  thin  film  on  the  STO 
substrate  As  the  spots  of  a  (100) 
oriented  (a-axis-oriented)  epitaxial 
film  would  appear  almost  in  the  same 
positions  of  a  pole  figure  recorded 
with  the  (113)  reflection,  from  this 
pole  figure  alone  it  cannot  be  decided, 
whether  an  a-axis-  or  c-axis- oriented 
film  has  grown.  Therefore  a  beta  scan 
using  the  (115)  reflection  was 
performed,  because  such  a  scan 
permits  to  distinguish  between  a-  and 
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Figure  4  XRD  beta  scans  of  BWO  thin  film  on 
STO  heat-treated  at  600° C  for  lh 
(a)  a-axis  of  BWO(115)  diffraction,  (b) 
c-axis  of  BWO  (115)  diffraction  and 
(c)  STO  (101)  diffraction. 


c-axis  orientation  of  the  film.  The  result  is  shown  in  figures  4.  The  diffraction  peaks  appeared 
at  every  90°  at  alpha=49.5°  (diffraction  by  115  of  c-axis  oriented  BWO)  in  fig.4  (a),  whereas 
no  peaks  were  observed  at  alpha=27.3'  (diffraction  by  115  of  a-axis  oriented  BWO)  in  fig.4 
(b).  We  therefor  recognized  that  the  prepared  BWO  thin  film  was  a  perfect  c-axis  oriented 
film.  Figure  4  (c)  shows  a  result  of  the  beta  scan  for  STO  substrate  using  the  (101)  diffraction. 
As  seen  in  fig.4  (c),  the  diffraction  peaks  appeared  at  every  90°  as  well  as  those  appeared  in 
fig.4  (b).  From  this  results,  the  epitaxial  relationship  between  BWO  and  STO  can  be 
represented  by  BWO(001)//STO(001)  and  BWO[110]//STO[100],  Figure  5  shows  the 
configuration  relationship  between  the  BWO  film  and  STO.  The  BWO  unit  cell  has  been 
placed  for  the  position  in  which  it  is  rotated  by  45*  with  respect  to  the  STO  unit  cell.  The 


STO  BWO 

Figure  4  Schematic  projection  of  Bi2W06  and  SrTi03 
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lattice  constants  of  STO  (cubic)  and  BWO  (orthorhombic)  are  a=b=c= 0.3905  and  a= 0.547, 
b= 0.544,  c=1.64  respectively.  The  mismatches  of  a  and  b  are  Ma=l.2%  and  MZ>=1.6% 

calculated  from  times  the  lattice  constant  of  STO  and  from  the  lattice  constant  of  BWO. 

The  surfaces  of  prepared  BWO  thin  films  observed  by  using  AFM  are  shown  in  figure 
6.  The  particle  size  of  the  thin  film  prepared  at  500°C  was  less  than  0.1  pm.  Large  aggregates 

were  observed  only  in  the  film  surface  prepared  at  600°C.  The  large  aggregates  were  formed 
of  small  grains.  The  aggregates  were  not  observed  in  the  film  prepared  at  700  and  800°C. 
With  the  increase  in  heat  treatment  temperature,  the  grain  size  slightly  increased.  The  average 

grain  size  of  the  film  prepared  at  800°C  was  about  0.2p.m. 


700°  C  800°C 


Figure  6  AFM  images  of  the  surface  of  BWO  thin  films  on  STO  substrates  heat-treated  at 
various  temperatures  for  lh. 

CONCLUSIONS 

We  have  succeeded  in  the  preparation  of  epitaxial  thin  films  of  bismuth  tungstate  on 
SrTi03  (001)  single  crystal  substrates  by  a  spin  coating  process.  The  crystallographic 
relationship  of  the  film  and  substrate  was  BWO(001)//STO(001),  BWO[110]//STO[100], 
This  relationship  was  to  be  expected  from  the  fact  that  the  a  and  b  lattice  constants  of  BWO 

are  nearly  equal  to  times  that  of  STO. 
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ABSTRACT 

We  report  on  the  properties  of  Ta205  thin  films  prepared  by  the  metalorganic  solution 
deposition  (MOSD)  technique  on  Pt-coated  Si,  n+-Si,  and  poly-Si  substrates.  The  effects  of  post¬ 
deposition  annealing  temperature  on  the  structural,  electrical,  and  optical  properties  were 
analyzed.  The  electrical  measurements  were  conducted  on  MIM  and  MIS  capacitors.  The 
dielectric  constant  of  amorphous  Ta2Os  thin  films  was  in  the  range  29.2-29.5  up  to  600  °C,  while 
crystalline  thin  films,  annealed  in  the  temperature  range  650-750  °C,  exhibited  enhanced 
dielectric  constant  in  the  range  45.6-51.7.  The  dielectric  loss  factor  did  not  show  any  appreciable 
dependence  on  the  annealing  temperature  and  was  in  the  range  0.006-0.009.  The  films  exhibited 
high  resistivities  of  the  order  of  10l2-1015  Q-cm  at  an  applied  electric  field  of  1  MV/cm  in  the 
annealing  temperature  range  of  500-750  °C.  The  temperature  coefficient  of  capacitance  was  in 
the  range  52-114  ppm/°C  for  films  annealed  in  the  temperature  range  500-750  °C.  The  bias 
stability  of  capacitance,  measured  at  an  applied  electric  field  of  1  MV/cm,  was  better  than  1.41 
%  for  Ta205  films  annealed  up  to  750  °C. 

INTRODUCTION 

Ta205  thin  films  have  potential  for  numerous  microelectronic  applications  such  as  gate 
dielectric  of  metal-insulator-semiconductor  devices,  optical  waveguides,  electroluminescent 
display  devices,  and  surface  acoustic  wave  (SAW)  devices  [1-5].  Tantalum  oxide  thin  films  are 
attractive  for  scaled  down  capacitor  in  ultra  large  scale  integrated  (ULSI)  circuits  because  of 
their  high  dielectric  constant,  low  dielectric  loss,  low  leakage  current,  low  defect  density,  and 
good  temperature  and  bias  stability.  The  high  dielectric  constant  and  low  dielectric  loss  materials 
are  also  attractive  for  microwave  applications  [4].  For  successful  integration  into  microelectronic 
devices,  extremely  reliable  Ta2Os  thin  films  are  desired.  The  properties  of  Ta2Os  thin  films  have 
been  reported  to  be  strongly  dependent  on  the  fabrication  method,  nature  of  substrate  and 
electrode  material,  and  post-deposition  annealing  treatment.  The  technical  literature  shows  a 
wide  variation  in  the  reported  structural,  dielectric,  and  insulating  properties  of  amorphous  and 
crystalline  Ta205  thin  films.  An  understanding  of  process-structure-property  correlation  is 
important  to  understand  and  compare  various  thin  film  studies  reported  in  the  literature  and 
exploit  Ta205  thin  films  for  devices.  In  this  paper,  we  report  on  the  systematic  study  of 
structural,  optical,  dielectric,  and  insulating  properties  of  amorphous  and  crystalline  Ta205  thin 
films  fabricated  by  MOSD  technique.  Detailed  studies  were  conducted  on  MIM  and  MIS 
capacitors  to  analyze  the  influence  of  film/substrate  interface  on  the  electrical  properties. 

EXPERIMENT 

Ta205  thin  films  were  fabricated  by  metalorganic  solution  deposition  technique  using 
tantalum  ethoxide  as  precursor.  2-methoxyethanol  was  used  as  solvent.  In  the  experiment, 
tantalum  ethoxide  was  initially  dissolved  in  2-methoxyethanol.  Finally,  acetic  acid  was  added  to 
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prevent  rapid  hydrolysis  and  precipitation  of  the  metal  oxide.  The  Ta205  thin  films  were 
deposited  on  platinized  silicon,  n  -Si,  and  poly-Si  substrates  by  spin  coating  using  a  photoresist 
spinner.  Prior  to  film  deposition,  the  silicon  substrates  were  cleaned  by  a  room  temperature 
technique  entitled  spin  etching  to  remove  the  native  silicon  oxide  and  make  the  substrate  surface 
hydrogen  terminated  [6],  After  spinning  on  to  various  substrates,  films  were  kept  on  a  hot  plate 
(-350  °C)  in  air  for  10  min  to  remove  solvents  and  other  organic.  The  post-deposition  annealing 
of  the  films  was  carried  out  in  a  furnace  at  various  temperatures  in  an  oxygen  atmosphere.  The 
structure  of  the  films  was  analyzed  by  glancing  angle  x-ray  diffraction  using  CuKa  radiation  at 
40  kV.  The  surface  morphology  of  the  films  was  examined  by  Digital  Instrument's  Dimension 
3000  atomic  force  microscope  using  tapping  mode  with  amplitude  modulation.  The  optical 
properties  were  measured  by  variable  angle  spectroscopic  ellipsometry.  Rutherford 
backscattering  spectroscopy  (RBS)  was  employed  to  determine  film  composition  and  interfacial 
properties.  Elemental  distribution  within  the  bulk  of  the  Ta205  film  and  Ta205/Si  interface  was 
determined  by  Auger  electron  spectroscopy  (AES)  using  a  Perkin-Elmer  PHI660  scanning  Auger 
microscope.  The  electrical  measurements  were  conducted  on  films  in  MIM  and  MIS 
configurations.  The  platinum  electrodes  were  sputter  deposited  through  a  shadow  mask  on  the 
top  surface  of  the  films  to  form  MIM  and  MIS  capacitors.  The  dielectric  properties  were 
measured  with  HP4194A  impedance/gain-phase  analyzer.  The  insulating  properties  of  the  Ta2Os 
thin  films  were  analyzed  through  the  measurement  of  leakage  current  versus  voltage  (I-V) 
characteristics  using  HP4  HOB  semiconductor  test  system. 

RESULTS 

Figure  1  shows  the  XRD  profiles  of  the  films  deposited  on  Pt-coated  Si  wafers.  The  as- 
pyrolyzed  films  were  amorphous  in  nature  and  the  post-deposition  annealing  of  the  films  was 
carried  out  in  the  temperature  range  500-750  °C.  The 
Ta2C>5  thin  films  were  amorphous  up  to  600  °C  and  a 
well-crystallized  orthorhombic  phase  was  obtained  at  an 
annealing  temperature  of  650  °C  with  no  evidence  of 
secondary  phases.  The  peak  intensity  and  sharpness  were 
found  to  increase  with  increase  in  temperature  in  the 
range  650-750  °C,  indicating  enhanced  crystallinity  and 
an  increase  in  grain  size  with  increasing  annealing 
temperature.  The  presence  of  an  intense  diffraction  peak 
corresponding  to  (200)  plane  and  the  relatively  weaker 
diffraction  from  (001)  and  (002)  planes  implied  that  the 
deposited  Ta205  thin  films  possessed  a  strong  preferential 
orientation.  Similar  trends  were  observed  in  the  XRD 
patterns  of  Ta2Os  thin  films  deposited  on  silicon 
substrates  (n+  and  poly)  by  the  MOSD  technique  20  (deg.) 

indicating  preferential  orientation.  The  lattice  constants  a,  FIG-  1  * XRD  Patterns  of  Ta205  thin 

b ,  and  c,  calculated  using  (00 1 ),  (200),  and  ( 1 , 1 1 , 1 )  peaks  flIms  anneaIed  at  various 

in  the  XRD  pattern,  were  6.225,  39.8521,  and  3.8609  A,  temperatures  for  30  min. 

respectively.  These  values  are  in  good  agreement  with 

those  reported  for  bulk  Ta2Os;  suggesting  that  that  the  films  were  crystallized  in  the 
orthorhombic  phase  [7].  The  surface  morphology  of  the  films,  as  shown  in  Fig.  2,  was  smooth 
with  no  cracks  and/or  defects.  The  films  exhibited  a  dense  microstructure  and  fine  grain  size. 
There  was  no  appreciable  effect  of  the  annealing  temperature  on  the  microstructure  of 
amorphous  Ta2Os  thin  films,  while  crystalline  films  showed  an  increase  in  grain  size  with 
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increasing  annealing  temperature,  which  is 
consistent  with  the  XRD  studies.  The  average 
surface  roughness  was  found  to  increase  with 
increase  in  annealing  temperature  with  average 
surface  roughness  lower  than  4  nm  at  750  °C. 

Figure  3  shows  a  RBS  spectrum  for  Ta205  thin 
film  deposited  on  n+-Si  substrate  together  with 
a  simulated  curve.  The  sharp  edges  of  the 
peaks  and  close  correspondence  between  the 
simulated  and  experimental  curves  indicated 
stable  film  formation  with  a  sharp 
film/substrate  interface  and  smooth  surface 
features.  The  calculation  of  the  film 

stoichiometry  gave  an  oxygen/tantalum 
elemental  ratio  equal  to  2.7  which  was 
possibly  due  to  absorbed  moisture  or 
contamination.  The  RBS  spectra  for  the  as-  FIG.  2.  AFM  micrographs  of  Ta2Os  thin  films 
pvrolyzed  and  700  °C  annealed  sample,  as  annealed  at  (a)  500  °C,  (b)  600  °C,  (c) 

shown  in  Fig.  3(b),  indicated  negligible  650  °C,  and  (d)  750  °C.  (Scan  area  lxl 

diffusion  of  Ta  into  Si  substrate.  The  um2) 

characteristic  depth  in  the  substrate  was  found 

to  be  33  nm  by  fitting  an  exponential  profile  to  the  experimental  profile.  The  AES  depth  profile, 
as  shown  in  Fig.  4,  showed  nearly  constant  Ta  and  O  Auger  intensities  throughout  the  bulk  of  the 
Ta205  film  and  a  rapid  drop  off  at  the  Ta205/Si  interface  with  little  interdiffusion  of  the 
constituent  elements.  The  AES  surface  profile  did  not  show  any  Si  diffusion  to  the  surface  or 
impurities,  which  contributed  to  the  excellent  dielectric  and  leakage  current  properties. 

The  small  signal  dielectric  measurements 
were  conducted  on  MIM  and  MIS  capacitors  by  Energy  (Mev) 

applying  an  ac  signal  of  10  mV  amplitude.  The  - 1^1 - 

effects  of  applied  frequency,  film  thickness,  and  J20  '  TaAs  a4so  Aysi  ' 

post-deposition  annealing  temperature  on  the  |100  EHc„=2.o6Mev 

dielectric  properties  were  also  analyzed.  Table  I  |  (a> 

shows  the  effect  of  the  post-deposition  annealing  1 40 

temperature  on  the  dielectric  properties  of  Ta2Os  z  20  > - - 

thin  films.  There  was  no  appreciable  effect  of  the  0 t _ T_\_1 _ J 

annealing  temperature  on  the  dielectric  properties  100  200  chan22i  400  500 

as  long  as  the  films  were  in  amorphous  state.  The  ( ?2  ,  7E4"e|®  ^  ,.80  1.82 

dielectric  constant  and  the  dissipation  factor  for  >20  — *  ■  1 1  ■  ■  ■ 

amorphous  Ta2Os  thin  films  were  in  the  range  -annealed 

29.2-29.5  and  0.006-0.009,  respectively,  up  to  an  ^  so  -  / 

annealing  temperature  of  600  °C.  The  dielectric  |  eo  -  /  -  (b) 

constant  was  found  to  increase  to  45.6  at  an  1 40  -  / 

annealing  temperature  of  650  °C  as  the  films  were  z  20  y  j 

well  crystallized.  The  dielectric  constant  of  of,„r,-,^l^<y . 

crystalline  Ta205  thin  films  was  found  to  increase  425  430  435  4cLi&  450  455  460 

with  increase  in  annealing  temperatures  while  the  FIG  3  rbs  spectra  of  Ta205/n+-Si 
loss  factor  did  not  show  any  appreciable  structure 

dependence  on  the  annealing  temperature.  The 
dielectric  constant  and  the  dissipation  factors 
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FIG.  3.  RBS  spectra  of  Ta205/n+-Si 
structure 
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were  in  the  range  45.6-51.7  and  0.006-0.009,  respectively,  for  films  annealed  in  the  temperature 
range  650-750  °C.  The  increase  in  the  dielectric  constant  of  the  crystalline  thin  films  with 
annealing  temperature  may  be  attributed  to  improved  crystallinity  and  increase  in  grain  sizes  and 
density  of  the  films  as  indicated  by  XRD  and  AFM  studies. 

The  permittivity  showed  no  appreciable  dispersion  with  100 
frequency  up  to  about  1  MHz  indicating  that  the  values  were  £  So 
not  masked  by  any  surface  layer  effects  or  electrode  barrier  J  70 
effects  in  this  frequency  range.  There  is  a  wide  variation  in  1  «> 
the  reported  dielectric  constant  of  amorphous  and  crystalline  §  50 
Ta205  thin  films  [8].  The  dielectric  constant  of  amorphous  and  jj  40 

crystalline  thin  films  has  been  reported  in  the  range  (14-31)  f  30 

and  (24-60),  respectively.  The  dielectric  properties  of  thin  ^ 
films  strongly  depend  on  the  fabrication  method,  nature  of  0 

substrate  and  electrode  material,  post-deposition  annealing  100  0  100  200  300  400  500  600 
treatment,  crystallographic  orientation,  microstructure,  sputter  Time  (S) 

thickness  of  samples,  and  film-substrate  interface  FIG- 4- Th' AES  depth  profile  of 
characteristics.  So  it  is  very  important  to  compare  the  thin  a205/n  -Si  structure 

film  structure,  lattice  constant,  and  morphology  with  bulk  to  establish  structure-property 

correlation  and  understand  the  reported  properties  of  Ta205  thin  films  fabricated  by  various 

techniques.  The  dielectric  constant  of/£-Ta2C>5  is  expected  to  show  a  maximum  along  a-axis  due 
to  anisotropy  of  the  crystal  structure.  The  Clausius-Mosotti  relation  shows  that  the  dielectric 
permittivity  strongly  depends  on  the  molar  volume,  which  in  turn  depends  on  the  lattice 
constants  [9].  Thin  film  lattice  constant  values  are  strongly  influenced  by  the  nature  of  substrate, 
as  one  surface  of  the  film  is  adhered  to  the  substrate,  as  opposed  to  bulk  material  where  all  the 
surfaces  are  free.  The  observed  high  dielectric  constant  for  the  present  crystalline  Ta205  thin 
films  was  attributed  to  strong  a-axis 

orientation  and  difference  between  the  thin  Tab,e  b  Effects  of  post-deposition  annealing 
film  and  bulk  lattice  constant  values.  temperature  on  the  dielectric  and  optical 

The  effects  of  the  substrate  on  the  properties  of  Ta205  thin  films 


dielectric  properties  were  analyzed  by 
measurement  of  dielectric  properties  on  MIM 
and  MIS  capacitors.  The  MIS  capacitor  is  the 
most  commonly  used  active  component  for 
silicon  ULSI  circuits.  The  device  technology 
has  been  hindered  by  the  very  high  density  of 
states  at  the  interface  of  Si  and  insulator.  A 
poor  interface  between  the  dielectric  film  and 
silicon  leads  to  high  leakage  currents,  higher 
frequency  dispersion,  and  high  defect  trapped 
charges.  Several  attempts  have  been  made  to 
improve  the  effective  dielectric  constant  and 
leakage  current  characteristics  of  Ta2C>5  based 
MIS  capacitors  by  optimizing  the  fabrication 
techniques  and/or  post-deposition  annealing 
treatment.  In  the  present  case,  the  dielectric 
properties  of  Ta2Os  thin  films  deposited  on  n+- 
Si  and  poly-Si  substrates  were  compared  with 
those  deposited  on  Pt-coated  Si  substrates  to 
analyze  the  effects  of  silicon  oxidation  on  the 


Ta(°C)  sr  tan  8  n  TCK 

(at  J  00  kHz)  (at  630  nm )  (ppm/°C) 


500 

29.2 

0.007 

1.98 

+  51 

600 

29.5 

0.009 

2.01 

+  52 

650 

45.6 

0.009 

2.05 

+  66 

700 

50.4 

0.007 

2.06 

+  77 

750 

51.7 

0.008 

2.08 

+114 

Table  II.  Effect  of  substrate  on  the  dielectric 
properties  of  Ta2Os  based  MIM  and 
MIS  capacitors 


Substrate 

T  Anneal 

6r 

600  °C 
tan  5 

TAnneal 

Gr 

750  °C 
tan  6 

n+-Si 

28.5 

0.018 

43.7 

0.018 

poly-Si 

29.0 

0.008 

45.7 

0.017 

Pt-coated  Si  29.5 

0.008 

51.7 

0.008 

effective  dielectric  properties.  The  dielectric  constant  of  Ta205  thin  films  was  found  to  be  lower 
on  n+-Si  and  poly-Si  substrates,  as  shown  in  Table  II,  as  compared  to  films  deposited  on  Pt- 
coated  Si  substrates  due  to  the  growth  of  an  interfacial  oxide  layer  on  silicon  substrates.  There 
was  no  significant  difference  in  the  dielectric  constant  of  amorphous  Ta205  thin  films,  annealed 
at  600  °C,  deposited  on  various  substrates  indicating  the  absence  of  any  appreciable  oxide 
thickness  at  film-substrate  interface.  The  films  annealed  at  750  °C  showed  a  much  lower 
dielectric  constant  on  silicon  substrates  as  compared  to  films  deposited  on  Pt-coated  Si  substrates 
indicating  the  presence  of  an  appreciable  oxide  growth  at  the  interface.  The  thickness  of  the 
oxide  layer  was  calculated  by  comparing  the  dielectric  constant  of  MIM  and  MIS  capacitors  by 
assuming  the  formation  of  a  uniform  oxide  layer  between  the  film  and  substrate  with  no 
interdiffusion.  The  thickness  of  the  silicon  oxide  layer  was  calculated  from  the  relation, 
\/CT  =l/Cf+l/  CSi0} ,  by  considering  the  total  capacitance  (CT)  of  the  MIS  capacitor  to  be  a 

series  combination  of  Ta205  film  capacitance  (C/)  and  Si02  layer  capacitance  ( CSiQi ).  For  the 

present  Ta205  films  the  thickness  of  the  silicon  oxide  layer  was  found  to  less  than  2.5  nm  on  both 
n+-Si  and  poly-Si  substrates  indicating  that  the  combination  of  spin  etching  and  MOSD 
technique  was  effective  in  minimizing  the  film-substrate  interface  reaction  and  providing  good 
interfacial  properties.  Annealing  temperature  effects  up  to  1000  °C  have  been  analyzed  for  Ta205 
thin  films  in  an  attempt  to  improve  their  electrical  properties.  Annealing  at  high  temperatures 
severely  degrades  the  film/Si  interface  and  requires  close  control  of  processing  parameters  to 
improve  the  electrical  properties.  Low  temperature  processing  is  necessary  to  minimize 
interfacial  reactions  and  integrate  Ta205  thin  films  into  semiconductor  devices. 

The  temperature  and  bias  stability  of  the  dielectric  properties  of  Ta205  thin  films  were 
also  analyzed  to  establish  their  reliability  for  integrated  electronic  applications.  The  dielectric 
constant  and  the  dissipation  factor  were  relatively  unchanged  with  measurement  temperature  in 
the  range  25-125  °C  indicating  good  temperature  stability  of  the  present  Ta205thin  films.  Table  I 
shows  the  temperature  coefficient  of  capacitance  of  Ta205  thin  films,  measured  in  the 
temperature  range  25-125  °C,  as  a  function  of  annealing  temperature.  The  films  showed  a  low 
TCK  of  +52  ppm/  °C  up  to  an  annealing  temperature  of  600  °C.  The  TCK  for  the  crystalline 
films,  as  shown  in  Table  I,  was  found  to  be  higher  than  that  of  amorphous  films.  Crystalline 
Ta2o’5  thin  films  annealed  at  750  °C  exhibited  a  low  TCK  of  +114  ppm/°C  establishing  good 
reliability  of  present  Ta205  thin  films  for  integrated  capacitor  applications.  The  C-V 
measurements  were  conducted  on  MIM  capacitors  to  analyze  the  bias  stability  by  applying  a 
small  ac  signal  of  10  mV  amplitude  and  of  100  kHz  frequency  across  the  capacitor,  while  the  dc 
electric  field  was  swept  from  a  negative  bias  to  positive  bias.  There  was  no  appreciable  change  in 
the  capacitance  of  amorphous  Ta2Os  thin  films  up  to  an  applied  electric  field  of  1  MV/cm 
indicating  good  bias  stability.  The  change  in  the  film  capacitance  was  found  to  be  1.41  %  for 
crystalline  Ta205  thin  films,  annealed  at  750  °C,  at  an  applied  electric  field  of  1  MV/cm.  The  loss 
factor  also  showed  good  bias  stability  and  was  less  than  1%  up  to  1  MV/cm.  The  low 
temperature  coefficient  of  capacitance  and  good  bias  stability  of  the  present  Ta2Os  films  indicate 
completeness  of  oxidation  and  low  defect  concentration  in  amorphous  and  crystalline  Ta2Os  thin 
prepared  by  MOSD  technique. 

The  optical  properties  of  Ta205  thin  films  were  determined  by  ellipsometry.  The 
experimentally  determined  psi  and  delta  values  were  transformed  into  refractive  index  by 
assuming  an  optical  model  consisting  of  single  homogeneous  nonabsorbing  film  on  Pt-coated-Si 
substrates.  The  refractive  index  and  the  band-gap  values  were  found  to  be  2.08  (at  630  nm)  and 
5.11  eV,  respectively,  for  a  0.15-pm-thick  film  annealed  at  750  °C.  The  effects  of  post¬ 
deposition  annealing  temperature  on  the  refractive  index  were  also  analyzed.  The  refractive 
index  value  was  found  to  increase  with  the  increase  in  annealing  temperature,  as  shown  in  Table 
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I,  which  may  be  attributed  to  a  change  in  the  microstructure  of  the  films  from  amorphous  to 
crystalline,  and  an  increase  in  crystallinity  and  density  of  the  films. 

The  leakage  current  characteristics  of  the  Ta20s  thin  films  were  measured  using  MIM 
capacitors  by  applying  dc  voltages  with  a  step  delay  time  of  30  s.  The  leakage  current  density 
showed  a  strong  dependence  on  the  post-deposition  annealing  temperature  and  was  considerably 
higher  for  crystalline  thin  films  as  compared  to  amorphous  thin  films.  The  resistivity  of 
amorphous  thin  films  was  found  to  be  of  the  order  of  10 15  Q-cm  while  that  of  crystalline  thin 
films  was  of  the  order  of  1012  H-cm  at  an  applied  electric  field  of  1  MV/cm.  The  high  resistivity 
observed  in  the  present  films  shows  the  completeness  of  phase  formation  and  oxidation  of  TaiOs 
thin  films  prepared  by  MOSD  technique. 

CONCLUSIONS 

Amorphous  and  crystalline  Ta20s  thin  films  exhibiting  good  structural,  dielectric,  and 
insulating  properties  were  successfully  deposited  on  Pt-coated  Si,  n+-Si,  and  poly-Si  substrates 
by  MOSD  technique.  The  dielectric  constant  of  amorphous  thin  films,  annealed  up  to  600  °C, 
was  in  the  range  29.2-29.5,  however,  crystalline  thin  films  exhibited  significantly  enhanced 
dielectric  constant  in  the  range  45.6-51.7  for  films  annealed  in  the  temperature  range  650-750  °C. 
The  loss  factor  did  not  show  any  appreciable  dependence  on  the  annealing  temperature  and  was 
in  the  range  0;006-0.009  for  films  annealed  in  the  temperature  range  500-750  °C.  The  films 
deposited  on  n  -Si  and  poly-Si  substrates  exhibited  good-film/silicon  interfacial  characteristics. 
The  growth  of  the  oxide  layer  at  the  interface  was  calculated  to  be  lower  than  2.5  nm  at  an 
annealing  temperature  of  750  °C.  Ta205  thin  films  exhibited  high  resistivity,  measured  at  an 
applied  electric  field  of  1  MV/cm,  in  the  range  10l2-1015  D-cm  for  amorphous  and  crystalline 
thin  films.  The  temperature  coefficient  of  capacitance  was  in  the  range  52-114  ppm/°C  for  films 
annealed  in  the  temperature  range  500-750  °C.  The  high  resistivity,  low  temperature  coefficient 
of  capacitance,  and  good  bias  stability  of  dielectric  properties  establish  the  reliability  of  Ta20s 
thin  films  for  microelectronic  applications. 
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ABSTRCT 

Lanthanum  nickel  oxide  (LNO)  is  a  conducting  ceramic  which  has  potential  to  be  used  as 
electrodes  in  multilayer  ceramic  actuators.  Thick  LNO  films  have  been  formed  by  incorporating 
nanosized  LNO  powder  (annealed  at  700°C,  with  diameter  around  100  nm)  into  a  LNO  solution 
prepared  by  a  metal-organic  decomposed  (  MOD  )  method.  Three  different  weight  percents,  2%, 
4%,  and  10%  of  LNO  powder  have  been  added.  The  structural  variation  of  the  ceramic/ceramic 
composite  film  with  annealing  temperature  was  studied  by  X-ray  diffraction  and  differential 
thermal  analysis.  The  crystallization  temperature  of  the  film  is  found  to  decrease  from  ~590°C  to 
~510°C  due  to  the  seeding  effect  introduced  by  the  nano-powder. 

Key  words:  seeding  effect,  metallic  organic  decomposition  (  MOD  ),  Lanthanum  Nickel  Oxide 

INTRODUCTION 

Nanosized  particles  are  of  interest  in  fundamental  as  well  as  applied  research  because 
many  material-  properties  change  drastically  when  the  crystallite  size  reaches  the 
nano/submicrometer  range  [1],  Since  nano-scaled  particles  have  relatively  larger  surface  areas, 
they  tend  to  agglomerate  to  minimize  the  total  surface  energy.  Agglomeration  adversely  affects 
their  properties  [2,3],  for  example:  different  reaction  temperature,  faster  grain  growth  speed, 
closer  and  more  uniform  film  quality,  etc. 

Recently,  it  has  been  reported  that  the  formation  of  PZT  thin  film  may  be  controlled  by 
seeding  with  PZT  powder  [1],  Applying  the  seeding  effect  in  order  to  enhance  the  transformation 
kinetics  and  to  control  the  development  of  a  desired  phase  has  been  successfully  investigated. 

Lanthanum  nickel  oxide  (LNO)  is  a  conductive  ceramic  material  that  can  be  used  in 
fabricating  interleaving  electrodes  in  PZT  multilayer  devices[2,3,4].  In  this  work,  new 
investigation  of  using  seeding  effect  to  reduce  the  annealing  temperature  of  LNO  films  is 
presented.  Various  weight  percentage  of  nano-sized  lanthanum  nickel  oxide  (LNO)  powder 
fabricated  by  MOD  method  were  added  into  a  0.5M  LNO  solution  [4,6]  as  seeds.  Then  the  LNO 
film  was  spin-coated  onto  a  Pt/Ti/Si02/Si  multilayer  substrate.  Using  rapid  thermal  annealing 
process  (RTA)  and  by  changing  the  annealing  temperature  and  annealing  time,  samples  with 
different  properties  were  obtained. 

EXPERIMENTS 

Lanthanum  nickel  oxide  (LNO)  powder  has  been  produced  by  using  a  metal-organic 
decomposed  (MOD)  method  [4,5]  and  annealed  at  700°C  for  60  minutes.  The  crystallization 
process  of  LNO  was  studied  by  X-ray  diffraction  (XRD,  Philips  x'pert  XRD  system),  and 
differential  thermal  analysis  (DTA,  Perkin-Elmer  1700). 

The  LNO  metal-organic  decomposed  solution  was  produced  by  combining  the  La(NC>3)3 
and  Ni(N03)3  solutions  in  a  molar  ratio  of  1:1.  The  concentration  of  the  final  solution  was  about 
0.5  M.  Polyvinyl  alcohol  (PVA)  with  a  weight  percentage  of  about  5%  was  added  as  a  binder.  A 
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small  amount  of  glycerin  was  also  added  to  increase  the  viscosity  of  the  solution  [2,3,5],  The 
chemical  reaction  equation  is  shown  below: 

La(N03)3  +  Ni(N03)3+  3H20  =  LaNi03  +  6HN03 

LNO  seeds  were  added  into  the  pure  LNO  solution  with  different  seeding  amounts, 
including  2%,  4%,  and  10%  weight  percent.  After  stirring  and  powder  dispersion  in  an  ultrasonic 
bath,  a  uniform  suspension  was  formed. 

The  composite  LNO  solution  was  then  spin-coated  onto  the  Pt/Ti/Si02/Si  substrate.  The 
spinning  speed  was  100  rpm  for  the  first  6  seconds  then  3500  rpm  for  the  next  30  seconds.  The 
spin-coated  film  was  heat-treated  by  the  rapid  thermal  annealing  process  (RTA)  in  order  to 
evaporating  the  water  and  organic  solvent  inside  the  film.  The  heat-treat  procedure  is  150°C  for 
10  min,  then  350°C  for  15  min.  This  whole  process  was  repeated  three  times  in  order  to  get  the 
final  composite  LNO  thin  film  with  a  thickness  of  ~400nm.  The  sample  was  then  annealed  for  30 
minutes  at  various  temperatures,  ranging  from  550°C  to  700°C.  The  crystallization  of  the  film 
was  monitored  by  X-ray  diffraction  [5,6]  and  the  crystallite  size  in  the  LNO  film  was  estimated 
through  the  width  of  the  diffraction  peaks. 

The  Scanning  electron  microscope  (SEM)  was  used  to  study  the  morphology  of  the  LNO 
films,  and  to  observe  the  grain  growth.  The  DTA  method  was  also  used  to  study  the  change  in 
the  phase  transition  temperature  in  the  LNO  film  with  and  without  seeding  in  order  to  reveal  its 
effect. 

RESULTS  AND  DISCUSSIONS 

The  XRD  patterns  in  Fig.  1  show  that  the  LNO  powder  annealed  below  450°C  has 
amorphous  structure.  When  the  annealing  temperature  increased  to  700°C,  crystalline  peaks  of 
LNO  become  clear. 


Fig.  1  XRD  patterns  for  LNO  powder 

annealed  at  different  temperatures. 


Fig.  2  XRD  patterns  for  pure  LNO 

films  (without  seeds)  annealed  at  different 

temperature. 


390 


Fig.  3  is  the  XRD  patterns  of  LNO 
nanocomposite  films  made  by  the  metal  organic 
decomposition  (MOD)  method  after  they  were 
annealed  at  different  temperatures.  This  pattern 
shows  that  the  nano-composite  LNO  film  has 
~80°C  lower  crystallization  temperature  compare 
to  the  pure  LNO  film  (Fig.  2).  This  is  consistent 
with  the  thermal  data.  Fig.  4  is  the  DTA  graph  of 
the  pure  LNO  film.  Fig.  5  shows  the  DTA  graphs 
of  the  composite  LNO  films  with  different  amount 
of  LNO  powder  (  including  2%,  4%,  10%  by 
weight  )  added  as  seeds.  Compare  these  patterns, 
clear  differences  in  the  DTA  curves  can  be 
observed.  In  the  pure  LNO  film,  DTA  curve 
shows  a  prominent  peak  at  around  587°C.  In  the 
LNO  composite  films,  peaks  are  observed  at 
~578°C  for  the  film  with  2  wt%  LNO  powder,  and 
as  the  amount  of  powder  increases  to  4  wt%  and 
10  wt%,  the  peak  shifts  to  ~570°C  and  ~511°C, 
respectively,  as  shown  in  Fig.  5.  This  indicates  that 
the  crystallization  temperature  is  progressively 
lowered  as  the  amount  of  seeding  increases. 


AltKWTOtfl  *1*  4$  <«/*•*! 

*wt  rant  *52.i 

TOJ  -M s,s 

1  4  wt% 

||  seeds 

FIL£im*2l*.0$C 

Temperature  (c)  me. 

(X.'wni-a.c 

seeds 

X2*.«  «».•  U.»  M>» 

Fig.5  The  composite  LNO  films' 
DTA  with  the  different  seeding 
amounts. 
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Table  1  shows  the  crystallite  size  of  the  LNO  nanocomposite  films  annealed  at  different 
temperature,  which  are  calculated  from  the  full  width  at  half  maximum  (FWHM)  of  the  (110) 
XRD  peaks  using  the  Scherrer’s  equation[7]: 

KX 

T  - - 

/?r  COS  Q 

Where  is  the  line  broadening  due  to  the  effect  of  small  crystallite,  r  is  the  mean  crystallite 
dimension,  K  is  a  constant  (  =0.8  ),  6  is  set  close  to  the  Bragg  angle  where  show  X-ray 
diffraction  peaks. 


Annealing  temperature(°C) 

550 

600 

650 

700 

Crystallite  size(nm) 

16.2 

18.4 

19.5 

26.4 

Fig.  6  shows  the  surface  morphology  of  composite  films  heat-treated  for  30  minutes  at 
450°C  and  600°C,  respectively.  For  the  film  annealed  at  450°C,  it  is  easily  seen  that  the  powder 
is  uniformly  dispersed  in  an  amorphous  matrix.  After  annealing  at  600°C,  the  matrix  has 
crystallized  and  the  powder  disappeared  into  the  crystalline  grains  of  the  matrix.  By  comparing 
Fig.6(b)  and  Fig.  7,  we  can  see  that  the  nanocomposite  LNO  film  is  denser,  and  it  has  better 
uniformity  compare  to  the  LNO  film  without  seeding  and  heat-treated  at  600°C. 


(a)  (b) 

Fig.  6  Surface  morphology  of  composite  films, 
(a)  sintering  at  450°C;  (b)  sintered  at  600°C 


Annealing  temperature(°C) 


Fig.  7  Surface  morphology  of  pure 
LNO  film  annealed  at  600°C 


Fig.  8  Conductivity  of  the  LNO  composite 

as  a  function  of  annealing  temperature. 


Fig.  8  shows  the  conductivity  of  the  LNO  composite  film  as  a  function  of  the  annealing 
temperature.  From  this  graph  we  can  see  that  when  annealed  at  600°C~650°C,  the  film  has  the 
highest  conductivity,  and  as  the  annealing  temperature  increases,  the  conductivity  decreases 
rapidly,  which  maybe  caused  by  the  decomposition  of  the  LNO  as  can  be  seen  from  the  XRD 
pattern  in  Fig.  3 [3, 4, 8,9], 

CONCLUSION 

Lanthanum  nickel  oxide  (LNO)  ceramic/ceramic  nanocomposite  thin  films  with  a 
thickness  of  ~400  nm  were  fabricated  by  MOD  method  with  various  amounts  of  LNO  powder 
added  as  seeds  to  induce  nucleation  of  the  crystalline  phase.  The  seeding  effect  decreases  the 
crystallization  temperature  from  590°C  to  510°C. 

Experimental  results  show  that  the  gains  in  LNO  composite  film  grow  faster  and  are 
more  densely  packed.  Film  uniformity  is  also  improved  due  to  the  seeding  effect  and  the 
crystallization  of  a  pure  perovskite  phase  can  be  achieved  at  lower  temperature.  The  conductivity 
of  the  LNO  composite  thin  film  annealed  at  550°C,  600°C,  650°C,  700°C,  and  750°C  has  been 
measured  at  room  temperature.  The  LNO  composite  film  annealed  at  600~650°C  has  the  highest 
conductivity. 
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ABSTRACT 

The  major  disadvantage  of  Ni/NiO  cathodes  for  a  Molten  Carbonate  Fuel  Cells  (MCFC) 
application  is  dissolution  of  NiO  in  K/Li  electrolyte  that  significantly  decreases  the  cell  lifetime 
Thin  films  0fLiCoO2  or  LiMg0.05Co0.95O2  were  prepared  on  a  cathode  body  in  order  to  protect 
them  against  dissolution.  For  preparation  of  starting  sols  the  Complex  Sol-Gel  Process  (CSGPJ 
has  been  applied.  These  sols  have  been  prepared  by  adding  of  LiOH  to  aq.  acetates  solution  01 
Co2+(Mg2+)  with  ascorbic  acid  and  then  by  alkalizing  them  with  aqueous  ammonia  to  pH-8.  The 
cathode  plates  of  various  dimensions  (to  several  hundreds  cm  )  have  been  dipped  in  these  sols 
and  withdrawn  at  rate  a  1.7  cm/s.  Commercially  sintered  Ni  plates  were  always  initially 
oxidized  by  heating  at  various  temperatures.  Their  microstructure  and  mechanical  properties  as  a 
function  of  temperature  were  observed.  Heat  treatment  should  be  earned  out  under  the  dead  load 
of  the  ceramic  plates  in  order  to  avoid  their  waving.  The  best  non-folded  plates  were  obtained  by 
treating  them  for  lh  at  550°C.  The  covered  substrates  were  calcined  for  lh  at  650  C,  using  low 
heating  ratel°C/min.  The  presence  of  LiCo02  in  a  deposited  coating  has  been  proved  by  EDb 
patterns.  The  resultant  film  thicknesses  were  measured  by  scanning  electron  microscopy  (oEM) 
on  the  fractured  cross-sections;  they  ranged  from  0.5  to  2pm  and  depended  on  sol  concentration 
and  viscosity.  A  350  hundred  hours  test  in  molten  carbonates,  proved  that  the  cathode  bodies 
covered  with  LiCo02  are  completely  prevented  from  dissolution  of  Ni  in  a  molten  K/Li 
electrolyte.  Dissolution  of  LiCo02  coating  was  not  observed  as  well.  After  treatment  in  a  molten 
electrolyte  SEM  observations  did  not  show  any  changes  in  microstructures  and  morphology  ot 
the  covered  cathodes. 

INTRODUCTION 


Fuel  ceils  are  commonly  recognized  as  the  most  promising  power  generation  systems 
n  2].  However,  according  to  the  opinion  of  “The  Economist”  (November  1998)  the  energy  from 
fuel  cells  is  actually  several  times  more  expensive  than  the  energy  from  conventional  power 
generation  systems.  The  main  perspective  for  a  substantial  cost  reduction  is  the  elaboration  ot 
cheaper  components  of  fuel  cells  and  the  improvement  of  their  quality. 

One  of  the  most  important  type  of  a  fuel  cell,  highly  efficient  and  environmentally  clean, 
are  the  Molten  Carbonate  Fuel  Cells  (MCFC)  composed  generally  from  Ni  anode  and  NiO 
cathode  and  operated  at  600-700°C  in  the  presence  of  a  corrosive  liquid  Li/K  carbonate  [1,3J 
The  major  disadvantage  of  this  type  of  a  cathode  is  dissolution  of  NiO  in  K/Li  electrolyte,  which 
decreases  significantly  the  cell  lifetime  [1,4,5].  LiCo02  cathodes  show  less  solubility  [1,6] 
however,  they  are  far  more  expensive.  S.  T.  Kuk  et  al  [7]  proposed  to  cover  NiO  cathodes  with 
LiCo02  layer.  The  acetate  Li  and  Co  solutions  mixed  with  PVA  were  deposited  on  NiO  plates 
by  sol-gel  dipping  technique.  LiCo02  thin  films,  were  also  fabricated  by:  spray-coating  process 
rgl  electrostatic  spray  pyrolysis  [9,10],  electrostatic  deposition  technique  [11],  r.f.  sputtering 
[10,12],  laser  ablation  deposition  [13]  and  pulsed  laser  deposition  [14].  These  materials  however 

were  not  used  in  MCFC.  .  _  JT..,  n  n 

The  aim  of  the  presented  work  was  the  preparation  of  LiCo02  and  L1Mg0.05Co0.95G2  thin 
films  on  Ni/NiO  in  order  to  protect  a  cathode  body  against  dissolution.  A  sol-gel  dipping 
technique  was  selected.  According  to  C.J.  Brinker  et  al.  [15,16]  this  technique  is  less  expensive 
than  the  other  known  processes  like  chemical  vapor  deposition,  evaporation,  sputtering  and  laser 
ablation. 
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EXPERIMENTAL 


The  Li-Co2+-  (Mg24)  starting  sols  were  prepared  by  a  new  type  [17,18]  of  a  sol-gel 
process,  namely  the  Complex  Sol-Gel  Process  (CSGP).  In  this  process  a  very  strong  complexing 
agent,  having  high  reduction  power-ascorbic  acid,  is  added  to  the  aqueous  solution  acetates  of 
cations.  CSGP  was  successfiilly  employed  for  preparation  of  powders  and  thin  films  of 
LiNio.5Coo.5O2  on  solid  metallic  substrates  [191  These  sols  have  been  prepared  by  adding  4M 
LiOH  to  1M  aq.  acetates  solution  of  Co2+  (Mg  +)  with  ascorbic  acid  (0.5M)  then  by  alkalizing 
them  with  aqueous  ammonia  to  pH=8.  The  sols  were  then  diluted  with  water  and  ethanol.  A 
positive  effect  of  this  second  solvent  was  observed  in  our  former  work  concerning  the 
preparation  of  Sn02  thin  films  [20],  This  observation  was  also  confirmed  in  our  later  work  [18] 
as  well  as  by  other  authors  [21,22], 

The  coatings  were  prepared  by  a  dipping  technique  [18,21]  employing  the  motor-  driven 
dip-coating  unit  with  the  immersion  time  60  sec  and  a  withdrawal  rate  1.7  cm/sec.  The  porous 
sintered  Ni  plates  21. lx  29.7x  0.05cm  (produced  by  FABRICAZIONI  NUCLEARI,  Italy) 
oxidized  by  heating  in  an  ambient  atmosphere  for  lh  at  550°C,  were  used  as  the  substrates.  The 
covered  substrates  were  maintained  for  lh  at  RT  and  soaked  for  72h  at  200°C,  then  for  lh  at 
400°C,  and  calcined  for  4h  at  650°C,  using  low  heating  and  cooling  rate  l°C/min. 

The  coatings  were  characterized  by: 

•  X-ray  diffraction  (XRD),  Co  K*  (Positional  Sensitive  Detector,  Ital  Structure), 

•  SEM  using  a  scanning  electron  microscope  (Zeiss  DSM  942).  The  samples  were  coated 
with  a  thin  layer  (~20nm)  of  Au.  The  morphology  of  a  surface  (S)  was  observed.  The  film 
thicknesses  were  measured  on  fractured  cross-sections  (CS), 

•  porosity  measurements,  using  mercury  porosimeter  type  Autopore  9220,  Micrometics, 
USA. 

The  chemical  stability  of  a  LiCoCVNi/NiO  cathode  in  molten  carbonates  was 
determined  by  an  immersion  test.  The  mixture  used  was  composed  of  62  mol%  Li2C03  and  38 
mol%  K2CO3.  The  carbonate  (35  g)  was  contained  in  a  pure  alumina  crucible,  over  which  an 
air/C02  70/30  gas  mixture  was  passed  at  50  ml/min  flow  rate.  A  LiCo02-Ni  cathode  (0.2g,  2 
mm  in  diameter)  was  accommodated  on  the  bottom  of  a  crucible.  The  immersion  test  performed 
for  350  h  at  650°C.  About  1  g  of  the  melt  has  been  periodically  extracted  from  a  crucible  using 
an  alumina  pipette  and  transferred  to  a  gold  plate.  The  cooled  melts  were  dissolved  in  nitric  acid 
and  analyzed  for  the  content  of  Ni  and  Co  by  AAS  [23].  After  the  immersion  test,  the  cathode 
was  washed  in  diluted  acetic  acid  and  dried  for  taking  the  scanning  electron  micrographs  (SEM) 
and  energy-  dispersive  X-ray  (ED AX)  analysis. 


RESULTS  AND  DISCUSSION 

In  general  a  NiO  cathode  is  formed  in  MCFC  by  in  situ  oxidation  of  porous  nickel  during 
the  cell  start-  up  [1],  Because  in  our  study  the  cathode  should  be  covered  by  a  Li  spinel  layer 

before  introducing  it  into  the  cell,  preliminary  oxidation  of  Ni 
sheets  is  necessary.  The  thermal  analysis  of  Ni  sheets  is 
shown  in  Fie.  1 .  In  dynamic  conditions  applied  during  thermal 
analysis  (l(rC/min)  the  oxidation  of  porous  Ni  material  starts 
at  600°C  (Fig.l).  In  order  to  analyze  this  process  in  stationary 
conditions  the  samples  of  the  substrate  have  been  fired  under 
various  conditions.  The  results  are  presented  in  Table  I.  In 
this  table  SEM  micrographs  and  simple  mechanical  tests  of 
sheet  fracture  resistance  are  included. 


500  700  900 

temperature  °c  Fig.  1 .  Thermal  analysis  of  sintered  Ni  sheets. 
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TABLE  I.  Oxidation  of  Ni  porous  sheets,  SEM  micrographs  and  a  fracture  resistance  of  plates 
related  to  non-treated  plates  (100%) 


Heating 

conditions=> 

Non-treated 

lh,  550“C 

20h,  700°C 

S 

2.5pm 

H 

CS 

l.2pm 

Pi 

.r 

„  s  '1 

NiO  content 

0 

6.7  % 

8L4  % 

0 

~0.3  pm 

Metallic  Ni  not  observed 

mechanical 

resistance 

100% 

50% 

totally  fractured 

Very  elastic  and  flat,  non-treated  sheets,  became  rigid  and  brittle  after  thermal  treatment.  A 
decrease  of  mechanical  resistance  is  connected  with  the  formation  of  NiO  on  the  cathodes. 
Moreover  they  become  vowed  and  folded.  These  negative  features  can  be  avoided  by  loading 
the  sheets  between  ceramic  plates  before  thermal  treatment.  In  this  case,  a  slightly  higher  NiO 
content  was  observed.  The  sheets  after  heating  were  perfectly  fiat. 

The  results  of  microporosity  are  shown  in  Table  II.  Ni  plates  are  very  porous  with  a  large 
total  pore  area  and  about  15%  of  closed  pores.  It  is  evident  that  during  heating  a  total  pore  area 
and  skeletal  density  decrease  but  it  appears  that  the  closed  pores  volume  remains  on  a  similar 
level.  The  LiCo02  layer  strongly  protects  Ni  against  oxidation  and  fully  limits  the  decrease  of  a 
total  pore  volume. 

TABLE  II.  The  results  of  microporosity  of  porous  Ni  plates,  treated  also  in  an  ambient 
atmosphere  and  covered  with  LiCo02. 


No  of  samples  and  treatment 
procedures^ 

Ni 

Ni/NiO 

20h,  700°C 

Ni/NiO  covered 
with  LiCo02, 
lh,  800°C 

TOTAL  INTRUSION  VOLUME 
TOTAL  PORE  AREA 

MEDIAN  PORE  DIAMETER  (VOL.) 
MEDIAN  PORE  DIAMETER  (AREA) 
AVERAGE  PORE  DIAMETER 

BULK  DENSITY 

APPARENT  (SKELETAL)  DENSITY 
Note.  Densities  of:  metallic  Ni=8. 90 
s/cm3,  NiO  ^6. 72  s/cm3 

0.3339  ml/g 
18.250  m2/g 
12.4681  pm 
0.0045  pm 
0.0732  pm 
2.1330  g/ml 
7.4092  g/ml 

0.1606  ml/g 
0.067  m2/g 
12.9861  pm 
5.6988  pm 
9.6229  pm 
2.9336  g/ml 
5.5484  g/ml 

0.1784  ml/g 

5.301  m2/g 
11.9271  pm 
0.0039  pm 
0.1346  pm 
2.8479  g/ml 
5.7897  g/ml 
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TABLE  III.  SEM  micrographs  of  Ni/NiO  cathodes  covered  with  LiMgo  05C00  95O2  fired  for  4h  at 

650°C 


Type  of 
sol 

Parent  sol  (PS) 
ViscosityOT)^  35.4  cSt 
Concentration  of  £  Me 
46.8  g/1 

1  volume  of  PS 

1  volume  of  Ethanol 
rt  =14  cSt 

1  volume  PS 

3  H20 

4  volume  Ethanol 
n=  2.6  cSt 

S 

2.5pm 

WWi 

Ifl 

CS 

1.2pm 

in 

Thin  films  of  LiCo02  and  LiMgo.o5Coo9502  from  various  sols  were  deposited  on  Ni/NiO  plates 
oxidized  for  lh  at  550°C,  (see  Table  I).  The  SEM  micrographs  of  LiMg0.05Co0.95O2  films  are 
presented  in  Table  III.  It  is  evident  that  the  best  films  were  obtained  from  the  lPS:lEthanol.  The 
film  thicknesses  increase  with  sol  concentration  and  viscosity. 

The  scanning  electron  micrographs  and  ED  AX  spectra  of  the  covered  electrode  before 
and  after  a  350h  immersion  test  are  shown  in  Fig. 2  and  3,  respectively.  The  results  of  the 
analyzed  melts  indicate  that  the  Ni/NiO/LiCo02  cathode  is  stable  during  the  test  because  no 
trace  of  cobalt  and  nickel  was  detected  by  chemical  analysis.  In  contrast,  the  separately  prepared 
LiCo02  powder  exhibited  small  solubility  of  several  ppm  of  Co.  As  can  be  seen  no  changes  in 
the  morphological  features  of  the  electrodes,  as  well  as  in  the  mean  size  of  particles,  have  been 
noticed.  The  EDAX  analysis  confirmed  the  presence  of  cobalt  in  the  specimen  before  and  after 
the  test. 


Fig.2.  SEM  micrograph  and  EDAX  spectrum  of  Ni/NiO/LiCo02  cathode  before  treatment. 
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Fig.3.  SEM  micrograph  and  ED  AX  spectrum  ofNi/NiO/LiCo02  cathode  after  350  h  treatment  at 
650°C  in  (Lio,62K  o,38  )2  CO3  and  pC02=  0,3  atm,  p02=  0.14  atm. 


CONCLUSIONS 

1.  Sol-gel  process  for  covering  Ni/NiO  cathodes  of  dimensions  21.1x29.7x0.05cm  with 
LiCo02  and  LiMg0.05Co0.95O2  for  MCFC  has  been  elaborated, 

2.  Film  thicknesses  varied  from  0.6  to  2  pm  increasing  on  sol  concentration  and  viscosity, 

3.  Dilution  of  the  parent  sols  with  ethanol  strongly  improved  the  coating  quality, 

4.  Covering  of  a  Ni/NiO  cathode  body  with  LiCo02  was  very  effective  as  a  protection  against 
dissolution  in  a  MCFC  carbonate  electrolyte, 

5.  Dissolution  of  LiCo02  coating  was  not  observed, 

6.  Heat  treatment  should  be  carried  out  under  the  dead  load  of  the  ceramic  plates  in  order  to 
avoid  their  waving. 
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ABSTRACT 

YbBa2Cu307.8(Ybl23)  films  were  formed  on  SrTiO3(STO)(001)  and  LaAlO3(LAO)(001) 
substrates  by  the  dipping-pyrolysis  process.  Using  transmission  electron  microscopy,  we 
investigated  effects  of  the  heat-treatment  conditions  in  the  processes  of  the  dipping-pyrolysis 
method  on  microstructures  of  these  films.  As  a  result,  we  found  that  the  high  heating  rates  at 
the  initial  and  final  heat-treatments  are  necessary  for  achieving  the  epitaxial  growth  of  the 
superconducting  films. 

INTRODUCTION 

Since  the  breakthrough  attributed  to  Bednorz  and  Muller  in  1986  on  their  discovery  of  the 
superconducting  oxide  with  the  high  critical  temperature(Tc)[l],  many  studies  have  been 
performed  to  produce  these  high  Tc  superconductors.  The  dipping-pyrolysis  is  a  promising 
method  for  producing  the  superconducting  films  at  a  low  cost.  This  method  has  the  advantage 
of  fabricating  the  films  on  substrates  with  any  shape  and  any  size  as  well  as  the  advantage  of 
enabling  the  chemical  composition  of  the  films  to  be  controlled.  McIntyre  et  al.  reported  that 
they  succeeded  in  producing  YBa2Cu307_  b  (Y123)  films  with  zero-field  critical  current 
densities(Jc)  higher  than  5X106A/cm2  at  77K  on  LAO  substrates[2].  The  dipping-pyrolysis 
method  contains  two  heat-treatment  steps:  the  first  step  is  the  thermal  decomposition  of  the 
metal  organic  compounds  on  the  substrate  to  form  an  amorphous  precursor  film;  the  second 
step  is  the  crystallization  of  the  precursor  film  to  form  the  superconducting  final  film.  During 
these  two  heat-treatments,  it  is  important  to  control  the  nucleation  and  growth  of  crystals  for 
obtaining  the  good  superconducting  properties.  In  the  present  paper,  we  report  the  effects  of 
the  conditions  at  the  initial  and  final  heat-treatments  on  microstructures  of  Ybl23  films. 

EXPERIMENT 

The  homogeneous  solution  with  a  molar  ratio  of  Yb:Ba:Cu=l:2:3  and  metal  concentration 
of  0.4mol/l  was  prepared  by  dissolving  metal  naphthenates  in  toluene.  STO(OOl)  and 
LAO(OOl)  substrates  were  spin-coated  with  this  solution.  These  spin-coated  STO  substrates 
were  heat-treated  at  698K  in  air  with  the  different  heating  and  cooling  rates,  as  shown  in 
Fig.l:  (a)in  the  fast  process,  the  substrate  was  directly  inserted  into  the  furnace  kept  at  698K, 
hold  for  20min,  and  then  rapidly  removed  from  the  furnace  to  room  temperature;  (b)in  the 
slow  process,  the  substrate  was  gradually  heated  at  the  heating  rate  of  0.5K/min,  kept  for 
20min  at  698K,  and  finally  cooled  down  at  the  cooling  rate  of  2K/min.  we  abbreviate  the 
precursor  film  prepared  by  the  fast  process  as  PF(F)  and  the  precursor  film  by  the  slow 
process  as  PF(S).  PF(F)  and  PF(S)  were  heated  up  to  998K  in  an  Ar  gas  flow  at  the  heating 
rate  of  3K/min,  and  kept  for  2hours  to  form  the  superconducting  final  films,  which  are  called 
FF(F)  and  FF(S)  respectively. 
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(a) the  fast  process 


2hours 


(b)the  slow  process 


2  hours 


PF(S) 


FF  (S) 


Fig-1  Schematic  diagram  of  heating  schedule  for  preparing  Ybl23  precursor  and  final  films  on 
STO(OOl)  substrates:  (a)  the  fast  process;  (b)  the  slow  process. 


On  the  other  hand,  the  LAO(OOl)  samples  were  heat-treated  at  698K  by  the  fast  process, 
and  then  heated  at  1023K  under  the  different  conditions  of  the  heating  rate  and  holding  time. 
Table  1  lists  the  final  heat-treatment  conditions  for  preparing  Ybl23  films  on  LAO  substrates. 
FF(A),  FF(B)  and  FF(C)  were  produced  by  heating  the  precursor  films  up  to  1023K  at 
20K7min,  3K/min  and  0.5K/min  respectively,  and  holding  them  for  lOhours.  FF(D)  was 
fabricated  by  heating  the  precursor  film  at  3  K/min  and  holding  it  for  2hours  at  1023K.  FF(E) 
was  produced  by  heating  the  precursor  film  at  0.5K/min  to  1023K,  and  immediately  cooling  it 
to  room  temperature.  The  cooling  rate  was  3K/min,  when  all  the  films  were  prepared.  The 
thickness  of  these  films  was  about  500nm. 

Crystal  phases  and  orientations  in  all  of  the  precursor  and  final  films  were  characterized 
by  X-ray  diffraction  pattems(XRD)  using  Cu-K  a  radiation. 

Cross-sectional  specimens  for  TEM  observations  were  prepared  by  “sandwiches-gluing”, 
slicing,  grinding,  dimpling  and  then  ion  thinning  under  a  cold  stage  (liquid  N2).  Transmission 
electron  microscope  used  in  this  work  was  JEM-2010  operating  at  200kV  with  the  point  to 
point  resolution  of  0. 1 94nm. 


Table.  1  Final  heat-treatment  conditions  for  preparing  Yb  1 23  final  films  on  LAO(00 1 )  substrates. 


Sample 

Name 

Heating  Rate 
(K/min) 

Holding  Time  at  1023K 
(hours) 

Cooling  Rate 
(K/min) 

FF(A) 

20 

10 

3 

FF(B) 

3 

10 

3 

FF(C) 

0.5 

10 

3 

FF(D) 

3 

2 

3 

FF(E) 

0.5 

0 

3 

RESULTS 

Effects  of  the  initial  heat-treatment  conditions 

In  the  XRD  patterns,  all  the  precursor  films  on  STO  substrates  showed  amorphous-like 
humps.  However,  TEM  studies  revealed  the  different  microstructures  of  the  precursor  films 
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prepared  by  heating  under  the  various  conditions.  Figures  3(a)  and  3(b)  show  cross-sectional 
transmission  electron  micrographs  and  electron  diffraction  patterns  of  PF(F)  and  PF(S), 
respectively.  These  figures  were  taken  along  the  [100]STO  direction.  As  shown  in  Fig. 3(a), 
PF(F)  is  amorphous.  In  contrast,  PF(S)  is  polycrystalline.  The  sizes  of  crystals  generated  in  the 
PF(S)  are  about  lOnm.  From  the  electron  diffraction  pattern  of  PF(S),  we  calculated  lattice 
spacings  of  these  crystals.  Most  of  them  agreed  with  those  for  Ybl23.  The  spacings  of 
0.125nm  and  0.106nm,  which  did  not  agree  with  those  for  Ybl23,  corresponded  to  (222)  and 
(131)  of  CuO. 

Figures  4(a)  and  4(b)  show  the  cross-sectional  electron  micrographs  of  FF(F)  and  FF(S) 
respectively,  observed  from  the  [100]STO  direction.  As  shown  in  Fig.4(a),  FF(F)  has  grown 
into  a  c-axis  oriented  Ybl23  film.  This  film  is  defective  with  many  stacking  faults,  which  is 
consistent  with  the  streaks  along  the  c*-axis  in  the  selected-area  diffraction  pattern  shown  at 
the  top  left  of  Fig.4(a).  On  the  other  hand,  FF(S)  is  a  polycrystalline  film  containing  Ybl23 
and  other  crystals  such  as  Yb203.  In  this  film,  randomly  oriented  Ybl23  crystals  were  seen 


Fig.  3  Cross-sectional  transmission  electron  micrographs  and  electron  diffraction  patterns  of  (a)  PF(F) 
and  (b)  PF(S),  observed  from  the  {100]STO  direction.  PF(F)  is  amorphous,  in  contrast,  PF(S)  is 
polycrystalline.  In  the  diffraction  pattern  of  PF(S),  ‘C’  and  ‘Y’  indicates  CuO  and  Ybl23,  respectively. 


Fig.  4  Cross-sectional  transmission  electron  micrographs  of  (a)  FF(F)  and  (b)  FF(S),  observed  from  the 
[100]STO  direction.  In  the  FF(S),  randomly  oriented  Ybl23  crystals  are  generated. 
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and  these  crystals  were  grown  over  200nm  in  size. 

From  these  results  of  the  TEM  observation,  we  suggest  the  growth  mechanism  of  the 
superconducting  films  as  follows:  in  the  case  of  the  slow  process,  the  metal  organic 
compounds  on  the  STO  substrates  are  decomposed  at  different  temperatures  during  heating 
gradually  up  to  698K  (which  was  confirmed  by  differential  thermal  analysis(DTA)[3]).  This 
leads  to  the  random  nucleation  of  nonsuperconducting  crystals  such  as  CuO  and  Yb203  as  well 
as  Ybl23  crystals.  When  this  polycrystalline  precursor  film  is  heated  at  998K,  the  growth  of 
those  random  nuclei  in  the  film  dominates  the  epitaxial  growth  of  the  Ybl23  film. 

As  for  superconducting  properties,  FF(F)  showed  a  sharp  resistive  transition  around  Tc, 
however,  FF(S)  exhibited  the  broad  transition.  In  conclusion,  the  rapid  heating  rate  at  the 
initial  heat-treatment  is  necessary  for  achieving  the  epitaxial  growth  and  the  sharp  resistive 
transition  of  the  Ybl23  film[4]. 


irrern* irrartmi, j a .  tj.  j j,  j.mfTX 


All  of  the  precursor  films  on  LAO  substrates  were  amorphous  as  same  were  the  precursor 
films  prepared  on  the  STO  substrates  by  the  fast  process.  FF(A),  FF(B),  FF(C),  FF(D)  and 
FF(E)  were  prepared  by  heating  these  amorphous  precursor  films  at  1023K.  In  the  XRD 
patterns  of  these  final  films,  a  significant  difference  was  not  seen,  except  that  Ybl24  peaks 
were  visible  in  the  patterns  of  FF(B),  FF(C),  FF(D)  and  FF(E):  the  intensity  of  (OOl)LAO  and 
(001)Ybl23  peaks  was  very  strong,  and  nonsuperconducting  phases  such  as  Yb203  and 
BaCu02  were  not  detected  in  all  the  pattems[5].  Therefore,  we  investigated  the  effects  of  the 
final  heat-treatment  conditions  on  the  microstructures  of  Ybl23  films  by  transmission  electron 


microscopy. 

Figure  5  shows  a  typical  cross-sectional  electron  micrograph  of  FF(A),  observed  from  the 
[100]LAO  direction.  An  electron  diffraction  pattern  at  the  top  right  in  this  micrograph  was 
obtained  from  the  selected-area  which  included  both  film  and  substrate.  It  is  noted  that  the 
film  is  a  c-axis  oriented  Ybl23  film  with  a  thickness  of  lOOnm.  This  film  seems  to  have  the 
good  crystallinity,  because  the  spots  along  c*-axis  are  clear  in  the  electron  diffraction  pattern. 
In  this  figure,  the  surface  of  the  film  was  removed  by  ion  thinning.  However,  we  confirmed 
that  polycrystalline  film  had  grown  over  the  c-axis  oriented  Ybl23  film  in  other  areas. 

Figure  6  shows  the  cross-sectional  electron  micrograph  of  FF(B).  In  this  film,  all  the 
surface  of  the  LAO  substrate  was  covered  with  the  c-axis  oriented  Ybl23  film  as  well  as  in 
FF(A).  However,  a-axis 


oriented  Ybl23  crystals 
generated  in  the  middle  of  the 
film  were  also  visible  in  other 
regions  of  FF(B).  In  the  case 
of  FF(C),  an  amorphous  layer 
is  seen  in  the  vicinity  of  the 
interface  between  the  film 
and  the  substrate,  as  shown  in 
Fig.7.  An  a-axis  oriented 
Ybl23  and  a 


nonsuperconducting  CuO 
crystal  are  also  visible. 
Figure  8  shows  the  typical 
cross-sectional  electron 
micrograph  of  FF(D).  This 


film  is  polycrystalline, 


Fig.  5  Cross-sectional  transmission  electron  micrograph  of  FF(A), 


containing  randomly  oriented  observed  from  the  [100]LAO  direction.  This  film  is  a  c-axis  oriented 


Ybl23  and  non-  Yb  123  film  with  a  thickness  of  lOOnm. 
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superconducting  crystals.  The 
c-axis  oriented  Ybl23  crystal  is 
seen  in  the  shape  of  an  island  in 
this  film.  Figures  9(a)  and  9(b) 
show  typical  cross-sectional 
micrographs  of  FF(E).  Many 
nonsuperconducting  phases 
such  as  BaCu02  and  Yb2Cu205 
were  generated  in  this  film. 

On  the  basis  of  these  results 
of  the  TEM  observation,  we 
discuss  the  effects  of  the 
heating  rate  and  holding  time  at 
the  final  heat-treatment  on  the 
microstructures  of  the  Ybl23 
films.  Focusing  our  discussion 
on  the  effects  of  the  heating  rate, 
we  can  compare  the 
microstructure  of  FF(C)  with 
those  of  FF(A)  and  FF(B).  In 
FF(A)  and  FF(B),  the  entire 
surface  of  the  substrate  was 
covered  with  the  c-axis  oriented 
Ybl23  film.  On  the  other  hand, 
in  FF(C)  amorphous  regions 
and  nonsuperconducting 

crystals  were  seen.  As  a  result 
of  this,  it  is  found  that  the  rapid 
heating  rate  at  the  final  heat- 
treatment  is  necessary  for  the 
epitaxial  growth  of  the  Ybl23 
film.  Furthermore,  when  we 
compare  the  microstructure  of 
FF(D)  with  that  of  FF(B),  we 
found  that  the  long  holding  time 
at  the  final  heat-treatment  is 
effective  for  the  grain  growth  of 
the  c-axis  oriented  Ybl23 
crystals.  However,  in  the  film 
where  many  nonsuperconducting 
crystals  are  generated  such  as  in 
FF(E),  the  epitaxial  growth  of 
the  Ybl23  film  is  suppressed. 
This  is  the  reason  why  FF(C) 
was  not  grown  into  the  c-axis 
oriented  Ybl23  film. 

When  the  amorphous 
precursor  film  is  heated  rapidly 
at  the  final  heat-treatment,  the 
heterogeneous  nucleation  and 
epitaxial  growth  of  the  Ybl23 
film  is  progressed  from  the 


Fig.  6  Cross-sectional  transmission  electron  micrograph  of  FF(B). 
In  this  film,  the  entire  surface  of  the  substrate  was  covered  with  the 
c-axis  oriented  Ybl23  film  as  well  as  in  FF(A). 


Fig.  7  Cross-sectional  transmission  electron  micrograph  of  FF(C). 
In  this  film,  an  amorphous  layer  is  seen  in  the  vicinity  of  the 
interface  between  the  substrate  and  the  film. 


Fig.  8  Typical  cross-sectional  transmission  electron  micrograph 
of  FF(D).  The  c-axis  oriented  Ybl23  crystal  is  seen  in  the  shape  of 
an  island,  and  Yb203  is  also  visible. 
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surface  of  the  substrate.  In 
contrast,  the  slow  heating 
facilitates  the  random  nucleation 
and  growth  of  crystals. 

CONCLUSIONS 

We  observed  cross  sections  of 
Ybl23  precursor  films  and  final 
films  by  transmission  electron 
microscopy,  and  investigated  the 
effects  of  the  heat-treatment 
conditions  in  the  processes  of  the 
dipping-pyrolysis  method  on 
microstructures  of  the  films. 

Amorphous  precursor  films  were 
prepared  by  heating  rapidly  the 
spin-coated  substrates  at  698K  in 
air.  The  c-axis  oriented  Ybl23 
films  were  produced  by  the  rapid 
heating  of  these  amorphous 
precursor  films  over  973K.  In 
addition,  the  c-axis  oriented 
Ybl23  film  was  able  to  be 
fabricated  by  the  long  heat- 
treatment  of  the  polycrystalline 
precursor  film  including  a  little 
nonsuperconducting  crystal. 

In  conclusion,  the  high  heating  rates  at  the  initial  and  final  heat-treatments  are  necessary  for 
the  epitaxial  growth  of  the  Ybl23  film,  and  the  long  holding  time  at  the  final  heat-treatment  is 
effective  for  the  grain  growth  of  the  c-axis  oriented  Ybl23  crystals. 
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Fig.  9  Typical  cross-sectional  transmission  electron  micrographs 
of  FF(E):  (a)  nonsuperconducting  crystals  such  as  BaCu02  and 
Yb2Cu205  are  visible;  (b)  ramdomly  oriented  Ybl23  crystals  are 
generated  in  this  film. 
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ABSTRACT 

The  lateral  thermal  oxidation  process  of  Alo.9sGao.02As  layers  has  been  studied  by 
transmission  electron  microscopy.  Growing  a  low-temperature  GaAs  layer  below  the 
Alo.98Gao.02As  has  been  shown  to  result  in  better  quality  of  the  oxide/GaAs  interfaces  compared 
to  reference  samples.  While  the  later  have  As  precipitation  above  and  below  the  oxide  layer  and 
roughness  and  voids  at  the  oxide/GaAs  interface,  the  structures  with  low-temperature  have  less 
As  precipitation  and  develop  interfaces  without  voids.  These  results  are  explained  in  terms  of  the 
diffusion  of  the  As  toward  the  low  temperature  layer.  The  effect  of  the  addition  of  a  SiC>2  cap 
layer  is  also  discussed. 

INTRODUCTION 

Lateral  oxidation  of  AlxGai.xAs  layers  is  a  very  attractive  technology  for  the  fabrication 
of  isolating  oxide  layers  in  optoelectronic  devices  because  of  their  stability,  high  resistivity  and 
near  planar  topology.  They  have  been  used  in  forming  self-aligned  dielectric  layers  in  the 
fabrication  of  semiconductor  laser  diodes  and  on  vertical  cavity  surface  emitting  laser  (VCSEL) 
applications  due  to  the  excellent  carrier  confinement  provided  by  the  oxidized  layer.  These 
methodcan  also  be  used  attention  in  metal-oxide-semiconductor  (MOS)  devices.  The  high  quality 
of  the  oxide  is  attributed  to  the  formation  of  stable  AIO(OH)  and  AI2O3  compounds  [1].  However 
some  problems  related  to  the  excess  As  created  during  the  process,  and  weakness  of  the  oxide 
interfaces,  due  to  structural  changes  in  the  AlxGai.xAs  layers,  remain  unsolved  [2,3], 

The  influence  of  parameters,  such  as  temperature,  layer  thickness  or  composition,  on  the 
oxidation  process  has  been  the  subject  of  recent  studies.  In  this  work  we  study  the  structural 
changes  resulting  from  the  inclusion  of  a  low-temperature  (LT)  GaAs  layer.  The  effects  of  the 
presence  of  a  LT-GaAs  on  the  oxidation  rates  was  reported  previously  [4]  indicating  a  higher 
oxidation  rate  for  samples  including  LT-GaAs  layers.  The  influence  of  the  incorporation  of  a 
Si(>2  capping  layer  on  the  quality  of  the  oxide  layer  is  also  discussed. 

EXPERIMENTAL 

Samples  were  grown  by  molecular  beam  epitaxy  (MBE)  on  a  (100)  semi-insulating  GaAs 
substrate.  Two  similar  structures  (shown  in  Fig.l)  were  grown  to  be  oxidized.  The  only 
difference  between  the  two  types  of  sample  is  that  in  one  the  central  300  nm  thick  layer  is 
standard  GaAs  grown  at  580°C  whereas  in  the  other  sample  it  is  low  temperature  GaAs,  grown  at 
210°C.  The  low  temperature  GaAs  was  annealed  at  600°C  for  two  minutes  in-situ  and  received 
further  annealing  during  growth  of  the  subsequent  layers  at  590°C:  100  nm  of  n-GaAs(Si:1018 
cm'3),  30  nm  of  Alo.98Gao.02As,  and  a  capping  layer  of  35  nm  GaAs.  In  addition  thin  layers  (0.5- 
lOnm)  of  AlAs  were  grown  on  either  side  of  the  LT.  The  reference  and  the  LT  samples  were 
processed  simultaneously.  Mesas  were  formed  in  the  top  of  the  samples  by  patterning  and 
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Fig.  1.  Sample  structure.  LT  GaAs  is  substituted  by 
standard  GaAs  in  reference  sample. 


etching  in  HsPO^O^O  (3:3:100). 
The  etch  extended  past  the  AlGaAs  but 
not  the  LT  GaAs,  exposing  only  the 
AlGaAs  and  part  of  the  n-GaAs 
sidewalls  to  the  oxidizing  ambient. 
One  more  sample  with  LT-GaAs 
include  a  PECVD  Si02  cap.  Oxidation 
was  carried  out  in  a  water  vapor  with  a 
N2  carrier  gas,  which  was  bubbled 
through  water  heated  to  80°C  and 
flowed  over  the  sample,  placed  in  a 
furnace  held  at  a  constant  temperature 
of  450°C.  Samples  were  prepared  for 
transmission  electron  microscopy 
(TEM)  observation  by  conventional 
mechanical  polishing  and  Ar  ion 
milling  in  a  cooled  stage  until 
perforation.  Topcon  002B  and  JEOL 
ARM  microscopes  were  used  for  these 
studies. 


RESULTS 


Annealing  of  the  LT-GaAs  layers  during  the 
subsequent  growth  causes  the  formation  of  As  precipitates 
that  can  be  recognized  as  dark  spots  in  Fig.  2.  Previous 
investigations  [5,6]  show  that  LT-GaAs  as  grown  is  non- 
stoichiometric,  containing  excess  As  in  amounts  up  to 
1.5%.  The  annealing  leads  to  a  decrease  of  the 
concentration  of  Asoa  antisite  defects  with  simultaneous 
formation  of  hexagonal  As  The  average  size  of  the 
precipitates  prior  to  oxidation  is  about  4.3  nm,  consistent 
with  our  previous  studies  [6].  A  slight  increase  in 
precipitate  average  size,  about  2%,  is  detected  after 
oxidation. 

After  oxidation  of  samples  with  a  single  GaAs 
capping  layer,  both  standard  and  LT-GaAs  samples 
developed  a  homogeneous  oxide  layer.  However  in  the 
case  of  the  sample  with  standard  GaAs  (Fig.  3. a),  As 
precipitates  were  formed  above  and  below  the  original 
Alo.98Gao.02As  layer  as  a  product  of  the  oxidation. 

Furthermore,  the  interface  between  the  oxide  and  the 

surrounding  GaAs  was  rough  and  degraded  by  the  presence  of  voids  that  may  cause 
delamination. 

It  has  been  proposed  [1]  that  the  products  of  the  oxidation  reaction  of  AlAs  are  mainly  A1 
oxides  and  hydroxides,  and  ASH3.  ASH3  is  a  material  which  was  assumed  to  escape  to  the 
surface: 


Fig.  2.  Top  region  of  the  sample 
containing  LT-GaAs.  Note  the  As 
precipitates  in  LT  layer  as  dark  spots. 
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2AlAs  +  3H20  -►  A1203  +AsH3  (1) 

AlAs  +  2H20  AIO(OH)  +  AsH3  (2) 

AlAs  +  3H20  -►  Al(OH)3  +  AsH3  (3) 

However  our  results  show  that  a  significant  amount  of  As  remains  in  the  sample  after 
oxidation  suggesting  that  either  arsine  decomposes  [7]: 

2AsH3  “►  2As  +  3H2  (4) 


Or  that  direct  formation  of  As  and  H2  takes  place  by  substitution  of  reaction  (4)  in  (1),  (2) 
and  (3). 

Conversely,  the  sample  that 
includes  a  300  nm  LT  GaAs  layer, 
instead  of  standard  GaAs,  developed 
higher  quality  oxide/GaAs  interfaces 
(Fig.  3.b).  Arsenic  precipitates  in  the 
vicinity  of  the  oxide  layer  are  only 
occasionally  found  in  this  case,  and 
the  interfaces  were  smoother,  with  no 
voids  along  the  interfaces.  Another 
interesting  feature  is  the  faster 
oxidation  rate  of  the  sample  with  the 
LT  GaAs  layer  (21  pm  in  10  min.) 
compared  to  the  standard  sample  (10 
pm  in  the  same  time)  [4], 

It  is  not  yet  clear  what  is  the 
reason  for  reduced  As  precipitation 
near  the  oxidized  layer  when  an 
underlying  layer  of  annealed  LT- 
GaAs  is  present.  One  possible  explanation  is  that  the  presence  of  As  precipitates  in  the  annealed 
low-temperature  layer  acts  as  a  sink  for  excess  As  so  that  near  the  oxidized  layer  the  excess  As 
concentration  never  reaches  the  critical  value  for  precipitate  nucleation.  Another  factor  that  could 
play  a  role  is  introduction  of  some  excess  Ga  vacancies  during  annealing  at  of  the  low 
temperature  GaAs  into  the  layers  above  the  low  temperature  layer  which  could  facilitate  As 
diffusion  away  from  the  oxide  layer.  Migration  of  excess  As  away  from  the  oxidation  front  to  the 
As  precipitates  in  the  low  temperature  layer  is  also  consistent  with  the  observed  small  increase  in 
size  of  the  As  precipitates  after  the  oxidation  treatment. 

Finally,  we  present  the  results  for  the  sample  that  includes  a  top  Si02  capping  layer.  The 
micrographs  (Fig.  4)  show  again  sharp  interfaces  and  clean  from  As,  like  in  the  case  that  no 
capping  layer  is  included. 

Future  work  involves  the  capping  of  the  sample  with  Si3N4  which  is  known  to  be  non- 
permeable  to  As,  acting  as  a  barrier  to  outdiffusion.  This  will  allow  us  to  assess  whether  the 
arsenic  accumulations  diffuse  mostly  towards  the  LT-layer  or  leave  the  sample  through  the 
surface. 


Fig.  3.  Oxidized  Al0.98Ga0.02 As  layer  in  standard  sample  (a) 
and  in  sample  with  LT-GaAs  (b).  Arsenic  segregated  from  the 
oxide  and  voids  are  found  at  the  interfaces  in  (a).  Interface 
quality  is  greatly  improved  in  (b). 
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CONCLUSIONS 


The  influence  of  a  low-temperature-grown  GaAs  layer, 
on  the  oxidation  behavior  of  an  Alo.98Gao.a2As  layer,  has  been 
investigated  by  TEM  observations.  Results  show  an 
improvement  of  the  quality  of  the  oxide/GaAs  interfaces  when 
a  LT  GaAs  layer  is  included. 

The  exact  reason  for  this  improvement  is  not  yet  clear 
but  it  appears  that  the  presence  of  As  precipitates  in  the 
annealed  low  temperature  layer  may  be  acting  as  a  sink  for  As 
thus  reducing  its  build  up  near  the  oxidation  front. 
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Fig.  4.  Sample  including  a  Si02 
capping  layers  and  LT  GaAs.  It 
exhibits  clean,  sharp 
oxide/GaAs  interfaces. 
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ABSTRACT 

Well  oriented  Bi2  Sr2CaCu20s(B  i22 1 2)  superconductor  thick  films  were  formed  successfully 
on  Cu  tapes  by  liquid  reaction  between  Cu-ffee  precursors  and  Cu  tapes.  Cu-free  Bi-Sr-Ca-0 
powder  mixtures  were  screen-printed  on  Cu  tapes  and  heat-treated  at  850-870°C  for  several 
minutes  in  air.  Cu-free  precursors  were  composed  of  BixSrCaOy(x=1.2-2).  In  order  to  obtain  the 
optimum  heat-treatment  condition,  we  studied  on  effects  of  the  precursor  composition,  heat- 
treatment  temperature  and  time,  the  screen-printing  thickness,  and  the  heat-treatment  atmosphere 
on  the  superconducting  properties  ofBi2212  films.  Microstructures  and  phases  of  films  were 
analyzed  by  XRD  and  optical  microscopy.  The  electric  properties  of  superconducting  films  were 
examined  by  the  four  probe  method.  At  heat-treatment  temperature,  the  specimens  were  in  a 
partially  molten  state  by  liquid  reaction  between  CuO  in  the  oxidized  copper  tape  and  the 
precursors.  The  non-superconducting  phases  in  the  molten  state  are  mixtures  of  Bi-free  phase 
and  Cu-free  phases. 

INTRODUCTION 

An  impressive  progress  has  been  made  in  large  scale  application  of  HTS  (high  temperature 
superconducting)  wire  technology  in  last  few  years  and  close  to  a  commercial  performance  level 
[1,2].  The  U.S.  Department  of  Energy  announced  an  award  of  a  project  to  Pirelli  to  install  and 
demonstrate  the  HTS  power  cable  of  100  MW  scale  in  Detroit  Edison’s  network  by  the  end  of 
year  2000  [3]. 

Soon  after  HTS  materials  were  discovered,  scientists  have  dramatically  improved  operating 
temperatures.  But  in  manufacturing  ceramic-based  HTS  wire  they  have  difficulties  in  making 
strong,  flexible  wires  out  of  materials  that  are  as  brittle  as  blown  glass.  So  researchers  began 
experimenting  with  many  novel  wire-making  methods  to  obtain  HTS  wires  of  high  critical 
current  density,  sufficient  strength  and  flexibility  to  be  handled.  By  1995,  two  manufacturing 
techniques  showed  great  potential  for  producing  high-performance  HTS  wires.  They  are  the 
silver-sheathed  BSCCO  powder-in-tube  (PIT)  method  [4]  and  the  YBCO  coated-conductor 
method  [5],  Up  to  date,  the  PIT  method  has  been  the  most  useful  method  because  of  its 
applicability  to  high-production  manufacturing.  The  coated  conductor  method  is  not  likely  to 
perfect  after  10  years  because  of  the  difficulty  in  the  fabrication  of  long  wires.  In  spite  of  the 
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relatively  impressive  performance  of  PIT  wires,  there  remains  a  serious  high  cost  problem  for  the 
technology  to  make  broad  commercial  impact,  competing  directly  with  copper  wires  in  power 
applications.  The  high  cost  is  attributed  to  the  complex  process  for  PIT  wire  manufacturing  and 
the  price  of  the  silver  sheath. 

The  object  of  this  study  is  to  develop  a  process  to  fabricate  Bi2Sr2CaCu2Ox  (Bi2212)  tapes  at 
a  reduced  cost  by  using  less  expensive  material,  Cu,  and  by  simplifying  the  manufacturing  step. 

In  order  to  utilize  the  excess  oxidation  of  the  copper  substrate  during  annealing,  copper-free 
precursors,  xBi2C>3-SrC03-CaC03  mixtures  (x=l  .2—2),  were  placed  on  copper  tapes  by  the 
screen-printing  method  and  heat-treated.  We  carried  out  experiments  to  optimize  the  preparation 
condition,  such  as  the  composition  of  the  precursor  powder,  the  screen-printing  thickness,  heat- 
treatment  temperature  and  time,  and  the  heat-treatment  atmosphere. 

EXPERIMENT 

Bi203  (4N),  CaC03  (4N),  and  SrC03  (3N)  powders  were  mixed  in  the  molecular  ratio  of  Bi2. 
xSrCaOz  (x=0,  0.5,  0.7,  and  0.8)  and  wet-milled  in  a  planetary  pot  for  2  hours.  An  organic 
formulation  consisting  of  solvent  (butyl  carbitol  +  terpineol),  binder  (ethyl  cellulose)  and 
dispersant  (triolein)  was  then  added  and  the  mixture  was  homogenized  in  an  agate  mortal  to  form 
a  paste.  The  paste  was  printed  on  copper  plates  (10  mm  in  width,  10  mm  in  length  and  0.3  mm  in 
thickness)  through  a  150  mesh  silk  screen.  The  thickness  of  one  time  printing  layer  was  about 
20-25  \im.  The  screen-printed  films  were  dried  at  80  °C  and  heat-treated  at  temperatures 
between  820  °C  and  880  °C  for  30  sec  to  120  sec  in  different  atmospheres.  The  heat-treatment 
was  earned  out  in  a  gold  crucible  for  rapid  heating.  Phase  identification  was  performed  by 
scanning  electron  microscopy,  x-ray  diffraction  (XRD)  and  energy-dispersive  x-ray  (EDX) 
analysis.  The  temperature  dependence  of  resistance  was  measured  by  a  conventional  four-probe 
method. 

RESULTS 

Figure  1  shows  the  resulting  phase  colony  when  a  powder  mixture  of  Bi :  Sr  :  Ca  =  2  :  1  :  1 
(211  precursor)  in  molecular  ratio  was  screen-printed  once  on  copper  tapes  and  the  printed  thick 
films  were  preheated  at  820°C  for  60  sec  and  then  heat-treated  at  850-870°C  for  15  -  80  sec  in  air. 
The  reason  for  pre-heating  at  820°C  is  to  remove  the  organic  materials.  Bi-rich  composition  of 
the  precursor  powder  is  to  make  rapidly  well-oriented  superconducting  thick  films  by  using  the 
partial  melting  between  the  copper  substrate  and  the  printed  layer.  The  non-superconducting 
phases  in  the  molten  state  was  mixtures  of  Bi-free  phase  and  Cu-free  phases,  as  shown  in  Figure 
2.  Figure  2  shows  XRD  pattern  of  the  thick  film  prepared  by  screen-printing  the  Bi2SrCaOx 
precursor  on  a  Cu  plate  and  heat-treating  at  870°C  for  25  sec  in  air. 
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Figure  1.  The  phase  colony  for  heat-treatment  Figure  2.  XRD  pattern  of  the  thick  film 

temperature  and  time  of  Cu/BifSrCaOx  powder,  prepared  by  screen-printing  the  BhSrCaOx 

precursor  on  a  Cu  plate  and  heat-treating  at 
870°C for  25  sec  in  air. 

On  the  basis  of  the  above  results,  the  optimum  condition  of  the  heat-treatment  and  the 
characteristic  analysis  result  in  case  of  211  precursor  are  as  follows.  Figure  3  shows  the  SEM 
image  of  a  Bi2212  thick  film,  after  screen-printing  the  211  precursor  on  a  copper  plate,  heat- 
treated  at  820°C  for  1  min,  870°C  for  50  sec  and  830°C  for  3  min  in  air  consecutively.  The 
annealing  at  830°C  is  to  transform  the  residue  liquid  to  Bi2212.  Figure  4  shows  the  XRD  pattern 
of  the  same  Bi2212  thick  film  as  for  Figure  3.  CuO  or  Cu20  peak  was  not  detected,  as  shown  in 
Figure  4. 


Figure  3.  SEM  image  of  the  Bi2212  thick  film  prepared  by  screen-printing  the  Bi2SrCaOx 
precursor  on  a  Cu  plate  and  heat-treating  at  820  "C  for  1  min  — >  at  870  "C  for  50  sec  —>  at 
830  °C  for  3  min  in  air. 
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Figure  4.  XRD  pattern  of  the  same  Bi22 12  Figure  5.  Resistance  vs.  temperature  graph  of 

thick  film  as  for  Figure  3.  the  same  Bi2212  thick  film  as  for  Figure  3. 


The  main  phase  was  the  Bi2212  superconducting  phase  and  the  film  was  aligned  to  surface 
normal  c-axis.  In  spite  of  the  annealing  at  830°C,  a  small  amount  of  Bi2Sr2CuOx  (Bi2201  : 
quenched  liquid)  still  remained  in  thick  films.  Figure  5  shows  a  plot  of  resistance  versus 
temperature  of  the  specimen  of  Figure  3.  Zero-resistance  was  obtained  at  58  K,  which  is  lower 
than  the  optimal  for  Bi2212.  It  indicates  that  a  liquid  phase  is  present  at  the  grain  boundary  of 
Bi2212.  Figure  6  shows  the  XRD  patterns  of  the  samples,  after  screen-printing  the  211  precursor 
once,  twice,  and  thrice  respectively  on  copper  plate  and  heat-treating  at  870°C  for  36  sec.  In  the 
one  time  screen-printed  sample,  the  dominant  phase  was  the  Bi2212  and  had  its  c-axis  well- 
aligned  perpendicular  to  the  surface.  In  the  samples  screen-printed  two  and  three  times,  Bi2212 
phase  was  not  detected  and  a  small  amount  of  Bi2201  and  a  large  amount  of  CuO  were  detected. 


2  Theta 


Figure  6.  XRD  patterns  for  the  specimen  of  Cu/B^SrCaOx  calcination  powder  heat-treated  at 
870  V  for  36  sec  in  air  :  (a)  l  time  printing,  (b)  2  times  printing,  (c)  3  times  printing 
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Figure  7  shows  a  plot  of  the  resistance  versus  temperature  of  the  thick  film  prepared  by 
screen-printing  the  Bii.sSrCaOx  precursor  on  copper  and  annealing  at  845  °C  for  50  sec  in  air. 
Zero-resistance  was  obtained  at  74  K.  Figure  8  shows  a  plot  of  the  resistance  versus  temperature 
of  the  thick  film  prepared  by  screen-printing  the  Bii.3SrCaOx  precursor  on  copper  and  annealing 
at  855  °C  for  50  sec  in  air.  Zero-resistance  temperature  was  78  K,  which  is  higher  than  that  of  the 
thick  film  that  used  the  Bii.5SrCaOx  precursor.  The  lower  Bi  composition  of  precursor  powder 
resulted  in  the  higher  critical  temperature  (Tc).  But  the  lower  Bi  composition  generally  cause  the 
weaker  bonding  strength  between  copper  and  thick  films  and  the  poorer  c-axis  alignment. 


Figure  7.  Electric  resistance  vs.  temperature 
graph  of  Cu/Bij.5SrCaOx  mixture  powder  heat- 
treated  at  845  V  for  50  sec  in  air. 


Figure  8.  Electric  resistance  vs.  temperature 
graph  of  Cu/BiuSrCaOx  mixture  powder  heat- 
treated  at  855  V  for  50  sec  in  air. 


Figure  9.  Electric  resistance  vs.  temperature  graph  of  Cu/BiuSrCaOx  mixture  powder  heat- 
treated  at  870  V  for  50  sec  in  12N2+O2(solid),  air(dot),  and  02(dash),  respectively. 
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Figure  9  shows  a  plot  of  the  resistance  versus  temperature  of  the  thick  film  prepared  by 
screen-printing  the  Bii  3SrCaOx  precursor  on  copper  and  annealing  at  870 'C  for  50  sec  in 
I2N2+O2  (solid),  air  (dot),  and  O2  (dash),  respectively.  In  the  previous  reports  on  the  effect  of 
the  O2  partial  pressure  [6,7],  it  was  concluded  that  an  increase  of  the  O2  partial  pressure 
decreases  the  partial  melting  temperature  of  the  Bi2212  phase.  Also  in  this  study,  the  lower  02 
partial  pressure  in  annealing  atmosphere  caused  the  large  amount  of  the  liquid  phase  to  remain  in 
the  heat-treated  thick  films  as  shown  in  Figure  8.  Electric  resistance  versus  temperature  graph  of 
the  thick  film  annealed  in  N2  showed  an  amorphous  property. 

CONCLUSIONS 

Well  oriented  Bi2Sr2CaCu208(Bi2212)  superconductor  thick  films  were  fabricated 
successfully  on  inexpensive  copper  tapes  by  liquid  reaction  between  Cu-ffee  precursors  and  Cu 
tapes.  The  use  of  Bi  in  excess  of  the  Bi2212  stoichiometry  was  crucial  for  the  formation  of  a 
superconducting  Bi-Sr-Ca-Cu-0  layer  under  the  present  heat  treatment  condition. 
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ABSTRACT 

A  study  of  the  growth  morphology  and  electronic  structure  of  TaOx  films  on  the  Ag(100) 
substrate  has  been  performed  to  determine  the  properties  of  ultra-thin  TaOx  films  without  the 
influence  of  a  mixed  interfacial  oxide  (i.e.,  a  disordered  Si02/TaOx  interface  for  growth  on  Si). 
The  TaOx  films  were  grown  by  thermal  evaporation  of  Ta  in  an  oxygen  atmosphere  of  1  x  10'6 
Torr.  Growth  on  a  Ag(100)  surface  held  at  room  temperature  results  in  an  amorphous  TaOx 
overlayer,  as  determined  by  low  energy  electron  diffraction.  The  onset  of  ordering  of  these  films 
occurs  for  a  post-anneal  at  -500  °C.  A  diffraction  pattern  that  corresponds  to  a  multi-domain 
overlayer  structure  is  observed  for  anneals  at  -550  °C.  Deposition  of  Ta  without  oxygen  results 
in  the  formation  of  Ta  islands.  These  results  indicate  that  there  is  a  very  weak  adsorbate- 
substrate  interaction.  Photoemission  measurements  of  the  TaOx  films  show  the  formation  of  a 
band  gap  with  the  valence  band  maximum  residing  at  3.5  eV  below  the  Fermi  level.  Core  level 
shifts  of  -3.5  eV  are  observed  for  the  Ta  with  no  indication  of  metallic  Ta  at  the  surface. 

INTRODUCTION 

As  device  sizes  in  integrated  circuits  continue  to  shrink,  high  dielectric  constant  metal-oxides 
such  as  tantalum  oxide  are  beginning  to  replace  Si02  for  use  in  the  capacitive  elements  and  field 
effect  transistors  of  these  circuits. [1-6]  For  a  1  Gbyte  DRAM,  it  is  estimated  that  feature  sizes  of 
0.1  pm  and  dielectric  thicknesses  of  <  5  nm  are  necessary.  Within  this  thickness  regime,  direct 
tunneling  through  Si02  can  occur,  resulting  in  excessive  dissipation  in  the  circuit.  The 
capacitance  of  a  parallel  plate  capacitor  is  given  by  c  =  kCoA/d,  where  k  is  the  dielectric  constant, 
e0  is  the  permittivity  of  free  space,  A  is  the  lateral  area  of  the  capacitor,  and  d  is  the  oxide 
thickness.  Therefore,  the  same  amount  of  charge  can  be  stored  with  a  lower  operating  voltage  by 
increasing  the  dielectric  constant  of  the  oxide.  By  lowering  the  operating  voltage,  tunneling 
through  the  oxide  is  dramatically  reduced.  In  addition,  the  lateral  size  of  the  capacitive  elements 
can  be  reduced  while  maintaining  the  same  capacitance  by  increasing  the  dielectric  constant  of 
the  oxide,  resulting  in  a  much  higher  device  density.  Tantalum  oxide  films  have  shown  the  most 
promise  for  replacing  Si02  films  for  these  applications  because  of  the  compatibility  with  silicon 
process  technology.  The  dielectric  constant  of  tantalum  pentoxide  (Ta205),  the  most  stable  form 
of  tantalum  oxide,  is  k  -  25  as  compared  to  k  -  4  for  Si02. 

One  of  the  key  issues  in  using  tantalum  oxide  for  silicon  based  integrated  circuits  is  the 
leakage  current  density  of  the  TaOx  films.  This  leakage  depends  on  the  crystalline  structure  of 
the  films  and  the  nature  of  defects  within  the  films. [3,7]  The  most  common  technique  for 
growing  TaOx  films  is  by  chemical  vapor  deposition  (CVD).  This  results  in  conformal  films 
over  complex  geometries;  however,  CVD  grown  films  have  a  rather  large  defect  density, 
primarily  oxygen  deficiencies  and  carbon  impurities.  Films  deposited  by  sputter  deposition  of 
TaOx  typically  have  a  lower  density  of  impurities  but  are  non-conformal  and  have  a  high  number 
of  structural  defects.  The  best  control  of  crystalline  quality  is  usually  achieved  by  growing  films 
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using  molecular  beam  epitaxy  (MBE)  techniques  (e.g.,  thermal  evaporation  of  tantalum  in  an 
oxygen  atmosphere).  The  main  drawback  of  this  technique  is  the  formation  of  an  interfacial 
Si02  layer.  [6]  This  can  be  reduced  by  depositing  tantalum  without  oxygen,  followed  by 
oxidation  of  the  tantalum  film. [5]  However,  this  results  in  a  film  with  a  much  higher  number  of 
structural  defects.  In  fact,  for  all  of  these  growth  techniques,  there  will  be  some  degree  of  Si02 
formation  at  the  interface. 

Although  tantalum  oxide  shows  promise  for  replacing  Si02  for  many  thin  film  applications, 
the  basic  electronic  properties  of  the  various  crystallographic  forms  of  tantalum  oxide  are  not 
well  understood.  This  is  primarily  due  to  the  fact  that  high  quality  bulk  crystals  of  tantalum 
oxide  are  not  commercially  available.  In  addition,  the  insulating  nature  of  tantalum  oxide  would 
make  it  difficult  to  study  bulk  crystals  using  either  electron  or  ion  spectroscopies.  One  technique 
that  has  been  used  to  study  the  properties  of  insulating  metal  oxides  is  to  grow  the  metal  oxide  as 
a  thin  film  on  a  noble-metal,  single-crystal  substrate.  [8]  The  noble-metal  substrate  can  act  as  a 
template  to  induce  order  in  the  metal  oxide  overlayer,  without  forming  a  mixed  interfacial  oxide. 
If  the  metal  oxide  film  is  thin  enough  (less  than  -5  nm),  any  excess  charge  induced  during  ion  or 
electron  spectroscopies  will  tunnel  into  the  metallic  substrate.  In  this  study,  the  growth 
morphology  and  electronic  properties  of  tantalum  oxide  films  on  a  Ag(100)  substrate  have  been 
examined.  Since  silver  does  not  oxidize  at  the  oxygen  pressures  and  temperatures  used  for  the 
growth  of  the  TaOx  films,  the  effect  of  the  ordered  Ag(100)  substrate  on  the  crystal  structure  of 
the  TaOx  films  can  be  determined  directly. 

There  are  three  stable  crystal  forms  for  tantalum  oxide:  TaO,  Ta02,  and  Ta2Os.  The  most 
stable  form  of  tantalum  oxide  is  generally  considered  to  be  Ta205.  It  crystallizes  in  the  vanadium 
oxide  (V205)  structure.  This  forms  an  orthorhombic  lattice  with  lattice  parameters  of  a0  =  6.2  A, 
b0  =  3.7  A,  c0  =  3.9  A. [9]  The  crystal  structure  of  Ta02  is  the  rutile  structure.  This  forms  a 
tetragonal  lattice  with  lattice  parameters  of  a,,  =  4.7  A  and  c0  =  3.1  A.[10]  The  crystal  structure 
of  TaO  is  the  rocksalt  structure,  which  is  a  face  centered  cubic  (fee)  lattice  with  a  two  atom  basis. 
Its  lattice  parameter  is  a0  =  4.4  A. [10].  Either  TaO  or  Ta02  can  be  formed  when  growing 
tantalum  oxide  under  oxygen  deficient  conditions.  The  primary  goal  of  this  study  is  to  examine 
the  properties  of  Ta205.  This  proves  somewhat  problematic  when  trying  to  find  a  lattice  matched 
noble-metal  substrate  since  there  are  no  noble  metals  with  an  orthorhombic  symmetry.  Since 
silver  is  a  fee  crystal  with  a  lattice  parameter  of  a0  =  4.1  A,  the  closest  match  of  Ta205  with 
Ag(100)  would  be  with  the  b-c  plane  of  the  Ta205  that  is  rotated  by  45’.  This  would  result  in  a 
tensile  strain  of  the  overlayer  of  ~7%. 

EXPERIMENT 

These  experiments  were  performed  at  the  CAMD  synchrotron  in  Baton  Rouge,  Louisiana. 
The  growth  and  characterization  of  the  films  were  performed  in  an  ultra-high  vacuum  (UHV) 
chamber  with  a  base  pressure  of  2  x  10' 10  Torr.  The  TaOx  films  were  grown  by  thermal 
evaporation  of  Ta  in  an  oxygen  atmosphere  of  1  x  10'6  Torr.  The  Ta  was  evaporated  from  a  0.5 
mm  Ta  filament  connected  to  two  high  current  feedthrus  and  shielded  with  Ta  foil.  A  shutter 
connected  to  a  rotary  motion  feedthru  was  used  to  control  deposition  times.  After  outgassing  of 
the  Ta  source,  the  base  pressure  of  the  system  remained  in  the  high  10'10  Torr  range  during 
deposition  of  the  Ta.  The  deposition  rates  of  the  Ta  were  monitored  with  a  quartz  crystal 
microbalance.  It  is  estimated  that  the  film  thicknesses  are  accurate  to  ±20%.  The  dosing  rate  for 
the  Ta  was  kept  at  ~2  A/min. 

The  clean  Ag(100)  surface  was  prepared  by  sputtering  the  crystal  with  Ne  at  an  energy  of  1 
keV,  followed  by  annealing  for  ~15  min  at  ~5G0  SC  in  UHV.  The  crystal  was  mounted  on  an 
X,Y,Z  manipulator  that  allows  two  rotational  axes  for  the  crystal.  The  structure  of  the  clean 
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Ag(lOO)  surface  and  the  Ta  and  TaOx  films  was  monitored  by  low  energy  electron  diffraction 
(LEED).  The  electronic  structure  of  the  films  was  monitored  by  angle-resolved  ultra-violet 
photoelectron  spectroscopy  (UPS).  The  UHV  system  incorporates  a  hemispherical  analyzer 
mounted  on  a  two-axis  goniometer.  The  measurements  were  performed  at  the  plane  grating 
monochromator  (PGM)  beamline.  The  overall  energy  resolution  of  the  system  is  estimated  to  be 
~0.5  eV  for  the  measurements  presented  in  this  study. 

RESULTS 

The  LEED  pattern  of  the  clean  Ag(100)  surface  exhibited  sharp  LEED  spots  with  a  square 
symmetry,  which  indicates  that  the  surface  is  well  ordered  and  not  reconstructed.  Growth  of 
TaOx  on  a  Ag(100)  substrate  held  at  room  temperature  (RT)  results  in  an  attenuation  of  the 
Ag(100)  LEED  spots  and  an  increase  of  the  diffuse  background.  After  -5  A  of  Ta  has  been 
deposited  in  an  oxygen  atmosphere,  all  of  the  LEED  spots  disappear,  leaving  only  a  diffuse 
background.  This  indicates  that  the  TaOx  forms  a  uniform  disordered  overlayer  for  growth  on 
the  Ag(100)  substrate  held  at  RT.  In  order  to  induce  order  in  the  TaOx  films,  the  films  were 
annealed  at  various  temperatures  while  monitoring  the  LEED.  The  onset  of  order  was  observed 
at  -500  DC.  At  this  temperature,  broad  LEED  spots  appear.  At  -550°C,  a  sharp  12  spot  LEED 
pattern  was  observed.  However,  there  still  remained  a  large  amount  of  diffuse  background.  This 
indicates  the  formation  of  a  multi-domain  overlayer  structure  with  a  great  deal  of  disorder 
between  crystallites.  The  highest  temperature  that  the  sample  holder  could  achieve  was  -550  °C. 
Annealing  to  higher  temperatures  would  presumably  reduce  the  diffuse  background  further  by 
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FIG.  1.  Normal  emission  UPS  spectra  of  the  clean  Ag(l00)  surface,  -10  A  Ta  deposited  on  the  Ag(100)  surface 
at  RT,  and  ~10  A  Ta  deposited  in  an  oxygen  atmosphere  of  1  x  10'6  Torr  at  RT.  All  spectra  were  taken  with  a 
photon  energy  of  140  eV. 
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coalescing  the  crystallites.  At  this  time  the  crystal  structure  of  the  crystallites  from  the  LEED 
pattern  observed  after  the  anneal  to  ~550  °C  has  not  been  determined. 

Growth  of  Ta  without  a  background  pressure  of  oxygen  resulted  in  an  increase  in  the  diffuse 
background  of  the  LEED  pattern,  but  the  original  square  symmetry  of  the  LEED  remained 
through  several  monolayers  of  Ta  deposition.  In  order  to  better  understand  these  LEED  results, 
overview  UPS  spectra  were  taken  at  a  photon  energy  of  140  eV  for  Ag(100),  Ta/Ag(100)  and 
Ta°  /Ag(1°0)  as  shown  in  Fig.  1.  For  the  clean  Ag(100)  spectrum,  the  emission  from  the  filled 
Ag-4d  band  is  observed  from  4eV  to  8  eV  below  the  Fermi  level,  and  a  broad  feature  between  54 
ev  and  66  eV  that  corresponds  to  the  Ag-4p  emission  is  also  observed.  The  spectrum  for  a  10  A 
Ta  film  shows  emission  features  of  the  Ta-5d  that  cross  the  Fermi  level  and  the  4f  core  emission 
centered  at  ~24  eV  below  the  Fermi  level.  In  addition  to  the  Ta  features,  the  Ag-4d  emission  can 
clearly  be  seen.  Since  10  A  of  Ta  corresponds  to  -4  ML,  the  observation  of  Ag  features 
indicates  that  the  Ta  is  forming  islands  on  the  surface,  which  leaves  bare  regions  of  Ag. 
Otherwise,  no  Ag  features  should  be  observed  since  the  mean  free  path  for  electrons  with  these 
kinetic  energies  should  be  less  than  10  A.  Another  possible  explanation  for  the  observation  of 
Ag  emission  features  is  that  the  Ta  is  alloying  with  the  Ag.  However,  Ag  and  Ta  do  not  form 
bulk  alloy s.[  11]  The  spectrum  of  TaOx  grown  by  deposition  of  10  A  of  Ta  in  an  oxygen 
atmosphere  of  1  x  10'  Torr  at  RT  shows  no  Ag  emission  features.  This  provides  evidence  that 
the  TaOx  is  forming  a  uniform,  disordered  overlayer  at  RT.  Apparently,  the  presence  of  oxygen 
at  the  surface  is  sufficient  to  reduce  the  mobility  of  the  Ta  at  RT  so  that  islands  do  not  form.  No 
emission  is  observed  at  the  Fermi  level,  which  indicates  that  there  is  no  unoxidized  Ta.  In 
addition,  there  is  a  ~3.5  eV  shift  in  the  Ta  core  emissions.  The  full  width  at  half  maximum  of  the 
Ta~4f  emission  is  approximately  the  same  before  and  after  oxidation.  Therefore,  the  most 
probable  stoichiometry  of  the  overlayer  is  a  fully  oxidized  Ta205.  Otherwise,  significant 
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Fig  2.  Normal  emission  UPS  spectra  taken  at  photon  energies  ranging  from  40  eV  to  80  eV  for  (a)  the  clean 

Ag(100)  surface  and  (b)  ~I0  A  of  Ta  deposited  in  an  oxygen  atmosphere  of  1  x  1C6  Torr  at  RT  followed  by  an 
anneal  to  -550  C. 
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broadening  of  the  Ta-4f  emission  would  occur  due 
to  a  mixed  oxidation  state  of  the  Ta. 

In  order  to  determine  the  electronic  structure 
of  the  films,  UPS  spectra  were  taken  at  normal 
emission  as  a  function  of  incident  photon  energy 
as  shown  in  Fig.  2.  Since  ku  is  zero  (normal 
emission),  the  bulk  dispersion  can  be  determined. 

As  seen  in  Fig.  2(a),  the  emission  from  the  4d 
band  of  the  Ag  exhibits  quite  a  bit  of  structure 
between  4  eV  and  8  eV.  These  states  disperse  as 
a  function  of  increasing  photon  energy,  which  is 
expected  for  a  well  ordered  three-dimensional 
crystal.  UPS  spectra  for  a  TaOx  film  that  was 
grown  by  deposition  of  10  A  of  Ta  in  an  oxygen 
atmosphere  at  RT  followed  by  an  anneal  at 
~550  °C  is  show  in  Fig.  2(b).  The  onset  of  the 
valence  band  emission  occurs  at  3.5  eV  below  the 
Fermi  level.  Previous  measurements  have 
determined  that  the  band  gap  of  Ta205  is 
~5eV.[12,13]  Therefore,  the  conduction  band 
minimum  is  estimated  to  be  ~1.5  eV  above  the 
Fermi  level.  Very  little  structure  is  resolved 
within  the  valence  band  emission,  and  these  states  are  not  observed  to  disperse.  These  results  are 
expected  for  a  multi-domain  overlayer  structure  with  considerable  disorder. 

Since  the  highest  temperature  that  the  heating  system  for  the  sample  holder  could  achieve 
was  ~550  °C,  an  attempt  was  made  to  create  a  better  ordered  TaOx  film  by  depositing  the  Ta  in 
an  oxygen  atmosphere  onto  the  Ag(100)  crystal  held  at  an  elevated  temperature.  At  ~300  C, 
this  resulted  in  only  a  slight  increase  in  the  diffuse  background  of  the  LEED  with  almost  no 
attenuation  of  the  Ag(100)  LEED  spots.  The  UPS  spectrum  for  this  overlayer  taken  at  a  photon 
energy  of  80  eV  is  shown  in  Fig  3.  As  compared  to  the  clean  Ag(100)  spectrum,  there  is  only  a 
slight  attenuation  of  the  Ag  4d  emission.  This  indicates  that  the  mobility  of  the  Ta  has  increased 
sufficiently  to  cause  the  Ta  to  island  at  this  temperature,  even  with  the  presence  of  oxygen  at  the 
surface.  In  comparison,  deposition  of  ~15  A  of  Ta  without  oxygen  onto  the  Ag(100)  crystal  held 
at  -130  °C  is  shown  in  Fig.  3.  The  Ta  5d  valence  emissions  are  observed  just  below  the  Fermi 
level,  and  the  attenuated  emissions  from  the  Ag  4d  band  are  observed  between  4  eV  and  7  eV. 
This  indicates  that  the  Ta  is  mobile  enough  at  this  low  temperature  to  form  islands. 

CONCLUSIONS 

The  high  mobility  of  the  Ta  atoms  on  the  Ag(100)  substrate  indicates  that  there  is  a  very  low 
adsorbate-substrate  interaction.  The  presence  of  oxygen  in  the  system  reduces  the  mobility  of 
the  Ta  sufficiently  to  result  in  the  formation  of  a  uniform  TaOx  overlayer  at  RT.  However,  the 
interaction  of  the  TaOx  and  the  Ag(100)  is  rather  weak  and  does  not  play  much  of  a  role  in 
determining  the  temperature  at  which  the  TaOx  begins  to  order.  Since  the  TaOx  films  grown  on 
silver  should  be  free  of  contamination  from  the  substrate,  500  °C  can  be  taken  as  an  estimate  of 
the  lower  limit  for  the  onset  of  crystallization  of  TaOx  films.  For  instance,  TaOx  films  grown  by 
CVD  processes  on  Si(100)  are  contaminated  to  some  degree  with  carbon  and  silicon  and  begin  to 
crystallize  at  a  temperatures  around  700  °C  [2,3].  On  the  other  hand,  a  previous  study  of  the 
growth  of  TaOx  on  Si(100)  using  MBE  techniques  showed  that  the  overlayer  began  to  order  at 


FIG  3.  Normal  emission  UPS  spectra  taken  at  a 
photon  energy  of  80  eV  for  the  clean  Ag(100) 
surface,  ~10  A  Ta  deposited  in  an  oxygen 
atmosphere  at  -300  °C,  and  -15  A  Ta  deposited 
without  oxygen  at  -130  “C. 
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520  C  [6].  Secondary  ion  mass  spectroscopy  (SIMS)  measurements  of  these  films  give 
evidence  for  an  abrupt  TaOx/Si02  interface  with  no  diffusion  of  Si  into  the  tantalum  oxide  film. 

For  the  deposition  rate  and  oxygen  pressure  used  in  this  study,  the  TaOx  films  were  fully 
oxidized.  The  UPS  spectra  show  a  clear  band  gap,  and  a  core  level  shift  of  ~3.5  eV  is  observed 
for  the  Ta  emissions  with  no  broadening  after  oxidation.  These  results  give  evidence  that  the 
Ta205  phase  of  tantalum  oxide  is  being  formed.  The  onset  of  valence  emission  observed  in  the 
UPS  spectra  of  the  TaOx  films  is  3.5  eV  below  the  Fermi  level.  However,  the  position  of  the 
Fermi  level  may  be  sensitive  to  the  defect  density  of  the  TaOx  films.  Since  the  position  of  the 
Fermi  level  as  a  function  of  the  order  of  the  TaOx  films  was  not  measured  in  this  study,  a  direct 
comparison  of  the  position  of  the  Fermi  level  for  films  grown  on  Ag  and  Si  has  not  been 
attempted. 
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ABSTRACT 

Direct  synthesis  from  aqueous  solution  (DSAS)  is  the  method  for  synthesizing  ceramic  ox¬ 
ides  in  crystalline  state  directly  from  aqueous  solution  at  ordinary  temperature  and  ordinary 
pressure.  DSAS  is  advantageous  because  of  the  applicability  to  making  films  with  wide  areas 
and/or  complicated  shapes  with  no  requirement  of  vacuum  or  high  temperature.  Micro  pattern¬ 
ing  of  materials  having  high  dielectric  constant  is  important  for  manufacturing  electronic  de¬ 
vices  such  as  dynamic  random  access  memory,  ferroelectric  random  access  memory  and  so  on. 

By  using  DSAS,  Ti02  thin  film  was  formed  on  the  glass  plate  surface  where  micro  pattern  had 
been  printed  by  commercial  organic  photoresist  material.  Then  the  resist  material  was  dissolved 
off  by  acetone  or  ethanol  with  the  Ti02  thin  film  just  on.  From  SEM  observation,  it  is  indicated 
that  micro  pattern  of  Ti02  thin  film  transcribing  the  resist  pattern  with  minimum  line  width  of  1 
H m  was  obtained.  This  method  will  be  applicable  to  the  construction  of  highly  integrated  dielec¬ 
tric  devices. 

INTRODUCTION 

The  downsizing  of  the  electronic  devises  are  actively  developed  in  order  to  increase  the 
accumulation.  Because  the  electric  capacity  of  silicon  is  going  to  be  short  with  the  downsizing, 
the  usage  of  ceramics  having  high  dielectric  constants  for  electric  devises,  such  as  dynamic 
random  access  memory  (DRAM),  ferroelectric  random  access  memory  (FeRAM)  and  so  on,  is 
investigated  eagerly.  Micro  patterning  of  the  ceramics  is  important  for  the  production  of  the 
electronic  devices.  Plasma  etching  is  used  for  forming  micro  pattern  of  the  ceramics,  however, 
expensive  vacuum  equipment  is  required  and  the  production  efficiency  is  restricted. 

Direct  synthesis  from  aqueous  solution  (DSAS)  is  the  method  for  synthesizing  ceramic  ox¬ 
ides  in  crystalline  state  directly  from  aqueous  solution  at  ordinary  temperature  and  ordinary 
pressure[l,2].  DSAS  is  advantageous  because  of  the  applicability  to  making  films  with  wide 
areas  and/or  complicated  shapes  with  no  requirement  of  vacuum  or  high  temperature,  and  be¬ 
cause  of  lower  cost.  In  this  study,  we  have  formed  micro  pattern  of  Ti02  thin  film  by  using 
DSAS  and  transcription  of  the  resist  pattern. 

EXPERIMENT 

We  have  considered  that  the  chemical  equilibrium  between  hexafluorotitanate  ion  and  tita¬ 
nium  oxide  will  hold  as  in  reaction(l), 

TiF/  +2H20  ^  Ti02  +  6F  +  4H+  (1)  (1) 

and  that,  when  boric  acid  is  added,  the  fluoride  ion  is  consumed  by  reaction  (2) 

B033‘  +  4F  +  6H+  -*  BF4 +3H20  (2)  (2) 

then  the  chemical  equilibrium  in  reaction  (1)  is  shifted  from  left  to  right  in  order  to  increase  the 
amount  of  fluoride  ion,  resulting  in  the  formation  of  titanium  oxide. 

We  prepared  a  glass  plate  on  which  surface  micro  pattern  with  minimum  line  width  of  1  pim 
had  been  printed  by  commercial  organic  photoresist  material  (AZ1500,  Hekist  Corp.).  Ammo- 
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“  m  .Tin  nium  hexafluorotitanate  :  (NH.).TiF,  was  dissolved 

•  w  ’  ^  '  in  distilled  water.  The  glass  plate  was  soaked  in  the 

solution  as  the  substrate.  We  added  boric  acid  to  the 
\  solution.  After  the  soaking,  the  substrate  was  washed 

^  with  distilled  water  and  dried  at  room  temperature. 

\*.  W  /a\  No  heat  treatment  was  conducted.  We  name  this 

'  soaking  operation  as  the  first  soak.  Then  the  glass 

^**+*~*  plate  was  soaked  in  acetone  or  ethanol  for  30  to  60 
.|T  Nl  min.  with  ultrasonic  vibration,  which  we  name  as 

g  Sl  the  second  soak.  The  surface  of  the  glass  plate  was 

c  A.  /u\  analyzed  by  a  thin-film  X-ray  diffraction  [TF-XRD] 

~  ^  (RIWT-2500,  Rigaku  Co.,  Tokyo,  Japan).  Gold  film 

was  coated  on  the  surface  of  the  substrate,  and  scan¬ 
ning  electron  microscopic  images  were  observed 
with  a  scanning  electron  microscope  [SEM]  (ESEM- 
2700,  Nikon  Co.,  Tokyo,  Japan). 

L _ JL_^JL  RESULTS  and  DISCUSSION 

,  I  i  I  ,  I  ,  I  ,  I  i  1  Characteristic  peaks  for  anatase  Ti02  were  ob- 

20  30  40  50  served  in  TF-XRD  patterns  for  the  glass  plate  after 

0  _  the  first  soak  (Fig.  1).  The  intensity  of  the  004  re- 

2U(CuKa)/  flection  was  the  strongest.  The  orientation  of  (00 1 ) 

FIG.  1  (a)  TF-XRD  patterns  of  Plane  is  indicated.  In  Fig.  2,  SEM  micrograph  of 

the  glass  plate  after  the  first  the  surface  of  the  glass  plate  is  given.  The  glass  plate 

soak,  (b)  TF-XRD  patterns  of  was  coated  with  dense  and  homogeneous  Ti02  thin 

the  glass  plate  not  soaked,  (c)  film  with  around  0.2  /im  thickness.  This  film  was 

Powder  XRD  pattern  of  reagent  as  hard  as  6H  to  7H  pencils  and  attached  to  the  glass 

TiOz  (anatase).  surface  strongly.  In  Fig.  3,  SEM  micrograph  of  the 

glass  plate  after  the  second  soak  is  given.  The  resist 
material  was  dissolved  off  with  TiO  film  just  on 
and  the  micro  pattern  of  Ti02  thin  film  transcribing  the  resist  pattern  was  obtained.  Various 
micro  pattern  of  TiO,  thin  film  are  shown  in  Fig.  4.  The  minimum  line  width  of  the  pattern  was 
1  pim.  In  Fig.  5,  60  tilted  SEM  view  of  Ti02  thin  film  was  given.  It  is  confirmed  that  the 
boundaries  are  clearly  outlined. 


FIG.  2  SEM  micrograph  of  the  surface 
of  the  glass  plate  after  the  first  soak. 


FIG.  3  SEM  micrograph  of  the  surface 
of  the  glass  plate  after  the  second  soak. 
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FIG.  4  Various  micro  pattern  of  TiO. 
pattern  was  1  pim. 


'fp  iH f  ^  ^ 

JVj*  •* ,  -.V.  V  3 


in  film.  The  minimum  line  width  of  the 


FIG.  5  60°  tilted  SEM  view  of  Ti02  thin  film. 


CONCLUSION 

TiO,  thin  film  was  formed  on  the  glass  plate  with  micro  pattern  printed  by  resist  material  by 
using  DSAS.  The  resist  material  was  dissolved  off  with  TiO,,  film  just  on  by  soaking  in  acetone 
or  ethanol  and  the  micro  pattern  of  TiO  thin  film  transcribing  the  resist  pattern  was  obtained 
with  the  minimum  line  width  of  1  }im.  This  method  is  promising  for  producing  micro  pattern  of 
ceramics  having  high  dielectric  constants  for  electric  devises. 
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